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CHAPTER 1

MAGNETRON SPUTTERED HARD AND YET TOUGH
NANOCOMPOSITE COATINGS WITH CASE STUDIES:
NANOCRYSTALLINE TiN EMBEDDED IN
AMORPHOUS SiN,

Sam Zhang®, Deen Sun and Xuan Lam Bui

School of Mechanical and Aerospace Engineering
Nanyang Technological University
50 Nanyang Avenue, Singapore 639798
*msyzhang@ntu. edu.sg

1. Introduction

Nanocomposite thin films comprise at least two phases, a nanocrystalline
phase and a matrix phase, where the matrix can be either nanocrystalline
or amorphous phase. The general characteristics of nanocomposite coating
are a host material with another material homogenously embedded in it,
with one (or both) of these materials having a characteristic length scale of
1-100nm as schematically illustrated in Fig. 1.1.

An example is given in Fig. 1.2 where 10~20nm (TiCr) C,N, crys-
tals were embedded into a diamond-like carbon (DLC) matrix to reach a
hardness of 40 GPa [1].

Nanocomposite thin films represent a new class of materials which
exhibit special mechanical [2—4], electronic [5, 6] magnetic [7] and opti-
cal properties due to their size-dependent phenomena [8-10]. Recently it
attracted increasing interest due to the endless possibilities of the synthe-
sizing materials of unique properties. By convention, hard materials usually
refer to materials with Vickers hardness less than 40 GPa, and superhard
materials with Vickers hardness exceeding 40 GPa. Hard and superhard
two- and multiphase thin films exhibit high hardness significantly exceed-
ing that given by the rule of mixture, i.e.

aH(A) + bH(B)

H(A.By) = s

, (L1)
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S |
50 "’ﬂ%' €— Matrix

(] O %
\ Nanocrystalline
—

Fig. 1.1. Schematic diagram of nanocomposite coating microstructure, showing
nanocrystalline phase embedded in matrix.

Fig. 1.2. Transmission electron microscopy (TEM) photo of TiCrCN nanocompos-
ite film showing nanosize TiCrCN crystals embedded into the amorphous DLC
matrix [1].

where H(A) is the hardness of pure A, H(B) the hardness of pure B. a is
the composition of A in the mixture and b is the composition of B in the
mixture. H(A,By) is the hardness of the mixture.

The use of coated materials in engines, machines, tools and other wear-
resistant components is steadily increasing and has achieved a high level of
commercial success, compared to the common non-coated materials such as
steel [11]. Wear-resistant, superhard thin films for high speed dry machin-
ing would allow the industry to increase the productivity of expensive auto-
mated machines and to save on the high costs presently needed for envi-
ronmentally hazardous coolants. Depending on the kind of machining, the
recycling costs of these coolants amount to 10-40% of the total machining
costs. For example, in Germany alone, these costs can be close to one billion
US dollars per year [11,12].
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2. Deposition
2.1. Design of Microstructure

In conventional bulk materials, refining grain size is one of the possibilities
for hardness increase. The same is true for films or coatings. With a decrease
in grain size, the multiplication and mobility of the dislocations are hin-
dered, and the hardness of materials increases according to the Hall-Petch
relationship [13,14]:

H(d) = Hy+ Kd /2, (2.1)

where H is hardness, K is a constant and d the grain size. This effect is
especially prominent for grain size down to tens of nanometers. However,
dislocation movement, which determines the hardness in conventional mate-
rials, has little effect when the grain size is less than approximately 10 nm.
At this size scale, further reduction in grain size brings about a decrease in
hardness (Fig. 2.1) because of grain boundary sliding [15]. Softening caused
by grain boundary sliding is mainly attributed to large amount of defects in
grain boundaries, which allow fast diffusion of atoms and vacancies under

— Nanomaterials

n
7/}
@
=
T . _—
g Optimum grain size
==
Conventional
grain size
material

Amorphous

/

]
1
]
!
L L 1111 [

L Ll

0.001um 0.0lum 0.lum lum 10um 100um
Grain size

Fig. 2.1. Hardness of material as a function of grain size. When grain size is greater
than the optimum value, with a decrease in grain size, hardness increases (Hall-Petch
relationship). When grain size is less than the optimum value, with a decrease in grain
size, hardness decreases (anti-Hall-Petch relationship) [16].
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stress [16,17]. As such, further increase in hardness requires hindering of
grain boundary sliding. This can be realized through proper microstruc-
tural design, i.e. by increasing the complexity and strength of grain bound-
aries [18]. Multiphase structures are expected to have interfaces with high
cohesive strength, since different crystalline phases often exhibit different
sliding systems and provide complex boundary to accommodate a coher-
ent strain, thus preventing the formation of voids or flaws [19]. A variety
of hard materials can be used in nanocomposite coating microstructural
design. Figure 2.2 shows potential hard materials.

Apart from hardness, good mechanical properties also include high
toughness. High toughness can be obtained in nanocomposite thin films
through the nanosize grain structure as well as deflection, meandering
and termination of nanocracks [21]. Veprek proposed a design concept for
novel superhard ceramic/ceramic nanocomposite coatings with high tough-
ness [2,12,22]. In this design, multiphase structure is used to maximize
the interface complexity and ternary or quaternary systems with strong
tendency of segregating into binary compounds used to form sharp and
strong interface in order to avoid grain boundary sliding [15]. The crystal-
lite size is controlled to approximately 3-4nm and the separation distance
between crystallites maintained at less than 1 nm. Based on this design con-
cept, Veprek and co-workers prepared nc-TiN/a-SizNy/a- & ne-TiSiy [23],

Strength
Hardness

Covalent hard materials

Adhesion Stability
Toughness Inertness

Fig. 2.2. Hard materials for nanocomposite coatings in the bond triangle and changes
in properties with the change in chemical bonding. They include: (1) covalent bond-
ing materials with high hardness and high temperature strength, (2) metallic bonding
materials with good adhesion and toughness, and (3) ionic bonding materials with good
stability and inertness [20].
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nc-TiN/a-SigNy [24], nc-W3N/a-SizsNy [25], ne-VN/a-SigNy [26], ne-TiN/a-
BN [27] and nc-TiN/a-BN/a-TiB; [28] superhard nanocomposite coatings
by means of plasma CVD. In nc-TiN/a-SisNy/a- & nc-TiSi; nanocom-
posite coating system, TiN nanocrystals were embedded in amorphous
SizNy (existing in grain boundary). Also existing in grain boundaries were
amorphous TiSiy and crystallite TiSiy (Fig. 2.3). An ultrahigh hardness (H,
exceeding 100 GPa [23]) was obtained for this system. In addition, the
indentation test did not induce microcracks, indicating good toughness.
The authors attributed the toughness enhancement to the lack of large
stress concentration at the tip of the crack due to the nanoscale of the
crystals. In fact, the stress concentration factor at the tip can be estimated

through [29]
i [c/2
_Jtip 1+2 i, (2.2)
Oapplied r
where ¢ is crack length and r crack tip radius. For ¢/2 = 1-2nm and

r = 0.2-0.3nm (one atomic bond length), the stress concentration fac-
tor is only 4-6 (according to Eq. (2.2)), a very small number compared
to 30-100 in conventional microstructure [23]. The crack propagation is

Fig. 2.3. Schematic diagram of the nanostructure of nc-TiN/a-SigNs/a- & nc-TiSia
nanocomposite. TiN nanocrystals were embedded in amorphous SigNy (existing in grain
boundary). Also existing in grain boundaries were amorphous TiSis and crystallite TiSia.
TiN crystallite size is approximately 3—4 nm and the separation distance between crys-
tallites is less than 1nm [23].
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also strongly hindered in the nanocomposite structure due to the absence
of dislocation activity in crystallite of 3-6nm in size. In this case, the
crack can propagate only along grain boundaries. When the crack size
approaches that of the crystallite, the crack has to undergo bending or
branching. After that, only the component of the applied stress normal
to the plane of the bent or branched crack may cause further propagation.
Thus the stress that drives crack propagation decreases, resulting in a decel-
eration of crack propagation. In Veprek’s design, two immiscible nitrides
(nc-TiN and a-SizNy) were used [30,31] to achieve thermal stability. This,
however, may degrade the cohesive strength of the interface between the
crystal and boundary [3]. When local tensile stress at the crack tip is high
enough, unstable crack propagation eventually results [32].

In order to obtain superhardness, usually plastic deformation is strongly
prohibited, and dislocation movement and grain boundary sliding are pre-
vented, thus probably causing a loss in ductility. Today, more and more
researchers realize that a certain degree of grain boundary sliding is neces-
sary in order to improve toughness of nanocomposite coatings. Usually, to
overcome the brittleness of ceramic bulk materials, a second ductile phase
is incorporated to improve the toughness of the composite [33-35]. In recent
years, the microstructure of these composites has been further refined by
the addition of nanometer-sized metal particles [36,37]. This should also
apply to thin films and coatings. Musil and co-workers embedded crys-
talline nitrides in metallic Cu [38,39], Ni [40-42] and Y [43], etc. In these
coatings, the crystallite size of the ceramic phase is normally controlled
less than 10nm, and the volume of the boundary is greater than that of
hard phase [44]. The hardness of these coating systems varies from 35 GPa
to approximately 60 GPa. The existence of metal matrix is expected to
improve toughness by crack tip blunting and/or the increase of the work of
plastic deformation. In such a design, however, the metallic grain bound-
ary thickness cannot be too thin: a very thin grain boundary renders the
toughening mechanism ineffective because in the case of nanoscale grains,
dislocation movement is restricted [45]. Should this happen, the mechanical
response of the ceramic/metal nanocomposite will be effectively similar to
that of ceramic/ceramic nanocomposite (which will defeat the purpose of
incorporating the soft metallic phase). Another way of enhancing tough-
ness is to allow grain boundary sliding to take place (rather than cracking)
to release the accumulated strain. Voevodin et al. [45,46] embedded hard
nanocrystalline carbide of 10-20nm in amorphous carbon (a-C) matrix.
Crystallite size of this magnitude can restrict initial crack size and create a
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large volume of grain boundaries [1]. The thickness of amorphous boundary
should be maintained above 2 nm to prevent interaction of atomic planes in
the adjacent grains and to facilitate grain boundary sliding, but less than
10 nm to restrict path of a straight crack. As a result, nc-TiC/a-C and nc-
WC/a-C nanocomposite thin films achieved a “scratch toughness” [47] 4-5
folds that of the nanocrystalline carbide alone, at expense of some hardness.

2.2. Synthesis of Thin Films

Nanocomposite thin films can be prepared by chemical vapor deposition
(CVD) or physical vapor deposition (PVD) techniques (Table 2.1). In both
CVD and PVD methods, one of the most critical deposition factors is the
kinetic energy of the vapor phase particle, which can generally be divided
according to the range of typically reported energies [48], into three regimes
as shown in Fig. 2.4:

1. Thermal regime (0~0.3eV), in which particles have low energy. Tech-
niques within this range include chemical vapor deposition and thermal
evaporation;

2. Mediate regime (1~100eV), in which particles have energies ranging
from the bonding strength to the lattice penetration threshold. Tech-
niques within this range include sputtering deposition, and arc vapor
deposition;

3. Implantation regime (>100eV) in which particles energies are well able
to cause surface penetration and implantation. Technique within this
range includes ion implantation.

Table 2.1. Main preparation methods for nanocomposite thin films.

Group Sub-group Methods
Physical vapor Thermal evaporation Pulsed laser deposition (PLD)
deposition (PVD) (TE) Electron beam deposition (EB-PVD)
Sputter deposition Magnetron sputtering
Ton beam sputtering
Arc vapor deposition Vacuum arc deposition
Filtered arc deposition
Ion implantation Ion beam deposition (IBD)
Chemical vapor Plasma enhanced CVD (PECVD)
deposition (CVD) Plasma assistant CVD (PACVD)

Electron cyclotron resonance
CVD (ECR-CVD)
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Fig. 2.4. Approximate energy range (in electron volts) of deposited particles produced
by selected deposition methods.

Different techniques are now available for the preparation of nano-
composite thin films. The most promising methods are chemical vapor
deposition (CVD) [49,50] and magnetron sputtering [51], although other
methods such as laser ablation, thermal evaporation, ion beam deposition
and ion implantation are also used by various researchers [52]. High deposi-
tion rate and uniform deposition for complicated geometries are the advan-
tages of the CVD method compared to magnetron sputtering. However,
the main concern for the CVD method is that the precursor gases, TiCly,
SiCly or SiH4, may pose problems in production because they are corrosive
in nature and are fire hazards. Moreover, the incorporation of chloride in
protective films may induce interface corrosion problems during exposure
to elevated temperatures under working condition. For most applications, a
low deposition temperature is required to prevent substrate distortion and
loss of mechanical properties. This is difficult to realize in the CVD process.

At present, significant effort has been devoted to the preparation of
nanocomposite thin films using magnetron sputtering since this technology
is a low temperature and far less dangerous method compared to CVD [53].
Also, it is easily scalable for industrial applications. In magnetron sputter-
ing, energetic ion bombardment is used to vaporize the source material,
often referred to as the target, as illustrated in Fig. 2.5. The deposition
system is filled with a noble gas, often argon, to a total pressure of 0.01 to
0.1 mbar. A negative potential of some kV is applied to the target. Positive
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Fig. 2.5. Schematic diagram of the sputtering process. Argon gas is ionized by electrons
within the plasma. The argon ions are attracted and accelerate towards the target surface
where they result in sputtering.

ions naturally occurring in the gas will therefore be accelerated towards
the target. When they impinge on the target, they transfer their momen-
tum to surface atoms of the target, and if the value of the momentum in
both directions is higher than the surface binding energy, a target atom
will be ejected, i.e. sputtered. This ejected flux of target atoms, which has
a main direction, is then transported through the space towards the sub-
strate. Depending on the gas pressure and the distance between substrate
and target, the flux will be more or less scattered by the gas. The average
distance an atom can travel before a collision is called the mean free path.
The mean free path [, can be estimated through [54]

_ KT,
\/§7rPg d?

where £ is the Boltzmann constant, T, and P, the gas temperature and pres-

(2.3)

sure respectively, and dg4 the diameter of the gas molecule (da, = 0.364nm).
During sputtering process, the film surface is ion bombarded, which can
densify the growing film by enhancing the surface atom mobility. In addi-
tion, ion bombardment of the growing film can restrict the grain growth
and permit the formation of nanocrystalline. The size and crystallographic
orientation of grains can be controlled by the energy of bombarding ions.
Kinetic energy of ionized particles can be estimated by [55-57]:

D, Vs
Uk U &
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where Uy, is the kinetic energy, D,, the target power density, Vs the substrate
bias and F, the gas pressure.

E303A magnetron sputtering system as shown in Fig. 2.6 was con-
ducted to deposit nanocomposite thin films. The system includes four
4-inch planar high performance water-cooled magnetrons and a heated

(a)

1.Gas feed line 2. Magnetrons 3.Cryvogenic pump 4.Rotary pump
5.Butterfly valve 6. Substrate holder 7.Load lock 8. Gate valve
(b)

Fig. 2.6. Sputtering system used in this project: (a) the outlook, and (b) the schematic
structure of the main chamber. There are four individual targets in the chamber and
co-sputtering can be conducted.
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rotatable substrate holder. The substrate-to-target distance was 100 mm
to fully reactive between the working gas and sputtered target atoms.
The substrate can be heated to a maximum temperature of 500°C. Two
600 W RF generators and two 1kW DC power supply can be automat-
ically selected to individual targets. Also, the substrate holder can be
earthed, floated or powered by a dedicated 600 W RF generator. This
facilitates pre-sputter wafer cleaning and reverse bias sputter etching. The
vacuum system is of high specification, with 800 1/s cryogenic, ultrahigh
vacuum and high performance rotary backing pump. Gas flow control is
via mass flow control valves on three gas lines, with pressure control set
point achieved by automatic close loop throttle valve control. Reactive sput-
tering is assisted by inert argon gas to avoid target poising and to allow
higher sputtering rate. The system is designed to coat multiple 2—4 inch
wafers, and single 6-8 inch wafer at one time. A load lock is fitted with
an automatic wafer transfer arm. The dominant parameters during depo-
sition are target power density, deposition temperature, substrate bias an
gas ratio.

3. Characterization

Film characterization is an inevitable and vital step in ensuring high qual-
ity film for the intended application. Different characterization techniques
can be used to identify nanocomposite thin films; X-ray photoelectron
spectroscopy (XPS), Auger electron spectroscopy (AES), Rutherford back
scattering spectroscopy (RBS) and energy dispersive X-ray analysis (EDX)
are powerful tools for characterizing the chemical composition [58], each
with different penetrations and accuracies, as illustrated in Table 3.1.

3.1. Composition

For composition characterization, the most useful tool is X-ray photoelec-
tron spectroscopy (XPS). In XPS, if we measure the energy of the ejected

Table 3.1. Composition analysis methods [58].

Analysis  Elemental Detection Spatial resolution  Penetration
methods  range limits (at.%)

XPS Li-U 0.1-1 100 pm 1.5nm

AES Li-U 0.5 10nm 0.5-7.5 nm
RBS Li-U 1.0 1-4 mm 2-30 nm

EDX Be-U 0.1 0.5-2.0 um 1-3 um
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photoelectrons we can calculate the binding energy, which is the energy
required to remove the electron from its atom:

EB = hv — EK - W, (31)

where Ep is binding energy, hv the photon energy, Fx the kinetic energy
of the electron, and W the spectrometer work function. From the binding
energy we can learn some important facts about the sample under investi-
gation [59]:

the relative quantity of each element;

the elements from which it is made;

the chemical state of the elements present;
depth distribution (profile).

In the calculation of the relative quantity of each element, the principle is
as follows: the complete XPS spectrum of a material contains peaks that
can be associated with the various elements (except H and He) present in
the outer 10 nm of that material. The area under these peaks is related
to the amount of each element present. Therefore, by measuring the peak
areas and correcting them for the appropriate instrumental factors, the
percentage of each element detected can be determined. The equation that
is commonly used for the calculation is [60]:

Iij = K*T(EK)*LU(’7)*0”*7LU*)\(EK) COS@, (32)

where I;; is the area of peak j from element %, K the instrumental constant,
T(Ex) the transmission function of analyzer, L;; the angular asymmetry
factor of obital j of element 7, and o0;; the photoionization cross-section of
peak j from element i. Fx is the kinetic energy of the emitted electron, 6
the take-off angle of the photoelectrons measured with respect to surface
normal, and n; the concentration of element i.

There are several factors which affect the binding energy, therefore
affecting the composition determination. For conducting samples, it is the
work function of the spectrometer (W) that is important. This can be cali-
brated by placing a clean Au standard in the spectrometer and adjusting the
instrumental settings such that the known FEp values for Au are obtained.
However, some materials do not have sufficient electrical conductivity or
cannot be mounted in electrical contact with the spectrometer. These sam-
ples require an additional source of electrons to compensate for the positive
charge built up by the emission of photoelectrons. Therefore, the measured
Ep of an insulated sample depends on its work function and the energy of
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the compensative flooding electrons. Under these conditions it is best to
use an internal reference. Generally speaking, all the factors that affect the
Ep can affect the composition determination.

Chemical composition of as-prepared thin films was determined by XPS
analysis using a Kratos-Axis spectrometer with monochromatic Al K,
(1486.71eV) X-ray radiation (15kV and 10mA) and hemispherical elec-
tron energy analyzer. The base vacuum of the chamber was 2.67 x 1077
Pa. The survey spectra in the range of 0-1100eV were recorded in steps
of 1eV for each sample, followed by high resolution spectra over different
element peaks in steps of 0.1eV, from which the detailed composition was
calculated. The spectra were referenced to the C 1s line of 284.6eV [61].
Curve fitting was performed after a Shirley background [62] subtraction
by nonlinear least square fitting using a mixed Gauss/Lorentz function.
In the least square fitting analysis of Ti 2p spectra, the area ratio of
the 2p3/3 to 2p;/o envelope was kept constant at two with a constant
energy difference of 5.8eV. The parameters used in fitting the Ti 2p, Si
2p and Ni 2p spectra are listed in Table 3.2. Also listed are binding ener-
gies available in the literature. Sputter depth profiles of the films were
obtained by recording the XPS spectra after sputtering with an acceler-
ating voltage of 4keV Ar ion beam. The bombardment was performed
at an angle of incidence of 45° with respect to the surface normal. The
sputter rate determined on a 30nm thick SiOs sample was 3.0 nm/min.
Half of the intensity of the oxygen plateau was taken as the measure
of the oxide layer thickness. (It is useful to note that the thickness of
the specimen studied can only be roughly estimated from the thickness
and sputtering rate of the silicon dioxide standard, because the sputtering
yield of the elements in the specimen differs substantially from that in the
standard.)

3.2. Topography

Topography or surface morphology of the as-deposited film was character-
ized using atomic force microscopy (AFM) (Shimadzu SPM-9500J2). The
measurement was conducted in ambient atmosphere in contact mode with
a SigNy tip. The scan resolution is 256 pixels x 256 pixels, set point 2.000 V
and scan rate 1.000 Hz. In order to quantitatively describe the surface mor-
phology, scaling theory [75,76] was used to analyze the AFM roughness
data. The height—height correlation function G(r) was defined as [77]

G(r) = ([h(z,y) — h(0,0)]?). (3-3)



Table 3.2. Reported binding energy (eV) values for Ti 2p, Si 2p and Ni 2p photoelectron spectra.

Ni 2p
Element Ti 2p3/2 Si 2p Ni2p;/p Satel. peak Ni 2p3/o
State TiO2 TiNzOy TiN Ref SiO2 SigNyg  Free-Si  Ref Metallic Ni Ref
Position(eV) 458.0 456.5 455.0 [63] 103.4 101.9 99.6 [64] 870.7 859.3 852.8 [65]
459.1 £0.2 ~457.0 455.2 4+ 0.2 [66] 103.6 101.6 [67] 870.7 859.6 853.0 *
459.2 457.5 455.2 [68] 103 ~ 104 99.6 [69]
458.8 457.1 455.6 [70] 103.3 101.8 99.3 [71]
459.0 457.5£0.1 455.2 [72] 103.4 101.8  99.6 *
458.0 456.4 455.0 (73]
458.7 456.9 454.8 [74]
459.0 457.6 455.0 *

*Present work.
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Thus the dynamic scaling hypothesis [78] suggests that:

{7“20‘ asr < &

G(r) = 2w? asrT>E’

(3.4)
where the interface width w describes the vertical growth and the lateral
correlation length £ characterizes the lateral growth.

3.3. Microstructure

The microstructure of the nanocomposite films was characterized using
TEM (JEOL JEM 2010). The acceleration potential was 200kV and the
camera constant changed from 1.5 to 2.5 nm x mm. An image analyzer was
used to measure the crystalline size and amount from TEM micrographs.
The size of the crystallite was measured from the TEM micrographs using
the image analyzer by measuring two perpendicular dimensions of a crys-
tallite. The average of these two-dimensional measurements was taken as
the crystallite size. The amount of the crystalline phase, termed crystalline
fraction, was estimated as the area ratio of the nanocrystalline phase to the
total image area. For each sample, a large number (at least 10) of TEM
micrographs were taken and the images analyzed for the average crystalline
fraction. Though this method results in approximately 10% uncertainties
due to a contrast problem, it does give a first-degree approximation with
a visual advantage. The sample preparation procedures for TEM/HRTEM
study are as follows.

1. Prepare potassium bromide (KBr) tablets with a diameter of 10 mm and
thickness of 3 mm. The roughness (R,) of the tablet is measured as 80 pm.

2. Deposit nc-TiN/a-SiN, and Ni-toughened nc-TiN/a-SiN, nanocomposite
thin films on different potassium bromide (KBr) tablets for 20 min for a thin
film of about 100 nm in thickness. Other deposition parameters are kept
the same as its counterpart which deposited on silicon wafer for 120 min.

3. Float the as-prepared nanocomposite thin films off from the KBr tablets
by dissolving the coated tablets in de-ionized water followed by scooping
the films out onto a copper grid.

4. Dry the films for two hours for the TEM/HRTEM study.

To supplement the TEM results, XRD was used for microstructure and
phase identification [Philips PW1830 with Cu tube anode (A = 0.15418 nm)
at 30kV and 20mA]. The step size was 0.01° and step time 0.5 seconds.
In order to reduce the interference from the substrate in case of thin films,
GIXRD (Rigaku MAX 2000 with Cu K,, radiation) was conducted at scan



16 S. Zhang et al.

rate of 2°/min, step size 0.032° and incident angle from 0.1° through 0.5°
and 1.0° to 1.5°. Based on the XRD/GIXRD data, grain size, preferential
orientation and the lattice parameter were obtained.

Grain Size

To estimate the grain size d, the well-known Scherrer formula [79] was
used by measuring the full width at half maximum (FWHM) of the
XRD/GIXRD peak at the angle of interest:

CA

= Geond (3.5)

where C is a constant (C' = 0.91), d the mean crystallite dimension normal
to diffracting planes, and A the X-ray wavelength. § in radians is the peak
width at half maximum peak height, and 8 is the Bragg angle. It should
be noted that the Scherrer formula does not take into account the peak
broadening induced by microstraining.

Preferential Orientation

The degree of preferential orientation was quantitatively represented
through a coefficient of texture Thx;, defined as [80]:

Ty — — IR/ To(hkD) 56)

— Z (hkl)/Io(hkl)]

where I,,,(hkl) is the measured relative intensity of the reflection from the
(hkl) plane, Iy(hkl) is that from the same plane in a standard reference
sample and is listed in Table 3.3 for TiN. n is the total number of reflection
peaks from the coating. In the present study, n = 3, since only three major
peaks are selected (i.e. (111), (200) and (220) diffraction plane). For the
extremely preferential orientation, Tjx = 3, while for the random one,
Thi = 1.

Table 3.3. Relative intensity of XRD peaks in a
standard reference TiN sample (JCPDS 38-1420).

Peaks (111) (200) (220)

Relative intensity 72 100 45
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Lattice Parameter

Lattice parameter of the solid solution for cubic structure was calculated
according to peak positions or the distance between the crystal planes
through [81]:

Gexp = dpi V2 + k2 + 12 = f(6), (3.7)

Gexp = Gtrue T Aa = agrue + C(I)(G), (38)
cos?0 1 1
*0) = = (sine + 5) ’ (3:9)

where aeyp is the experimentally calculated lattice parameter, a¢rue the true
value, Aa the experiment error, dpx; the interplanar spacing, and (hkl) the
crystal plane indices. C' is a constant, # is the Bragg angle, and Aa is 0
when ®(6) is 0. Therefore plotting aex, against ®(#) and extrapolating to
®(0) = 0 gives rise to the true lattice parameter.

3.4. Mechanical Properties
3.4.1. Hardness

The materials handbook defines hardness as the resistance of materials to
plastic deformation, usually by indentation. Hardness can be calculated
through [19]:

P
where P is the test indentation load and A the contact area. Microindenta-
tion and nanoindentation can be carried out to measure thin film hardness.

H (3.10)

The effect of the substrate on determining the mechanical properties of films
using indentation has been discussed in detail by Saha and Nix [82,83]. It
is widely accepted that when the indentation depth is less than one tenth
of the thickness of the thin film, the effect of substrate on the film hardness
can be neglected [84]. In microindentation, the tester applies the selected
test loads from several hundred mN to about 10 N using deadweights. The
indentations are typically made using a Vickers indenter which is a regular
pyramid made of diamond with an angle of 136° between the opposite faces.
The hardness value of thin film as thin as a few microns can be calculated
using the test load and the contact area. Whereas in the nanoindentation
test, features less than 100 nm across, and thickness as thin as less than
5nm, can be evaluated [58,85]. In contrast to microindentation where the
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indentation force ranges from several hundred mN to about 10N, nanoin-
dentation uses only 100 uN to a few mN. Nanoindentation can be carried out
with a sharp indenter. The Berkovich indenter with an angle of 115° is use-
ful when one wishes to probe properties at the smallest possible scale [86].
During the indentation, the indenter is forced into the surface at a selected
rate and to a selected maximum force or a selected maximum indentation
depth. A load-displacement curve is obtained and the depth of the inden-
tation is measured to evaluate the actual contact area during indentation
which yields the hardness and elastic properties.

Today, the most widely used hardness measurement is that of Oliver—
Pharr method [84]. This method assumes that there is always some down-
ward elastic deflection or “sink-in” situation in the material surface upon
indentation (Fig. 3.1).

In this method, a small indentation is made with a Berkovich indenter,
and displacement (or penetration depth) A, is continuously recorded during
a complete cycle of loading and unloading and therefore a load-displacement
curve is obtained as illustrated in Fig. 3.2. The contact depth h, is estimated
from the load-displacement curve through

hC:hmaX—sﬁ, (3.11)

S
where hpax is the maximum indentation depth, Pa.x the peak indentation
load, S the contact stiffness, and € a constant which depends on the indenter
geometry. Empirical studies have shown that ¢ = 0.75 for a Berkovich
indenter. The contact area A is estimated by evaluating an indenter shape

Surface profile after P
load removal

Indenter

\Surface profile
................... - under load

SRR Sl i A

Fig. 3.1. Schematic representation from a cross-section through an indentation, showing
the maximum indentation depth hmax, contact depth h., minimum indentation depth
Amin, and sink-in situation.
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Load, P
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hofore=1"", forg=0.75 Nrex
Displacement, h

Fig. 3.2. Load-displacement curves for Oliver—-Pharr method, showing the maximum
indentation depth hmax, contact depth h., and minimum indentation depth Apiy.

function at the contact depth h.:
A= f(he). (3.12)

The shape function, f(h.), relates the cross-sectional area of the indenter to
the distance h. from its tip. For the Berkovich indenter, the shape function
is given by f(h.) = 24.56 h.2. Once the contact area is determined from
the load-displacement curve, the hardness H, and effective elastic modulus
Eog follow from:

Pmax
H = =2, (3.13)
and
1
1yvm S (3.14)

Eeﬁ - 51 2 \/Z,
where §; is a constant which depends on the geometry of the indenter, and
d1 = 1.034 for the Berkovich one [84,87].

The Oliver—Pharr method of calculating contact area does not account
for the “extra” area due to pile-up, and hence underestimates the contact
area, thus overestimating the hardness and effective elastic modulus [83].
However, if the thin film is harder than the substrate material, this method
can be conveniently used to determine hardness with high precision, because
for a hard film on soft substrate, there is usually the “sink-in” situation on
the coating surface during indentation and very minimum pile-up.
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Hardness was evaluated using a Nano II™ with a Berkovich indenter.
The indentation depth was set less than one tenth of the film thickness to
avoid substrate effect. At least five indentations were made for each sample.
The results were an average of these readings from Oliver—Pharr method.

3.4.2. Toughness

Indentation is perhaps the most widely used tool in assessing thin film
toughness. Plastic deformation leads to stress relaxation in materials. The
easier the stress relaxation proceeds, the larger plasticity is inherent in the
material. Thus, comparing the plastic strain with the total strain in an
indention test directly gives a simple and rough, but quick indication of
how “tough” the material is. Plasticity is defined as the ratio of the plastic
displacement over the total displacement in the load-displacement curve [88]
(Fig. 3.3):
- OA

Plasticity = OB’ (3.15)
where OA is plastic deformation, and OB total deformation. A superhard
DLC film with hardness of 60 GPa has only 10% plasticity [48], whereas

a “tough” nc-TiC/a-C film with a hardness of 32 GPa has 40% plasticity
[46,47]. Hydrogen-free amorphous carbon films with hardness of 30 GPa has

1.2+
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Fig. 3.3. Schematic diagram of load-displacement curve obtained from nanoindentation.
Plasticity is calculated by the ratio of OA/OB.
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a toughness of 50-60% in plasticity [89] depending on bias voltage during
sputtering. Magnetron sputtered 1 pm thick Ti;_,Al,N films with hardness
31 GPa obtained a plasticity of 32% [90].

However, “plasticity” is not fracture toughness. To measure a film’s
proper fracture toughness, and to avoid the difficulties in making the pre-
crack, many researchers directly indent the films without a pre-crack. When
the stress exceeds a critical value, a crack or spallation will be generated.
Failure of the film is manifested by the formation of a kink or plateau in
the load-displacement curve or crack formation in the indent impression
[91-93]. As a qualitative, crude and relative assessment, Holleck and Schulz
[94] compare the crack length under the same load, and Kustas et al. [95]
measures the “spall diameter” — the damage zone around the indenter.
More quantitatively, the length ¢ of radial crack (Fig. 3.4) is related to the
toughness Kijc through [96]:

EN'? /P

where P is applied indentation load, and F and H are elastic modulus and
hardness of the film, respectively. d is an empirical constant which depends
on the geometry of the indenter. For the standard Vickers diamond pyramid
indenter, the value of § is taken as 0.016 + 0.004 [97] and 0.0319 [98,99],
respectively. The criterion for a well-defined crack is taken as ¢ > 2a [97],
where a is the half of the diagonal length of the indent (Fig. 3.4). Both
E and H can be determined from an indentation test at a much smaller

Radial
cracks

Vickers
indentation

Fig. 3.4. Scanning electron microscopy (SEM) observation of radial cracks at Vickers
indentation. a is half of the diagonal length of the impression and c is the crack length.
A well-defined crack is taken as ¢ > 2a.
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load and analyzing of indentation load-displacement data [84]; crack length
¢ can be obtained using SEM, thus implementation of the method seems
straightforward [87].

However, the difficulty lies in the existence of cracking threshold, locat-
ing crack position and determining crack length. Although indentation can
be realized with a Vickers indenter, Berkovich indenter, or cube corner
indenter [100,101], there exists a cracking threshold below which indenta-
tion cracks cannot form. Existence of the cracking threshold causes severe
restrictions on achievable spatial resolution. The occurrence of the inden-
tation cracking depends on the condition of the indenter tip [102]. Harding
et al. [103] found that indentation-cracking threshold could be significantly
reduced by employing a sharper indenter (cube corner indenter compared
to the Berkovich and Vickers indenters). The cube corner indenter induces
more than three times the indentation volume as compared to that by the
Berkovich indenter at the same load. Consequently, the crack formation is
easier with the cube corner indenter thereby reducing the cracking thresh-
old. For the cube corner indenter, the angle between the axis of symmetry
and a face is 35.3° (compared to 65.3° for the Berkovich indenter), and
there are three cracks lying in directions parallel to the indentation diago-
nal (Fig. 3.5). Cracks that are well defined and symmetrical around the cube
corner indentation are used to calculate the toughness. Different researchers
used different § values: 0.0319 [98,99], 0.040 [103], and 0.0535 [104]. Despite
the inherited problems, due to its simplicity, the indentation method is

a

Fig. 3.5. Schematic diagram of median-radial crack systems for cube corner indentation.
a is the length of the edge of impression; c is the length of crack parallel to the indentation
diagonal direction.



Magnetron Sputtered Hard and Yet Tough Nanocomposite Coatings 23

widely used in toughness evaluation of thin films. To cite a few: sputter
deposited DLC film (1.92 ym thick, 1.57 MPam'/2) [105], plasma sprayed
Aly03 (200-300 pm thick, containing 13% TiOs, 4.5 MPam?/?) [106], atmo-
spheric pressure CVD SiC (3 gm, 0.78 MPam'/2) [107], plasma enhanced
CVD nc-TiN/SiN, (~1.5 pm, 1.3-2.4MPam'/?) [108] and TiC,N,/SiCN
(2.7-3.3 pm, ~1 MPam'/?) [109].

Micro hardness tester (DMH-1) was used to obtain well-defined radial
cracks for coatings on silicon wafer substrate. To ensure measurable crack
length, the indentation was conducted at load of 10.00, 5.00, 3.00, 2.00,
1.00, 0.50 and 0.25 N, respectively. For each load, at least five readings were
obtained. In order to reduce substrate effect on thin film toughness, Nano
II™ with Berkovich indenter was also used to characterize these samples.
The indentation was performed at the depths of 1300, 1000, 700, 400 and
200 nm, respectively. For each depth, at least five readings were obtained.
Only samples with well-defined radial cracks were used to calculate thin
film toughness.

3.4.3. Residual Stress

Residual stress was measured using a Tencor FL.X-2908 laser system by test-
ing the curvature changes of silicon substrate before and after film deposi-
tion. At least five measurements were performed for each sample at different
orientation of silicon wafer. The residual stress o can be calculated through
Stony equation:
Et?
o= —"— 3.17

(1 —v)6Rty ’ ( )
where F/(1 —v) is the biaxial elastic modulus of the substrate, and ¢ and
t; are thickness of the substrate and film, respectively. R is the substrate

radius of curvature, which is calculated through:
1 RiR,

R= = 3.18

(L_L) (R — Ry)’ (3.18)

R> Ry

where Rq and Ry are the radius of silicon substrate before and after film
deposition.

3.4.4. Adhesion

Scratch test was conducted to testing films adhesion to substrate using
Shimadzu SST-101 scan scratch tester: the X—Y table of the scratch tester
was moved in the X-direction, and also moved sideways (in the Y-direction)
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Scratch direction

—>

Scan vibration direction

Fig. 3.6. Schematic diagram of scan scratch test used in this project. The X-Y table of
the scratch tester moves in the X-direction, and also moves sideways (in the Y-direction)
to generate a “scanning scratch” effect, thus greatly increasing the coverage of each
scratch.

to generate a “scanning scratch” effect and thus greatly increase the cov-
erage of each scratch (Fig. 3.6). At the same time, an increasing normal
load was applied continuously to the surface of the film through a diamond
indenter of 15 ym in radius until total failure of the film. A scratch speed
of 2 um/s and scanning amplitude of 50 um were used. At least three tests
were performed on each sample.

3.5. Oxidation Restistance

To study films oxidation resistance, oxidation was performed using Elite
Furnace (BRF14/5-2416) at 450°C, 550°C, 625°C, 700°C, 750°C, 800°C,
850°C and 900°C to 1000°C in static hot air. After a 10 min heating ramp,
the temperature was kept constant for 15 min. After the specimen was
oxidized for the pre-determined time, the specimen was cooled down to a
temperature around 300°C within 20 min, then drawn from the furnace and

left until room temperature thereafter for oxidation resistance study using
XPS, AFM and GIXRD.

4. Case Studies: Silicon Nitride Nanocomposite Coating

4.1. Nanocrystalline TiN Embedded in Amorphous SilN,
or ne-TiN/a-SiN,

DC magnetron power was applied to Ti (99.99%) target, while RF power
was applied to SizNy (99.999%) target. Four-inch silicon (100) wafers were
used as substrates. The substrates were cleaned using an ultrasonic bath
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(ethanol absolute 99%) for 15min to remove the contamination, such as
spots, oils, grease, dust, fingerprints, etc. The substrates were heated to
450°C for 30 min prior to deposition. This process mainly removed water
molecules, which were adsorbed on surface. The substrate holder rotated
with 15 rpm during the deposition for uniformity. Deposition was performed
at a substrate temperature of 450°C for 2 hours to obtain a film thickness of
0.6 um. Base pressure for deposition was 1.33 x 10~° Pa. During deposition,
the gas (purity of Ny are Ar are 99.9995%) pressure was 0.67 Pa and gas flow
rate was 30sccm (standard cubic centimetre per minute). Film deposition
parameters are listed in Table 4.1 according to which hard and superhard
nc-TiN/a-SiN, nanocomposite thin films were prepared.

The as-prepared nc-TiN/a-SiN, nanocomposite thin films were stud-
ied using different characterization techniques, such as XPS, AFM, XRD/
GIXRD, TEM/HRTEM, scratch, microindentation, and nanoindentation
tests. The results and discussions are presented in this chapter.

4.1.1. Composition

The nc-TiN/a-SiN, nanocomposite thin films were etched with Ar ion
beam for 15min before composition measurement. The chemical compo-
sitions obtained from XPS are listed in Table 4.2, in which the atomic
concentrations of Si, Ti and N are used to describe the samples. The results
show that N content for all samples are about 50 + 5 at.%, while Si and
Ti contents vary greatly with the experimental conditions, mainly SigNy4
target power density.

4.1.1.1. Quantitative Compositional Analysis
Figure 4.1 shows a detailed XPS survey scan spectrum with indexed peaks.

XPS survey scan spectrum with binding energy from 0 to 1100eV is

Table 4.1. Experimental conditions for deposition of hard and superhard
nc-TiN/a-SiN; nanocomposite thin films.

Sample code P1 P2 P3 P4 P5 P6 p7 P8
Deposition  SizN4 power 1.1 22 33 44 55 6.6 6.6 7.7
condition density (W/cm?)

Power ratio of 5.00 2.50 1.67 1.25 1.00 0.67 0.33 0
Ti to SigNy
Gas ratio of 10 10 10 10 10 05 05 O

N3 to Ar
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Table 4.2. Chemical composition characteristics
of hard and superhard nc-TiN/a-SiN; nanocom-
posite thin films.

XPS chemical composition (at.%)

Sample code

Si Ti N
P1 1.7 50.4 47.9
P2 5.2 43.1 51.7
P3 7.2 38.1 54.7
P4 11.3 35.1 53.6
P5 14.9 29.4 55.7
P6 23.6 21.4 55.0
P7 32.5 15.7 51.8
P8 52.7 0 47.3
nc-TiN/a-SiN, 0 1s

with 23.6 at.% Si

Intensity (a.u.)

Binding energy (eV)

Fig. 4.1. XPS survey scan of nc-TiN/a-SiN,; nanocomposite thin film with 23.6 at.%
Si (sample P6). The dominant signals are from C, O, N, Si, and Ti.

recorded. The dominant signals are from C, O, N, Si and Ti. The oxygen
and carbon contamination exist because the film is exposed to air (ambient
laboratory) and the XPS spectrum is obtained before the film surface is
etched.

Figure 4.2 shows one of the typical XPS depth profiles of the nc-TiN/a-
SiN, nanocomposite thin film. There is an inevitable oxygen contamination
in the topmost layer of the film. It is possible that the reaction with residual
gases in the spectrometer chamber or the ionic transport via impurities in
the Ar gas causes this residual oxygen content in films. Though oxygen
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Fig. 4.2. XPS depth profile of nc-TiN/a-SiN, nanocomposite thin film with 14.9 at.%
Si (sample P5). Silicon content remains almost constant, whereas nitrogen and titanium
content slightly increases in the first 10 nm and then remains at constant values.

exists as deep as 75nm, and carbon at approximately 25nm, their con-
centrations are very low, which are expected to render a very insignificant
effect on the film’s mechanical properties, such as nanoindentation hard-
ness. (Should there be any influence on hardness owing to the existence
of oxides, the effect would be such that the measurements would under-
estimate the hardness because both Ti and Si oxides have low hardness:
16 GPa for DC magnetron sputtered TiO, [110], approximately 10 GPa in
the case of reactive cathodic vacuum arc deposited TiOy [111], and 8 GPa
in the case of pulsed magnetron sputtered SiOq [112], etc.) Silicon content
remains almost constant, whereas nitrogen and titanium content slightly
increases in the first 10nm and then remains at constant values. From
the depth profile (Fig. 4.2), the oxygen and carbon concentrations are too
low in comparison to Ti, Si and N, and are thus ignored in composition
computation.

Figure 4.3 shows the XPS spectra of Ti 2p and Si 2p as a function
of silicon content. It has been documented that the shoulders observed
on the high binding energy side of the Ti 2ps,, and Ti 2p;/, component
peaks are inherent characteristic features of stoichiometric TiN [113,114].
This stoichiometric TiN characteristic feature has been observed in our nc-
TiN/a-SiN, nanocomposite thin films [Fig. 4.3 (a)]. Figure 4.3 (b) shows



28 S. Zhang et al.

Ti2p,,
Ti2p,,
—~ | at.%si ‘
e
s
)
c
T
[=
= yLAJ,// \/
EI
52.7
470 465 460 455 450
Binding energy (eV)
(a)

2p

Il U 7 S|
|

— 52 |

v ]

n 1 n 1 n 1 n 1 n
108 106 104 102 100 98 96

Intensity (a.u.)

Binding energy (eV)
b)

~

Fig. 4.3. Stacks of (a) Ti 2p, and (b) Si 2p XPS core level spectra for nc-TiN/a-SiNg
nanocomposite thin films with different Si content after surface layer removal.

the Si 2p peak intensity increases significantly with the increase in silicon
content.

In order to obtain more detailed information on the chemical compo-
sition, the acquired XPS core level spectrum of Ti 2p and Si 2p for the
nc-TiN/a-SiN,, nanocomposite thin film with 23.6 at.%Si (sample P6) after
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15 min Ar ion beam etching were deconvoluted. Curve fitting was per-
formed after a Shirley background subtraction by nonlinear least square
fitting using a mixed Gauss/Lorentz function. The parameters used in the
fitting procedure are listed in Table 3.2. Figure 4.4 shows the XPS core
line fit for Ti 2p spectra. There are three main components of Ti-N, Ti-O
and Ti-X (combination of TiN,, TiN,O, and satellite peak); no unbound
Ti metallic bonds can be detected. The peak at 455.0€V is attributed to
Ti-N bond or TiN. The peak at 459.0€V is related to Ti—O or TiO5. The
peak at 457.6eV is contributed from Ti-X. From Fig. 4.4, it can be seen
that the main contribution comes from TiN and Ti-X, and nearly no TiOs.
This is due to the high base vacuum (x 1075 Pa) before film deposition.
Another reason is that before XPS narrow scan and core line fit, a 15 min
Ar ion beam etching was conducted to remove the surface oxide due to air
exposure (ambient laboratory).

Figure 4.5 shows the quantitative deconvolution results of Ti 2p spectra
of nc-TiN/a-SiN, nanocomposite thin films with different silicon content.
The relative atomic ratios of Ti in TiN, TiOs and TiX are calculated.
Ti—O remains low in concentration for all the films. Ti—X peak compo-
nent increases and TiN component decreases significantly with increases

1100 i Ti2p,,
1000
900 [
800 [
700 [
600 |
500 F
400 |
300 |
200 [

Intensity (counts)

465

.460. .455. o .450
Binding energy (eV)

Fig. 4.4. Ti 2p deconvolution of nc-TiN/a-SiN; nanocomposite thin film with 23.6
at.%Si (sample P6). There are three main components of Ti-N, Ti—O and Ti-X (combi-
nation of TiNg, TiN,; O, and satellite peak). The peak at 455.0 eV is attributed to Ti-N
bond. The peak at 459.0 eV is related to Ti—O bond. The peak at 457.6 eV is contributed
from Ti—X.



30 S. Zhang et al.

70
L —m—TiN
60 - - —0— TiX
= 3 -\ /.R. —A—TiO
S s0f n
E ><./.
- 40f °
*— 0 [
§ I /. o—©O \.
o 0r®
o L
g 20 F
o -
A A
10+ A A
X .}A. - |.A..\.A|.’iﬁ. X AI X .qii.qﬁfA.
0 5 10 15 20 25 30 35

Si content (at.%)

Fig. 4.5. Changes of the different Ti 2p components of nc-TiN/a-SiN; nanocomposite
thin films with different Si content after deconvolution. Ti—O remains low in concen-
tration for all the films. Ti—X peak component increases and TiN component decreases
significantly with an increase in Si content.

in silicon content. There is a gradual shift of the Ti 2p peak to a higher
binding energy and the Ti—X component increases significantly with the
increases in silicon content. This can be partly attributed to the increase in
the non-stoichiometric component; another reason could be due to silicon
involvement into the titanium structures.

Figure 4.6 shows the Si 2p core level spectrum of nc-TiN/a-SiN,
nanocomposite thin film with 23.6 at.%Si (sample P6). Three chemically
distinct components are found in the Si 2p core level photoelectron spec-
trum. The peak corresponding to 101.8eV is attributed to Si-N bond of
stoichiometric SizN4. Another weak component at approximately 103.4 cor-
responds to the Si-O bond. Traces of Si peak (at 99.6 V) can be detected,
belonging to free silicon. The existence of free Si is often observed to exist in
nc-TiN/a-SiN,, thin films synthesized by magnetron sputtering [115]. The
Ti-Si bonding energy is at 98.8eV — too close to that of elemental Si, and
thus difficult to eliminate the possibility of existence of TiSi, in the sys-
tem. However, one thing is for sure: its amount is minute even if it exists.
Take TiSi as an example, from thermodynamics, the formation of SigNy is
much more favored compared to the formation of TiSi, since the formation
energy for SigNy (—665.4kJ/mol) is much more negative than that for TiSi
(—132.2kJ/mol).
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Fig. 4.6. Si 2p deconvolution of nc-TiN/a-SiN, nanocomposite thin film with 23.6
at.% Si (sample P6). The peak corresponding to 101.8eV is attributed to the Si-N
bond of stoichiometric SigN4. Another weak component at approximately 103.4eV cor-
responds to the Si—O bond. Traces of Si peak at 99.6 eV can be detected, belonging to free
silicon.

Figure 4.7 shows the quantitative deconvolution results of Si 2p spectra
of nc-TiN/a-SiN, nanocomposite thin films with different silicon content.
The silicon element exists mostly as the Si-N bond, although Si—O as well
as traces of Si—Si and Si—Ti bonds can be occasionally observed.

4.1.1.2. Effect of Deposition Conditions

Figure 4.8 shows the relationship between silicon content and SizNy target
power density (from 1.1 to 5.5W/cm?) for the nc-TiN/a-SiN, nanocom-
posite thin films (samples P1 to P5) deposited at 450°C with a constant
Ti target power density of 5.5 W /cm?. It is obvious that as SizNy target
power density increases from 1.1 to 5.5 W/cm?, the silicon content in the
as-prepared nanocomposite thin films increases linearly from 1.7 at.% to
14.9 at.%.

Figure 4.9 shows the relationship between silicon content and deposition
target power ratio of Ti to SisNy for the nc-TiN/a-SiN, nanocomposite thin
films (samples P1 to P8) deposited at 450°C. With the increase in target
power ratio of Ti to SigNy from 0 to 1.5, the silicon content in the as-
deposited nc-TiN/a-SiN, nanocomposite thin films decreases significantly
from 52.7 at.% to 7.2 at.%, and then tails off.
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Fig. 4.7. Changes of the different Si 2p components of nc-TiN/a-SiN,; nanocomposite
thin films with different Si content after deconvolution. The Si element exists primarily
in the Si-N bond.
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Fig. 4.8. Si content changes linearly with SigN4 target power density. With the increase
of SigNy target power density from 1.1 to 5.5 W/cm?, the Si content in the as-prepared
thin films increases linearly from 1.7 at.% to 14.9 at.%.
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Fig. 4.9. Si content changes with target power ratio of Ti to SizN4 target. With an
increase in target power ratio from 0 to 1.5, the Si content in the as-deposited nc-TiN/a-
SiNg thin films decreases significantly from 52.7 at.% to 7.2 at.%; with further increase
in power ratio, the trend no longer appears scientific.

4.1.2. Topography

To evaluate the effect of target power density of SisN4 on surface mor-
phology, the SizNy target power density is changed from 1.1 to 5.5 W/cm?
while Ti target power density is kept constant at 5.5 W/cm?. Topography
characteristics of the as-prepared nanocomposite thin films are tabulated
in Table 4.3.

Figure 4.10 shows the AFM images (300 nm x 300 nm) of the nc-TiN/a-~
SiN, nanocomposite thin films with different SizN, target power densi-
ties. With increasing SizN4 target power density, the roughness gradually

Table 4.3. Topography characteristics of hard and superhard
nc-TiN/a-SiN, nanocomposite thin films.

Sample code  Roughness Interface width  Lateral correlation

Rq(nm) w (nm) length £ (nm)
P1 5.8 7.3 28.0
P2 2.5 3.4 13.8
P3 1.5 1.8 12.8
P4 0.9 1.0 9.6

P5 0.7 1.0 9.4
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©
Fig. 4.10. AFM topography of the nc-TiN/a-SiN; nanocomposite thin films with

increasing SizN4 target power density (in W/cm?): (a) 1.1, (b) 2.2, (c) 3.3, (d) 4.4,
and (e) 5.5, with roughness (Rq, nm) 5.8, 2.5, 1.5, 0.9 and 0.7, respectively.
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Fig. 4.10. (Continued)

decreases. Numeric treatment of the images gives rise to the height—height
correlation function G(r). Figure 4.11 plots G(r) as a function of r for sam-
ple represented by Fig. 4.10 (e), i.e. 5.5 W/cm? SizNy target power density.
As predicted by Eq. (3.4), when r is small, G(r) has a power law dependency
on distance r. At “distant” locations (as r is large), G(r) is nearly constant.
Fitting the curve to Eq. (3.4) gives the lateral correlation length € = 9.4 nm,
the interface width w = 1.0nm and the smoothness exponent @ = 0.854.
The oscillation is due to the insufficient sampling size [77]. Similar treat-
ment of other samples listed in Table 4.3 results in different parameters
of w, &, and « as a function of SigNy target power density. Plotting these
values gives rise to Figs. 4.12 and 4.13.
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Fig. 4.11. Height—height correlation function G(r) for the nc-TiN/a-SiN, nanocompos-
ite thin film with SizNy4 target power density of 5.5 W/cm? (Fig. 4.10 (e)). The oscillation
is due to the insufficient sampling size.
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Fig. 4.12. Interface width w and lateral correlation length £ vary with SizNy target
power density. With increase in SizNy4 target power density, both interface width and
lateral correlation length decrease.

The morphology of the growing surfaces is determined by the compe-
tition of vertical build-up and lateral diffusion (Fig. 4.14). The vertical
build-up is caused by the random angle incident of the arriving atoms
(due to the uniform rotation of the substrate), and the growth produces
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Fig. 4.13. Surface smoothness quotient a and roughness R, vary with target power
density. With increase in SigNy target power density, surface roughness R, decreases,
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Fig. 4.14. Schematic diagram of the competition of vertical build-up. Lateral diffusion
determines the morphology of the growing surfaces [118].

columnar film structure. The lateral growth depends on surface diffusion
which is largely determined by kinetic energy of the arriving ions. This is
clearly seen from the trends of w and & in Fig. 4.12. As SigNy target power
density increases from 1.1 to 5.5 W /cm?, the interface width w decreases
from ~7 to ~1nm (Fig. 4.12), indicating that the film becomes smoother
(recall that w is the root mean square of the vertical fluctuation), which is
more directly observable in terms of increasing smoothness quotient « or
decreasing roughness R, in Fig. 4.13. As target power density increases, £
decreases from ~28 to ~10nm. Since £ depicts the distance within which
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“height” values (i.e. roughness) are correlated, a larger £ means that surface
topography is correlated in a wider area. This is seen as larger “humps”,
as in Fig. 4.10(a), for film deposited at a lower power density (1.1 W/cm?).
The growth kinetic is controlled by the mobility of the impinging atoms on
the surface before they condense and become entrapped in the film. This
mobility can be enhanced by inputting energy to the system, such as by
increasing deposition temperature or supplying impact energy through ion
bombardment. At low target power densities, ions have low mobility and
thus would be more likely to “stick” at where it arrives: the surface diffusion
is slow and the chances of erasing the peaks and filling up the “valleys” are
small, thus resulting in a much rougher surface. In the same token, small &
indicates that the surface topography is correlated only in a small area, as
seen in Fig. 4.10 progressively from (b) through (e) as target power density
increases. As the SigNy target power density increases, the kinetic energy
obtained by each Si or SiN,, (as well as amount) increases, which transforms
into faster lateral diffusion and smoothens out the roughness at locations
further away, making the “hump” more localized and smaller, giving rise
to a smaller value of € and greater values of « [116,117].

4.1.3. Microstructure

The effect of sputtering power density of SigN, target on microstruc-
ture includes changes in crystal phase, grain size and distribution,
preferential orientation and lattice parameter. Microstructure charac-
teristics of the as-prepared nanocomposite thin films are tabulated in
Table 4.4.

Table 4.4. Microstructure characteristics of hard and superhard nc-TiN/a-SiN.
nanocomposite thin films.

Sample Code P1 P2 P3 P4 P5 P6 P7 P8
Crystallite

Fraction (%) 3.6 6.7 7.3 7.1 10.8 1.1 0.0 0.0
Size (nm) 7.2 8.2 7.5 58 6.0 32 0 0

Coefficient of
Texture Thy

(111) 2.84 0.01 0.62 — 0.00 EE -
(200) 0.02 1.34 1.79 — 013 - - —
(220) 0.14 1.64 0.60 — 287 EE -

Lattice parameter
ariN (nm) 0.42350 0.43788  0.42994 —  0.44408 — —_ —
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4.1.3.1. Crystal Phase and Amorphous Matrix

Figure 4.15 shows the bright-field HRTEM morphological appearance of nc-
TiN/a-SiN, nanocomposite thin film with 11.3 at.%Si (sample P4). Crys-
tallites are embedded in matrix. The grain size is about 6 nm. Analysis of
the selected area diffraction (SAD) pattern shows that these crystallites are
polycrystalline TiN. No crystalline TiSi, and SigN4 are found. In general,
TiN crystallographic planes of (111), (200) and (220) exhibit more distinct
rings than other diffraction rings (Fig. 4.16). Proof of the crystallites being
TiN also comes from XRD analysis (Fig. 4.17). The substrate on which film
was deposited is silicon wafer (100), and the peak at about 69° in Fig. 4.17
belongs to silicon (400) diffraction.

Analysis of the SAD pattern (where there is no crystallite) gives rise,
on the other hand, to a diffuse pattern typical of an amorphous phase
(Fig. 4.18). Together with XPS analysis (Sec. 4.1.1), where silicon is mostly
in Si-N bond, the results confirm that the amorphous phase is amorphous
silicon nitride (a-SiN, ). Usually, the TiN deposited at such conditions is in
crystalline phase. Silicon nitride, however, stays amorphous even at 1100°C
[119]. These results are in agreement with the idea of spontaneous formation
of such nanostructures due to spinodal decomposition which occurs during
deposition [31].

Figure 4.19 shows an empiric model for the phase formation in Ti-
Si—N coating system, including the formation of nanocrystalline titanium
nitride (nc-TiN) and amorphous silicon nitride matrix (a-SiN,). The deposi-
tion conditions for the Ti—Si—N coating system are: deposition temperature

Fig. 4.15. HRTEM bright-field micrograph of nc-TiN/a-SiN, nanocomposite thin film
with 11.3 at.%$Si (sample P4) showing the crystalline in size of 6 nm embedded in matrix.
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Fig. 4.16. Selected area diffraction (SAD) pattern of nc-TiN/a-SiN,; nanocomposite
thin film with 11.3 at.%Si (sample P4) showing the crystalline TiN (111), (200) and
(220) crystallographic planes exhibit more distinct rings than other diffraction rings.
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Fig. 4.17. XRD pattern of nc-TiN/a-SiN, nanocomposite thin film with 11.3 at.%Si
(sample P4). Formation of crystallite TiN is confirmed.
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Fig. 4.18. SAD pattern (where there is no crystallite) of nc-TiN/a-SiN, nanocomposite
thin film with 11.3 at.%Si (sample P4) showing a diffuse pattern typical of an amorphous
phase.
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Fig. 4.19. Empiric model for phase formation in Ti-Si-N coating system: forma-
tion of nanocrystalline titanium nitride (nc-TiN) and amorphous silicon nitride matrix
(a-SiNg) [120].

at 450°C, and total deposition power densities of (Ti + SizNy) targets
greater than 6.6 W/cm?. In such deposition conditions, the mobility of the
species at the growing Ti—Si—-N surface can be enhanced by the high depo-
sition temperature and the ion bombardment effect which is due to the
high deposition target power density. This enhancement in mobility is high
enough to assure nanocrystals/amorphous phase segregation, forming the
nc-TiN/a-SiN, nanocomposite.
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4.1.3.2. Grain Size and Distribution

Usually, XRD results are used to calculate grain size with Scherrer for-
mula [79] or Williamson—Hall plot analysis [121] owing to convenient sam-
ple preparation compared to that of the TEM sample. However, grain size
calculated based on XRD results can be affected by some factors, such
as residual stress and texture. Thus, the bright-field TEM morphological
appearance of the nc-TiN/a-SiN, nanocomposite thin film is used to deter-
mine grain size and crystallite fraction. Typical bright-field TEM micropho-
tos and the corresponding SAD patterns of nc-TiN/a-SiN, thin films with
different silicon content are presented in Fig. 4.20 (with high magnification)
and Fig. 4.21 (with low magnification). Grain size and crystallite fraction
obtained based on the high magnification photos are consistent with those
based on the low magnification ones.

Figure 4.22 shows that nc-TiN grain size changes as a function of sili-
con content. The grain size of nc-TiN basically decreases with an increase
in silicon content. During the deposition, the Ti target power density does
not vary (5.5 W/cm?) while SizNy target power density varies from 1.1
to 5.5 W/cm? (samples P1 through P5) with N to Ar gas ratio as unity.
Though the presence of a large amount of No may result in Ti target poi-
soning to a certain degree (by forming TiN on Ti target surface) that would
contribute to some lessening of the Ti ion partial pressure, this effect would
be the same for samples P1 to P5 since they have the same Ti target power
density and the same Ny flow rate. However, the increase in of SigNy target
power inevitably increases silicon ion mobility and partial pressure while
reducing the titanium ion partial pressure, giving rise to a higher probabil-
ity of SiN, formation than TiN crystals. By the same token, the growth of
TiN nanocrystals is hindered, resulting in a decrease in the crystallite size.
At Si3Ny target power density of 6.6 and 7.7 W/cm? (samples P6 through
P8) and Ti target power density of 4.4 W/cm? down to zero, the titanium
ions do not have enough mobility or energy to form nc-TiN, thus the films
deposited are basically amorphous.

Figure 4.23 shows the relationship between crystallite fraction and sili-
con content. The increase in silicon composition comes from the increase in
silicon nitride target power density. At a higher sputtering power density
of SizN4, more ionic nitrogen should be available for the formation of TiN
crystallites from more complete ionization of reactive Na gas and a certain
degree of dissociation from the SisN4 compound. Also, higher target power
density effectively exerts stronger ion bombardment on the growing film,



Magnetron Sputtered Hard and Yet Tough Nanocomposite Coatings 43

Fig. 4.20. Bright-field TEM images (high magnification) and corresponding SAD pat-
terns of nc-TiN/a-SiN, nanocomposite thin films with different Si content: (a) 5.2 at.%
(b) 14.9 at.%, and (c) 52.7 at.%. Grain size decreases with an increase in Si content.
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(d)

()

Fig. 4.21. Bright-field TEM images (low magnification) of nc-TiN/a-SiN; nanocom-
posite thin films with different Si content: (a) 5.2 at.% (b) 14.9 at.%, and (c) 52.7 at.%.
Grain size decreases with an increase in Si content.
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Fig. 4.22. TiN crystallite size vs. Si content based on the TEM image observation. As

Si content increases from 1.7 at.% to 52.7 at.%, TiN crystallite size decreases from about
8 nm to zero.
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Fig. 4.23. TiN crystallite fraction vs. Si content based on the TEM image observation.
As Si content increases from 1.7 at.% to 14.9 at.%, TiN crystallite fraction increases
from 4% to 11%. Further increase in Si content to 52.7 at.% results in nearly no TiN
crystallite phase.
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thus supplying more nucleus for the formation of crystalline TiN. In addi-
tion, more kinetic energy can enhance segregation and formation of TiN.
Although this effect applies equally to the SiN, matrix, it does not show up
since it is amorphous. As a result, the nc-TiN crystallite fraction increases
with silicon content. The drastic dip in nc-TiN crystallite fraction from 23.6
at.%Si actually comes from the reduction in Ti target power density from
4.4W /ecm? down to zero, and very little or no nc-TiN is formed.

It should be pointed out that deposition time is only 20 min for the
TEM samples, compared to 120 min for those deposited on silicon wafers.
Therefore, the average grain size measured based on TEM microphotos
might be slightly smaller than the 120 min ones due to grain growth.

4.1.3.3. Preferential Orientation

Figure 4.24 reveals that SigNy target power density has a significant effect
on the orientation of the TiN crystallites. The degree of preferential orien-
tation can be quantitatively represented using coefficient of texture, Tz,
through Eq. (3.6). The calculated coefficient of texture is tabulated in
Table 4.4 and plotted in Fig. 4.25. At low SigN4 target power density
level, the nc-TiN is mainly oriented in the [111] direction (open squares
in Fig. 4.25). Increasing the SizN, sputtering target power density level,
the preferential orientation changes from [111] to [200] (solid circles) and
[220] (open circles). Further increase of the target power density aligns

Power density
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Fig. 4.24. XRD patterns of the nc-TiN/a-SiN; nanocomposite thin films with different
SigNy4 target power densities, revealing a significant effect of SigNy target power density
on the orientation of the nc-TiN crystallites.
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Fig. 4.25. Coefficient of texture of nc-TiN crystallites changing with SigNy4 target power
density. As SigNy power density increases, the preferential orientation changes from [111]
to [200] (solid circles) and [220] (open circles). Further increase of the target power density
aligns the nc-TiN crystallites in mainly the [220] direction. At very high SizNy4 target
power densities, the crystallites predominantly orient along the [220] direction.

the ne-TiN crystallites mainly in the [220] direction. At very high SizNy
target power density, the crystallites predominantly orient along [220]
direction.

The orientation and the evolution of the growing film depend basically
on the effective total energy: the rule of the lowest energy. This is also true
in the case of preferential growth orientation of TiN thin films [122]. The
most prominent competition energies are surface energy [123] and strain
energy [124]. The surface energy of a plane can be calculated using the sub-
limation energy and the number of free bonds per surface area. For TiN,
the surface energies for (111), (200) and (220) are 400, 230 and 260 J/m?,
respectively. Sublimation energy is 6.5 x 10719 J/atom [123,125]. The
(200) plane is the plane of the lowest surface energy in the TiN crystal
(which has the NaCl-type structure [126,127]). Thus, as the surface energy
is the main driving force, the TiN crystallites will orient on (200) plane
(or [200] growth direction). At the very beginning of the deposition, it
should be a surface energy controlled process because the strain energy
has not kicked in yet, thus (200) crystallographic plane should be pre-
dominantly parallel to the substrate surface. Since the total strain energy
is proportional to the layer thickness and depends on the mean elastic
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moduli acting in the (hkl) plane parallel to the interface, competition from
strain energy kicks in as the film grows. For pure TiN, the strain energy
is minimized when the (111) plane is parallel to the interface [125]. In
our experiment, even though the crystallite is not pure TiN but a (Ti,
Si)N solid solution, at low SizNy target power densities, the amount of Si
atoms in the TiN lattice is very limited (less than 2 at.% in the whole film
at 1.1 W/cm?, as revealed by XPS), thus the strain energy of the (111)
plane is dominant, resulting in the (111) texture. As deposition power den-
sity increases, the ions obtain greater kinetic energy which is even high
enough to force itself into the empty space in the TiN lattice and form
interstitial solid solution, as manifested in the lattice parameter increase
(Table 4.4). Meanwhile, simple calculation reveals that for the fcc struc-
ture (Fig. 4.26), the (111) plane has the highest planar density (PD) [19]
(defined as number of atoms per unit area in the plane): 0.29/r2, where
r is the radius of the atom forming fcc lattice. Thus squeezing into (111)
plane is more difficult (this would cause further increase in total system
energy). For (200), PD = 0.25/72, and for (220), PD = 0.18/r2. Therefore,
it is more probable for arriving ions to insert into (200) or (220) planes,
resulting in the least increase in the total system energy is (less strain
energy is generated because the atoms or ions do not have to squeeze as
hard). Consequently, since the (220) plane has the lowest planar density,
at high deposition power density, the preferential orientation is the [220]
direction.

Fig. 4.26. Schematic diagram of fcc structure. The (111) plane has the highest planar
density: 0.29/r2, where  is the radius of the atom forming fcc lattice. For (200), PD =
0.25/7r2, and for (220), PD = 0.18/r2.
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4.1.3.4. Lattice Parameter

During co-sputtering of Ti and SigN4 targets in Ar and Ny atmosphere,
aside from forming amorphous SiN, in the matrix, silicon also enters into
TiN crystallites as solid solute which can affect the nc-TiN lattice param-
eters. The calculated lattice parameters are listed in Table 4.4 and plotted
in Fig. 4.27 as a function of SigNy target power density. With an increase in
SizN,4 target power density, the lattice parameter increases from 0.42350 to
0.44408 nm. It is interesting to note that the measured TiN lattice parame-
ter of 0.42350nm at the lowest Si3Ny target power density (1.1 W/cm?) is
smaller than that of the database value of 0.42417nm; all other values are
larger than this value. At the 1.1 W/cm? target power density level, there
is reason to believe that the silicon ions for this deposition has very low
kinetic energy and thus very low mobility. In such a case, silicon forms sub-
stitutional solid solution with TiN [128], i.e. (Ti, Si)N. Since the ionic radius
of Si 4 (0.041nm) is only about half of that of Ti 3% (0.075nm) [129], sub-
stitution of titanium with silicon results in the reduction in lattice param-
eter. Thereafter, as the SigNy target power density is increased to 2.2, 3.3
and 5.5 W /cm?, the silicon ion would have obtained much more kinetic
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Fig. 4.27. Calculated lattice parameter as a function of Si3N4 target power density.
With an increase in SigNy target power density from 1.1 to 5.5 W/cm2, lattice parameter
increases from 0.42350 to 0.44408 nm.
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Fig. 4.28. Schematic diagram of microstructure of (Ti, Si)N solid solution, where Si is
in the interstitial position of TiN lattice.

energy, thus forming interstitial solid solution (Fig. 4.28) [129]. Therefore,
an increase in lattice parameter is observed.

4.1.4. Mechanical Properties

The effects of the sputtering power density of SigN, target on mechanical
properties, such as residual stress, Young’s modulus, hardness and adhesion
strength are summarized in Table 4.5.

Table 4.5. Mechanical characteristics of hard and superhard nc-TiN/a-SiN; nanocom-
posite thin films.

Sample code P1 P2 P3 P4 P5 P6 P7 P8
Residual stress

o (MPa) —-42 —-5.6 —40.2 —82.0 -—-150.0 — —67.5 —52.5
Hardness

H (GPa) 7.6 16.6 20.7 25.8 36.8 16.4 155 15.0
Young’s modulus

E (GPa) 196 209 222 276 324 211 185 184
Critical load (mN)

Lca 200 300 250 225 175 50 50 50

Lco 350 375 450 375 325 200 225 250
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4.1.4.1. Residual Stress

The residual stress data obtained from Eq. (3.17) is plotted in Fig. 4.29
as a function of SigN, target power density. With an increase of SizNy
target power density, the residual stress increases from near-zero to about
—0.15 GPa. The minus sign indicates that the stress is in the compressive
state. This is a very small residual stress for magnetron sputtering deposited
thin films.

Assuming that the stress is zero, which results purely from a change
of temperature (as a result of slow cooling from deposition temperature
to room temperature), the residual stress o in magnetron sputtered films
is structure related and results from the three aspects are as follows
(Eq. (4.1)): thermal stress or, growth-induced stress o, and structural
mismatch-induced stress o,,:

o=01+0g+ Om. (4.1)

The thermal stress or is an extrinsic stress resulting from the difference
in the coefficient of thermal expansion (CTE). The latter two stresses
(growth-induced stress o, and structure mismatch-induced stress o,,) con-
stitute the intrinsic stress [130,131]. In our nc-TiN/a-SiN, nanocomposite
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Fig. 4.29. Relationship of residual stress with SizN4 target power densities. With
increasing SigNy4 target power density, the residual stress increases from near-zero to
about —0.15 GPa.
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thin films, since the matrix is amorphous, basically no effort is needed in
structure “matching” between nc-TiN and the a-SiN, matrix, therefore
om ~ 0. Thus in our system, the residual stress ¢ mainly comes from ther-
mal stress o and growth-induced stress o4, which are analyzed in detail
below.

1. Thermal Stress (o)

The thermal stresses originate from the fact that the CTE is different
between the thin film and the substrate. Hence the shrinkage of the film
differs from that of the substrate during post deposition cooling. The stress
in the film measured at room temperature Ty, (usually 25°C) can be cal-
culated using the following equation [132,133]:

Ef Trm
or = o [ (au(r) ~ as(r) . (42)
1- Vi JTaep
where Tqep and Tiy represent the deposition temperature and room tem-
perature, respectively. Ey and vy are the elastic modulus and the Poisson
ratio of the film. af(T") and a,(T") are CTE of the thin film and substrate,
respectively. Though CTE normally varies with temperature, for a rough
estimation, if we do not take the temperature effect into account, we may
use the CTE data from the literature (listed in Table 4.6) to estimate the
thermal stresses. Our XPS analysis shows there is no trace of Ti—Si; even
if there is some, the amount is quite small. So we do not consider the TiSi
phase effect during the residual stress analysis. Using XPS composition
results (Table 4.2) and assuming only TiN and SigNy (for the simplicity
of estimating the fraction of a-SiN,) exist in the film, TiN fraction is esti-
mated. Based on the rule of mixtures between TiN and SizN4, CTE values
of the nc-TiN/a-SiN, nanocomposite thin films are calculated and listed
in Table 4.7. Also listed in Table 4.7 are the thermal stresses calculated
using Eq. (4.2). Note that these values are positive, i.e. a tensile stress is
generated in the film due to thermal mismatch between the film and the

Table 4.6. Material constants used for calculation of thermal stress o.

Constant Notation Value Ref.

CTE (Si substrate) as; 2.6 x 10 ~%/K [134]

CTE (TiN) aTiN 9.4 x 10 ~6/K [135]

CTE (SizNy) Qsi3N4 2.5 x 10 ~6/K [135]
[

Poisson’s ratio (for all films) Vg 0.25
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Table 4.7. Calculated CTE and thermal stress o.

Sample  SizN4 power TiN (%) CTE E or
code density (W/cm?) (x10 8/K) (GPa) (GPa)
P1 1.1 98.86 9.3 196 0.75
P2 2.2 96.17 9.1 209 0.78
P3 3.3 94.07 9.0 222 0.80
P4 4.4 90.33 8.7 276 0.95
P5 5.5 85.56 8.4 324 1.05

substrate. This is easily understood since the CTE of the film is greater
than that of the substrate. Upon cooling, the shrinkage in the film would
be more than that in the substrate. Since the film is not delaminated, the
film must then be “stretched” (thus tensile stress) to satisfy the continuity
between the film and the substrate.

2. Growth-Induced Stress (oy)

The stress resulting from the growth of sputtered thin film depends on
substrate temperature, gas pressure and bias voltage, i.e. the kinetic energy
of the ions. In magnetron sputtering, the kinetic energy of the ions is of the
order of 100 eV [130,137], sufficient to create defects in the growing layer.
Increasing the bombardment leads to an increase in stress [131]. In general,
as sputtering power density increases, the kinetic energy of the impinging
ions increases, which results in an increase in the strain of the film [138].
Within a certain sputtering power range, this can be best understood by
relating the deposition ion energy U, with the target power density D,
together with substrate bias V; and gas pressure P, through Eq. 4.3:

D, Vs

Uk()(m.

(4.3)
Therefore, this energetic ion generates stress in both the amorphous matrix
and the nanocrystalline phase. In the amorphous matrix, the energetic ionic
bombardment induces atomic distortion or atom displacement from their
equilibrium (stress-free) locations. In the crystalline phase, this energetic
ion generates lattice distortion in terms of substitutional or interstitial solid
solution (Table 4.4), resulting in the increase in the lattice parameter of
nc-TiN from 0.42350nm to 0.44408 nm. The total growth-induced stress o,
can be seen from the difference of the total residual stress o and the thermal
stress or. From Eq. (4.1),

0g =0 —0T. (4.4)
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Since the total residual stress o (neglecting structural mismatch-induced
stress g,,) is from near-zero to —0.15 GPa, and the thermal stresses o are
about 1 GPa (Table 4.5), the growth-induced stress o, is therefore about
—1 GPa. These two components of residual stresses are opposite in sign,
thus they mostly cancel each other out, resulting in an almost stress-free
thin film.

4.1.4.2. Hardness
4.1.4.2.1. Nanoindentation

Figure 4.30 shows one typical nanoindentation load-displacement profile of
nc-TiN/a-SiN,, nanocomposite thin film with 14.9 at.%Si (sample P5). The
film thickness is 600 nm. The film roughness (R,) in 300 nm x 300 nm areas
is about 0.8 nm (less than 1% of the film thickness), which is identified using
AFM. The maximum load during indentation is 1.14 mN and the maximum
indentation depth is 50nm (less than one tenth of the film thickness). The
hardness and Young’s modulus analyzed using Oliver—Pharr method are
36.8 GPa and 324 GPa, respectively.

4.1.4.2.2. Effect of Indentation Depth

Nanoindentation with different indentation depth were performed on nc-
TiN/a-SiN, nanocomposite thin film with 11.3 at.%Si (sample P4, with
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Fig. 4.30. Nanoindentation load-displacement profile of nc-TiN/a-SiN; nanocomposite
thin film with 14.9 at.%Si (sample P5). Nanoindentation depth is less than one tenth of
the films thickness so as to avoid the effect of substrate on film hardness.
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Fig. 4.31. Hardness as a function of indentation depth. When indentation depth is less
than one tenth of the coating thickness, the hardness near keeps a constant value of
about 25.8 GPa. With increase in indentation depth, the measured hardness decreases
due to the effect of Si substrate (hardness 9.8 GPa).

600 nm in thickness) to study the effect of indentation depth on film hard-
ness. Figure 4.31 shows the measured hardness as a function of indentation
depth. When indentation depth is within one tenth of film thickness, the
average measured hardness is nearly constant, which represents the intrinsic
hardness. The measured intrinsic hardness of nc-TiN/a-SiN, nanocompos-
ite thin film with 11.3 at.%Si is 25.8 GPa. Under lower indentation depth,
such as 25 nm, the deviation from the average value is much larger than that
under high indentation depth, for example 50 nm. This is due to the fact
that small indentation depth tends to be significantly affected by surface
roughness compared to high indentation depth. When indentation depth
exceeds one tenth of film thickness, with further increase in depth, the
measured hardness decreases linearly. This is because the elastic—plastic
deformation field in the film just below the indenter is not confined to the
film itself, but to a long range field that extends into the silicon substrate.
The effect of silicon substrate on film hardness is inevitable. The silicon
(100) wafer substrate has much lower hardness (9.8 GPa) than that of nc-
TiN/a-SiN, nanocomposite thin film (25.8 GPa) with 11.3 at.%Si (sample
P4). Therefore, with an increase in indentation depth, the measured hard-
ness decreases.



56 S. Zhang et al.

4.1.4.2.3. Effect of Residual Stress

Figure 4.32 shows the relationship between hardness, residual stresses and
silicon content for nc-TiN/a-SiN, nanocomposite thin films. Veprek [12]
pointed out that the intrinsic hardness values for film are those with residual
stress less than 1 GPa. Under that condition, the residual stress will not
contribute to the measured hardness value. Since all the as-prepared nc-
TiN/a-SiN, nanocomposite thin films have residual stresses far less than
1 GPa, the enhancement of the hardness in these nanocomposite films is
not due to residual stress.

4.1.4.2.4. Effect of Grain Size and Crystallite Fraction

Plotting nanoindentation hardness against nc-TiN crystallite size gives rise
to Fig. 4.33. This clearly demonstrates: (a) as crystallite size decreases
(going from right to left on X-axis), film hardness increases drastically
(Hall-Petch relationship); (b) the maximum (37 GPa) is approximately
6nm crystallite size; (c) further decrease in crystallite size brings about
a decrease in hardness (the anti-Hall-Petch effect); and (d) the hardness
tails off to the hardness of an amorphous phase as crystallite size diminishes.
This result matches extremely well with Schiotz’s theoretical prediction [16].
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Fig. 4.32. Relationship between hardness, residual stress and Si content for nc-TiN/a-
SiNg nanocomposite thin films. There is no impact on the film hardness from the residual
stress.
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Fig. 4.33. Nanoindentation hardness vs. nc-TiN crystallite size in the nc-TiN/a-
SiNg nanocomposite thin films: both Hall-Petch and anti-Hall-Petch phenomena are
observed.
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Fig. 4.34. Hardness varies with nc-TiN crystallite fraction and Si content. Film hard-
ness increases significantly to about 37 GPa at about 14.9 at.%Si, corresponding to the
maximum crystallite fraction of about 11%. Further increase in Si brings about drastic
decrease in hardness to about 15 GPa, which is a common value reported for SizNy film;
this again, corresponds to the reduction in crystallite fraction.
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Figure 4.34 displays the relationship between film hardness together
with crystallite fraction as a function of silicon content. The film hardness
increases significantly to about 37 GPa at about 14.9 at.%$Si, correspond-
ing to the maximum crystallite fraction about 11%. Further increase in
silicon brings about drastic decrease in hardness to about 15 GPa, which
is a common value reported for SigNy thin film. This again, corresponds
to the reduction in crystallite fraction. In order to simplify the calcu-
lation, assuming crystallite is a ball-shape with diameter of d and the
grain boundary is the near out-layer (thickness Ad) of the crystallite,
then the volume of grain boundary Vioundary can be roughly estimated

using
V::r stal 4 d 3 4 d 3
Voboundary = 4o |=m [ =+ Ad ) — =7 | = . 4.5
boundary %71'(%)3 [3W<2+ 371' 5 ( )
Taking the first two terms of Taylor expansion, Eq. (4.5) is simplified to
chrystal d ? ‘/cr stal
oundary ~ -4 s Ad) = Rbsd L Ad, 4.
Vi~ 2255 w(3) @a =o' (146)

where Veiystal is the volume of crystalline. From Eq. (4.6) it can be seen
that the grain boundary volume is proportional to crystalline volume and
reversely to grain size. With increase in silicon content to about 14.9 at.%,
the grain size decreases to about 5nm (Fig. 4.22) while crystalline frac-
tion (represented in area ratio in this case) increases to 11% (Fig. 4.23).
Therefore, the grain boundary volume should increase significantly. Thus,
there is more grain boundary to effectively hinder dislocation propagation,
which contributes to the increase in hardness. With further increase in sil-
icon content, the crystallite fraction (represented in area ratio in this case)
decreases to less than 1%, and at the same time, grain size decrease to 3 nm.
Grain boundary strengthening is weakened. The grain boundary sliding is
more active, which contributes to the decreases in hardness.

4.1.4.2.5. Relationship Between Hardness and Young’s Modulus

Figure 4.35 shows the relationship between hardness and Young’s modulus
for a number of nc-TiN/a-SiN, nanocomposite thin films with different
silicon content. The experiment data show an approximately linear increase
in the Young’s modulus with the hardness. The Young’s modulus varies by
a factor of 5.45, showing a proportionality E = [122 £ 8)]+[5.45 £ 0.37] x H.
It is generally accepted that hardness of bulk material scales with the energy
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Fig. 4.35. Correlation between indentation hardness and Young’s modulus for nc-
TiN/a-SiN; nanocomposite thin films.

of dislocation because the plastic deformation of crystalline materials is due
to dislocation activity, and the energy of a dislocation is proportional to
the shear modulus through [139]:

Uscrow = Gb?, (4.7)
52
1—wv

Unige = G——, (48)
where Uscrew and Uegge are energies of screw dislocation and edge dislo-
cation, respectively. b is Burgers’ vector. G is the shear modulus, which
is related to Young’s modulus E. Therefore, it is not surprising that such
correlation between the indentation hardness H and the Young’s modulus
E can be found for the hard and superhard nc-TiN/a-SiN, nanocomposite
thin films.

Figure 4.36 shows H?3/E? as a function of thin film hardness. The ratio
of H®/E? is regarded by Tsui et al. [140] as an important criterion of the
resistance against plastic deformation for hard materials and is emphasized
by Musil [141] as an important criterion of mechanical properties for hard
nanocomposite thin films. Measured values of hardness H and Young’s
modulus E enable calculation of the ratio H3/E?, which gives information
on the resistance of materials to plastic deformation. The higher the ratio
of H3/E?, the higher the resistance to plastic deformation. From Fig. 4.36,
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Fig. 4.36. H3/E? as a function of hardness. The resistance to plastic deformation
increases with the increase in film hardness.

it can be clearly seen that the resistance to plastic deformation increases
with the increase in film hardness.

4.1.4.3 Toughness

To investigate the repeatability of microindentation method in determin-
ing thin film toughness, microindentation under different indentation load
were conducted on 600nm thick nc-TiN/a-SiN, nanocomposite coatings
with different silicon content. The well-defined (¢ > 2a) cracks generated
by microindentation were used to calculate the thin films toughness through
Eq. (3.16). In order to obtain well-defined radial crack (¢ > 2a) and to focus
and observe conveniently under SEM, indentation loads of 10.00, 5.00, 2.00
and 1.00 N were used. The sample information and calculated toughness
values are tabulated in Table 4.8 and plotted in Fig. 4.37. The extrapo-
lated toughness values in Table 4.8 were obtained by plotting the calcu-
lated toughness value and then extrapolating the curve to depth of about
one tenth of the film thickness.

Figure 4.37 shows the calculated toughness of nc-TiN/a-SiN,, thin films
with different silicon content under different indentation loads. All the
curves obtained under different loads, such as 10.00, 5.00, 2.00 and 1.00 N,
confirm that the nc-TiN/a-SiN, nanocomposite thin film with 7.2 at.%Si
(sample P3) possesses the highest toughness. In addition, all the curves
plotted show a consistent trend, which indicates that the microindentation
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Table 4.8. Toughness of nc-TiN/a-SiN, nanocomposite thin films with different
Si content under different indentation loads.

Indentation load (N)

Extrapolated

Sample code  10.00 500  2.00 100 toughness value
(MPa m!/2)

Calculated toughness value (MPa m?!/2)

P1 1.13 1.40 1.18 1.53 1.31

P2 0.75 0.96 0.82 0.92 0.86

P3 1.20 1.40 1.89 2.00 1.62

P4 0.81 0.89 1.11 1.46 1.07

P5 0.75 0.73 0.72 0.94 0.78

P6 0.86 0.83 1.13 1.16 0.99

P7 0.95 0.80 0.99 1.15 0.97

P8 0.88 1.04 0.87 1.23 1.00

2.0 Indentation load P:
__ 18 —m— 10.00N
= - —e— 5.00N
E 16 —A— 200N
o I —v— 1.00N
g 1.4
g . v
1.2 S
_g'é’ I X—vVv
2 1.0 \‘ L
o L _— n
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Fig. 4.37. Toughness (under different test loads: 10.00, 5.00, 2.00 and 1.00 N) of nc-
TiN/a-SiN; nanocomposite thin films with different Si content. From the four curves
plotted, it can be concluded that microindentation is a reasonable method for thin film
toughness measurement with high consistency and repeatability.

method has high repeatability and can be used as a fairly reliable represen-
tation of toughness for thin films. However, it should be pointed out that
the measured toughness is affected by the silicon substrate under such high
indentation load due to the small thickness (0.6 pm) of the coatings.

It is worth pointing out that, in this section, we assess the tough-
ness measurement methodology. The drop of toughness for nc-TiN/a-SiN,,
with 5.2 at.%Si is not due to the test method. This trend has also been
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observed for other testing approaches, such as scratch and nanoindentation
(Fig. 4.42). The mechanism of toughness of nc-TiN/a-SiN, nanocomposite
thin film varying with silicon content needs further study.

4.1.4.4 Adhesion

In a scratch test, the critical loads L.; and L.s can be determined through a
combination of optical observation (Fig. 4.38) and a sudden kink in friction
(expressed in terms of voltage ratio in Fig. 4.39) [12,142]. The complete
peeling off of film from substrate is represented by a sudden large change
in friction.

Figure 4.38 shows the optical observations of scan scratch track on nc-
TiN/a-SiN, nanocomposite thin film surface at both low and high magni-
fications. Below the lower critical load L1, the thin film is scratched by
the scratch tip, associated with the plastic flow of materials. At and after

(b)

Fig. 4.38. Optical observation with (a) low magnification, and (b) high magnification
of the film surface after scanning scratch, showing that cracking occurs and there is a
complete peeling off of coating from substrate.
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Fig. 4.39. One example of scratch test showing lower critical load L., under which the
cracking occurs in coating, and higher critical load L2, under which there is a complete
peeling off of coating from substrate.

the lower critical load L., cracks were observed. The schematic diagram of
scratch damage mechanism for the nc-TiN/a-SiN, nanocomposite thin film
is shown in Fig. 4.40. Before the lower critical load L., if a film has good
toughness, scratch associated with the plastic flow of materials is respon-
sible for the damage of film [Fig. 4.40(a)]. If a film has a poor toughness,
cracking could occur during the scan scratch process, associated with cracks
and debris [Fig. 4.40(b)]. When the load increases up to the higher critical
load L2, delamination or buckling will occur, which induces complete peel
off of films from substrate [Fig. 4.40(c)].

Figure 4.41 shows the scratch toughness, which is represented by lower
critical load L. varying with silicon content in nc-TiN/a-SiN, nanocom-
posite thin films. The scratch toughness is characterized using lower critical
load L.; obtained from the scratch test. The highest scratch toughness can
achieve approximately 300 mN for nc-TiN/a-SiN, nanocomposite films with
5.2 at.%Si. However, the critical load is not “fracture toughness” (and, of
course, the unit is wrong for fracture toughness). What the lower critical
load represents is a load bearing capacity, or crack initiation load. Perhaps
it can be treated as some sort of “crack initiation resistance”: the higher the
L1, the more difficult it is to initiate a crack in the film. However, initiation
of a crack does not necessarily result in fracture in the film; what important
is how long the film can hold and withstand further loading before a catas-
trophic fracture occurs. Thus, the film toughness should be proportional to
both the lower critical load L.; and the load difference (L.2 — L.1) between
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Fig. 4.40. Schematic diagram of scan scratch damage mechanism of the nc-TiN/a-SiNg
nanocomposite thin film: (a) scan scratch associated with the plastic flow of materials,
(b) crack formation in film at the lower critical load L.1, and (c) total peeling off of
coating from substrate at the higher critical load Lca.
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the higher and the lower critical load. The product of these two terms is
termed “scratch crack propagation resistance”, or CPRg:

CPRS = Lcl (L(:Q - Lcl) (49)

The parameter CPRg can be used as a quick qualitative indication of the
film toughness or used in a quality control process for tough film.

As a first degree approximation, the parameter “scratch crack prop-
agation resistance” (or CPRy) is used to qualitative estimate the film
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Fig. 4.41. Scratch toughness represented by lower critical load L¢1 for nc-TiN/a-SiNg
nanocomposite thin films with different Si content. Sample P2 shows the best toughness
property.

toughness. The film toughness represented by CPRys for nc-TiN/a-SiN,
nanocomposite thin films with different silicon content is shown in Fig. 4.42.
A high L.; value means that the film has a high ability to resist cracking,
whereas a high L. value means that the film is more durable, i.e. even if
cracking occurs, the film is not totally damaged. From a machining appli-
cation viewpoint, the nc-TiN/a-SiN, nanocomposite thin film prepared
with silicon content of 7.2 at.% is preferred for its good comprehensive
mechanical properties. This film has high crack initiation resistance (with
L.1 = 250mN) and high adhesion strength (with L.o = 450 mN). At the
same time, the film has a high hardness of about 20 GPa. While the nc-
TiN/a-SiN,; nanocomposite thin film with silicon content of 5.2 at.% shows
poor mechanical properties, the crack propagation resistance (CPRy) is
the lowest (Fig. 4.42). The ability to resist crack for this film (with 5.2
at.%8i) is not too low (L.; = 300mN). However, if cracking occurs, the
film will be totally damaged in a short time due to its lower adhesion
strength (Lee = 375mN).

4.1.5. Summary

The effect of SigNy target power density (and/or target power ratio of Ti
to SigNy4) on mechanical properties, such as residual stress, hardness and
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Fig. 4.42. Toughness (denoted by crack propagation resistance) of nc-TiN/a-SiNg
nanocomposite thin films with different Si content. Sample P3 shows the best tough-
ness property.

toughness, of the nc-TiN/a-SiN, nanocomposite thin films can be summa-
rized as follows:

1. The residual stress resulting from sputtering deposition of nc-TiN/a-
SiN, nanocomposite thin films comprise mainly of growth-induced
stress and thermal stress. Growth-induced stress increases with sputter-
ing target power density, but only reaches about —1GPa, even when
the highest target power density is used. Growth-induced stress is
opposite in sign and roughly equal in quantity to the thermal stress
induced by the difference in the coefficient of thermal expansion between
the film and the silicon wafer substrate. As a result, the magnetron
sputtered nc-TiN/a-SiN, nanocomposite thin films become almost
stress-free.

2. Hardness was measured using nanoindentation with a depth less than
one tenth of film thickness. The indentation data was analyzed using
the Oliver—Pharr method. The enhancement in hardness is due not to
low residual stress (less than —1 GPa), but to microstructure. The rela-
tionship between the nc-TiN/a-SiN, nanocomposite thin film hardness
and the crystallite size of nc-TiN matches the Hall-Petch relationship at
larger crystallite size and anti-Hall-Petch relationship as the crystallite
size becomes very small (below 6nm in this study). The relationship
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between hardness and Young’s modulus is agreeable with that obtained
from the other nanocomposite thin film system.

3. Toughness measurement and assessment evaluation results confirm that
microindentation is a convenient and repeatable technique used to char-
acterize toughness of hard thin film deposited on brittle substrate. At
high indentation load, well-defined (¢ > 2a) radial crack lengths gen-
erated are clear and can be easily used to calculate toughness. How-
ever, substrate effect may come into play and affect the actual values of
thin film toughness. At lower indentation load, substrate effect on thin
film toughness measurement can be reduced. However, there come other
difficulties, including generating a well-defined (¢ > 2a) radial crack,
locating the crack, focusing the crack under electron microscopy and
measuring the crack length. A nanoindentation test can be conducted to
characterize thin film toughness both quantitatively and qualitatively. In
quantitative determination of thin film toughness, the substrate effect
can be significantly reduced, however, difficulties come from locating
the indentation impression and measuring crack length. In qualitative
characterization, plasticity can present consistent trends for series sam-
ples. However, plasticity is not “toughness”. Scratch test data can be
used indirectly to qualitatively characterize thin film toughness. Crack
propagation resistance parameter has been proposed. However, these
parameters are not the termed “toughness”. Two-step tensile test can
be conducted to measure the toughness of the thin films in the case of
satisfying the assumptions.

4. The toughness of as-prepared nc-TiN/a-SiN, nanocomposite thin films
(samples P1 to P8) has been measured using the microindentation
method due to its convenience. To deduce the film toughness from the
substrate-effected data, Kic values are plotted and the curve is then
extrapolated to a depth of about one tenth of the film thickness to obtain
the film toughness. The results show that the nc-TiN/a-SiN, nanocom-
posite thin film with 7.2 at.%Si has the highest toughness value of 1.62
MPa m'/2, while the thin film with 14.9 at.%Si has the poorest toughness
(0.78 MPa m'/?).

4.2. Ni-Toughened nc-TiN/a-SiN,

Irie et al. [143] proposed doping metallic nickel into hard and superhard
TiN coatings by cathodic arc ion plating to improve toughness. TiN and
Ni were selected for the high hardness phase and high toughness phase,
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respectively. In this study, in order to obtain thin films with high hardness
in combination with high toughness, Ni-toughened nc-TiN/a-SiN, films
were deposited by doping Ni into nc-TilN/a-SiN, with high hardness. TiNi
(atomic ratio of 50/50, 99.99%) target was used as the source of Ni. DC
magnetron powers were applied to Ti and TiNi targets, while RF power was
used on SizgNy target. Four-inch silicon (100) wafers were used as substrate.
The substrate treatment was the same as that for deposition of nc-TiN/a-
SiN, samples. The base pressure for deposition was 1.33 x 10~° Pa. During
deposition, gas pressure was 0.67 Pa, and gas flow rates for Ny and Ar were
both 15 sccm. Deposition was performed at a substrate temperature of
450°C for two hours to obtain films with thickness of about 0.7 pm. Film
deposition parameters are listed in Table 4.9 according to the Ni-toughened
nc-TiN/a-SiN, nanocomposite thin films prepared.

The as-prepared Ni-toughened nc-TiN/a-SiN, nanocomposite thin
films were studied using different characterization techniques, such as
XPS, AFM, XRD/GIXRD, TEM/HRTEM, scratch, microindentation
and nanoindentation. The results and discussions are presented in this
section.

4.2.1. Composition

All Ni-toughened nc-TiN/a-SiN, nanocomposite thin films are etched with
an Ar ion beam for 15 min before composition measurement. The chemical
compositions obtained from XPS are listed in Table 4.10, in which the
atomic concentration of Ni, Ti, Si and N are used to describe the samples.
The results show that titanium content for all samples is about 30 £ 5 at.%.
Ni content for all samples varies greatly from zero to 38.8 at.% with different
experimental conditions, mainly target power ratio of TiNi/(TiNi+ Ti).

Table 4.9. Experimental conditions for deposition of Ni-toughened
nc-TiN/a-SiN, nanocomposite thin films.

Sample code S1 S2 S3 S4 S5 S6 ST S8

Deposition SigNy target power 6.6 66 6.6 66 66 6.6 66 4.4
condition density (W/cm?2)

TiNi target power 0 02 07 11 14 16 22 44
density (W/cm?)
Target power ratio 0 0.04 0.12 0.20 0.25 0.30 0.40 1.00

of TiNi/(TiNi-+Ti)
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Table 4.10. Chemical composition characteristics of Ni-toughened nc-TiN/a-SiNg
nanocomposite thin films.

Sample code S1 S2 S3 S4 S5 S6 S7 S8
Deposition SizNy4 power 6.6 6.6 6.6 6.6 6.6 6.6 6.6 4.4
condition density (W/cm?2)

TiNi power 0 0.2 0.7 1.1 1.4 1.6 22 44
density (W/cm?)
Power ratio of 0 0.04 0.12 0.20 0.25 0.30 0.40 1.00
TiNi/(TiNi+ Ti)
XPS Chem. Ni 0 21 43 6.3 13.0 164 19.0 38.8
Com. Ti t.% 35.7 37.2 332 293 26.2 266 274 26.8
Si (at.%) 12,5 10.6 14.0 153 17.0 14.1 11.5 4.7
N 51.8 50.1 48.5 49.1 43.8 429 421 29.7

4.2.1.1 Quantitative Compositional Analysis

Figure 4.43 shows one detailed XPS survey scan spectrum with indexed
peaks. XPS survey scan spectra with binding energy from 0 to 1100 eV is
recorded. The dominant signals are from C, O, Ni, Ti, Si and N. Oxygen
and carbon contaminations exist because of film exposure to air (ambient
laboratory). The XPS spectrum is obtained without prior surface bombard-
ment by Ar ion beam.

Figure 4.44 shows one typical XPS depth profile of the Ni-toughened nc-
TiN/a-SiN, nanocomposite thin film with 4.3 at.%Ni (sample S3). There
is an inevitable oxygen and carbon contamination layer on the film surface,
which is expected to render an insignificant effect on the film’s mechanical
properties such as nanoindentation hardness. Ni and Si contents increase
at the beginning and then remain almost constant, whereas Ti and N con-
tents increase dramatically at the beginning and then increase slightly after-
wards.

Figure 4.45 shows the Ni 2p core level spectrum. The peaks at the bind-
ing energy value of 853.0 eV and 870.7 eV are confirmed to be 2p3/, and
2p1 /2 of metallic nickel, respectively. The peak at 859.6 eV is the satellite
peak, which is probably a consequence of sputter-damaged crystallites [69].
No nickel nitride exists, as has been reported by [143,144]: nickel will not
react with No because the formation of nickel nitride is much more ther-
modynamically unfavorable than the formation of TiN.
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Fig. 4.43. XPS survey scan of Ni-toughened nc-TiN/a-SiN, nanocomposite thin film.
The main signals come from C, O, N, Si, Ni and Ti.
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Fig. 4.44. XPS depth profile of the Ni-toughened nc-TiN/a-SiN; nanocomposite thin
film with 4.3 at.%Ni (sample S3).

4.2.1.2 Effect of Deposition Conditions

Figure 4.46 shows the relationship between chemical composition and tar-
get power ratio of TiNi/(TiNi+ Ti) for the Ni-toughened nc-TiN/a-SiN,,
nanocomposite thin films (samples S1 to S8) deposited at 450°C. It is
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obvious that Ni content in the as-prepared thin films increases linearly from
0 to 39 at.% with an increase in TiNi/(TiNi+ Ti) from zero to unity, while
N content decreases linearly from 52 at.% to 30 at.%. Ti content decreases
from about 35 at.% to 26 at.% with an increase of TiNi/(TiNi+ Ti) from
zero to 0.25; with further increase in target power ratio, Ti content keeps
constant at about 26 at.%. For Si content, with an increase in target power
ratio from zero to 2.5, silicon content increases from 12 at.% to 17 at.%;
with further increase of TiNi/(TiNi+ Ti) to unity, silicon content decreases
to 5 at.%.

4.2.2. Topography

The effect of sputtering target power ratio of TiNi/(TiNi+ Ti) on surface
topography is evaluated using AFM. Film topography characteristics are
listed in Table 4.11.

Figure 4.47 shows AFM images (1pm x1pm) of Ni-toughened nc-
TiN/a-SiN, nanocomposite thin films prepared with different target power
ratios of TiNi/(TiNi+ Ti). With an increase in target power ratio, the
roughness gradually decreases. Numeric treatment of the images gives
rise to the height—height correlation function G(r) as described through
Eq. (3.1).

Figure 4.48 plots G(r) as a function of r for the Ni-toughened nc-TiN/a-
SiN, nanocomposite thin films (samples S1 to S7) represented by Fig. 4.47.
The oscillation is due to the insufficient sampling size [77]. As predicted by
Eq. (3.4), when r is small, G(r) has a power law dependence on distance
r. At “distant” locations (i.e. r is quite large), G(r) is nearly a constant.
Fitting the curves using Eq. (3.4) gives the interface width w and lateral
correlation length £. Plotting these values gives rise to Fig. 4.49. The com-
petition of vertical build-up and lateral diffusion determines the morphol-
ogy of the growing surfaces. The vertical build-up is caused by the random

Table 4.11. Topography characteristics of Ni-toughened nc-TiN/a-SiN; nanocompos-
ite thin films.

Sample code S1 S2 S3 S4 S5 S6 ST S8
Topography Roughness (nm) R, 63 61 54 42 38 25 1.6 —

Interface w 80 74 66 64 39 32 13 —

width (nm)

Lateral correlation 13 14.6 139 11.3 105 98 94 — —

length (nm)
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Fig. 4.47. AFM topography of the Ni-toughened nc-TiN/a-SiN, nanocomposite thin
films with increasing power ratio of TiNi/(TiNi+ Ti): (a) 0, (b) 0.04, (c) 0.12, (d) 0.20,

(e) 0.25, (f) 0.30, and (g) 0.40, with roughness (Rq,nm) 6.3, 6.1, 5.4, 4.2, 3.8, 2.5, and
1.6, respectively.
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Fig. 4.48. Height—height correlation G(r) for the thin films with different
TiNi/(TiNi+ Ti) power ratio. The oscillation is due to the insufficient sampling size.

angle incident of the arriving atoms (due to the uniform rotation of the
substrate), and the growth produces columnar film structure. The lateral
growth depends on surface diffusion which is largely determined by kinetic
energy of the arriving ions. This is clearly seen from the trends of w and £ in
Fig. 4.49. As target power ratio of TiNi/(TiNi+ Ti) increases from 0 to 0.3,
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Fig. 4.49. Interface width w and lateral correlation length £ vary with target power
ratio of TiNi/(TiNi+ Ti). As target power ratio of TiNi/(TiNi+ Ti) increases from 0 to
0.3, w decreases from ~8 to ~3nm, and £ decreases from ~15 to ~9nm.

the interface width w decreases from ~8 to ~3nm (Fig. 4.49), indicating
that the film becomes smoother (recall that w is the root mean square of
the vertical fluctuation). As target power ratio of TiNi/(TiNi+ Ti) increas-
ing, £ decreases from ~15 to ~9nm. Since £ depicts the distance within
which the “height” values (i.e. roughness) are correlated, smaller £ means
the surface topography is correlated in a narrow area.

The growth kinetics is controlled by the mobility of the impinging atoms
on the surface before they condense and become entrapped in the film.
This mobility can be enhanced by inputting energy to the system, such
as increasing deposition temperature or supplying impact energy through
ion bombardment. The preferential sputtering of a compound target by ion
bombardment is well known [145]. Since titanium and nickel have different
melting points (1660 and 1453°C [146]), Ni is apt to be sputtered. In addi-
tion, the presence of a large amount of No can result in a certain degree of
Ti target poisoning (by forming TiN on Ti target) that would contribute to
the lessening of Ti ion partial pressure. Preferential sputtering and target
poisoning are the reasons for ion bombardment effect strengthening with
increase of TiNi target power even though the (TiNi+ Ti) total power is
kept constant for the Ni-toughened nc-TiN/a-SiN,, thin films (samples S1
to S7). Thus, at low target power ratio of TiNi/(TiNi+ Ti), ions have low
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mobility and would thus be more likely to “stick” at where it arrives: the
surface diffusion is slow, and the chances of erasing the peaks and filling
up the “valleys” are small, thus increasing a much rougher surface. In the
same token, small ¢ indicates that the surface topography is correlated
only in a small area. As target power ratio of TiNi/(TiNi+ Ti) increases,
the kinetic energy obtained by each Ni and/or TiN (as well as amount)
increases, which transforms into faster lateral diffusion and smoothens out
the roughness at locations further away, making the “hump” more localized
and smaller, giving rise to smaller values of £ and w [116,117].

4.2.3. Microstructure

The effect of sputtering target power ratio of TiNi/(TiNi+ Ti) on
microstructure, such as crystalline phase, grain size, preferential orienta-
tion and lattice parameter are tabulated in Table 4.12.

4.2.3.1 Crystal Phase and Amorphous Matrix

Figure 4.50 shows the bright-field HRTEM morphological appearance of Ni-
toughened nc-TiN/a-SiN, nanocomposite thin film with 2.1 at.%Ni (sam-
ple S2). Crystallites are embedded in matrix. The grain size is about 8 nm.
Analysis of the SAD patterns shows that these crystallites are polycrys-
talline TiN. No crystalline Ni, TiSi and SisN4 are found (Fig. 4.51). In
general, (111), (200) and (220) TiN crystallographic planes exhibit more
distinct rings than other diffraction rings. Proof of the crystallites being
TiN also comes from the analysis of the GIXRD pattern (Fig. 4.52).
Figure 4.52 confirms the existence of crystalline TiN. In addition, no
peaks from crystalline metallic Ni and SigN4 can be identified in the GIXRD
patterns. SAD analysis of the matrix (where there is no crystallite) gives
rise to a diffuse pattern typical of an amorphous phase. Together with XPS
analysis in Sec. 4.1.1, where nickel is in the Ni-Ni bond and silicon is mostly
in the Si—-N bond, the results verify that the amorphous matrix comprises
amorphous metallic Ni and amorphous silicon nitride (a-SiN,).

4.2.3.2 Grain Size and Distribution

Grain size calculated using Scherrer formula is listed in Table 4.12 and plot-
ted in Fig. 4.53. In small amounts of Ni, for example, less than 4.3 at.%Ni,
the nc-TiN crystallite size increases as Ni content increases. This may be
due to the reason that small quantities of metallic nickel can decrease



Table 4.12. Microstructure characteristics of Ni-toughened nc-TiN/a-SiN, nanocomposite thin films.
Sample code S1 S2 S3 S4 S5 S6 S7 S8
Microstructure  Grain size (nm) d 3.9 8.8 11.8 7.8 4.6 4.4 3.2 3.2
Latt. Param. (nm) arin  0.41889  0.41959 0.41678 0.41701 0.41603 0.41135 0.4225 0.43237
Coefficient of Texture Ti11 1.20 0.61 0.36 0.54 1.06 0.58 1.01 0.90
Ta00 1.05 1.54 1.67 1.62 0.97 1.62 1.22 1.25
Ta20 0.76 0.84 0.97 0.86 0.97 0.80 0.77 0.85
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Fig. 4.50. HRTEM bright-field micrograph of Ni-toughened nc-TiN/a-SiN; nanocom-
posite thin film with 2.1 at.%Ni (sample S2) showing the crystallite of size 8 nm.

311
222
400
420

220

200
111

Fig. 4.51. SAD pattern of the crystallite with pattern index, showing the crystalline
TiN phase.

the formation energy of TiN and excite crystallite growth. When Ni con-
tent is greater than 4.3 at.%, with an increase in target power ratio
TiNi/(TiNi+ Ti), because surface mobility is sufficient, the segregated Si
and Ni are sufficient to nucleate and develop the SiN, phase and metallic
Ni phase, respectively, which form a layer on the growth surface, covering
the TiN nanocrystallites and limiting their growth. From the analysis of
peak widths in the GIXRD patterns, a decrease in grain size from ~12nm
to ~3nm (Fig. 4.53) is also evident, which is consistent with Si and Ni
segregation.

Grain size changes with the target power ratio of TiNi/(TiNi+ Ti),
which is confirmed from TEM micrograph observation (Fig. 4.54). It
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Fig. 4.52. GIXRD patterns of Ni-toughened nc-TiN/a-SiN, nanocomposite thin films
with (a) 2.1 at.%Ni (sample S2), and (b) 19.0 at.%Ni (sample S7), showing the existence
of crystalline TiN.

should be noted that the grain sizes in the TEM samples are smaller
than that from XRD analysis, because the deposition times for the TEM
samples are about 20 min, while the XRD ones are about 2 hours
(120 min).
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Fig. 4.53. Change of grain size with target power ratio of TiNi/(TiNi+ Ti).

4.2.3.3. Preferential Orientation

The peak orientation can be observed directly from Fig. 4.55. The degrees of
the preferential orientation denoted by the coefficient of texture calculated
through Eq. (3.6) are listed in Table 4.12 and plotted in Fig. 4.56. The coeffi-
cient of texture Thy; for (111), (200) and (200) are close to unity, indicating
a random orientation. That means that the addition of Ni results in the
deterioration of preferential orientation. In the synthesis of nc-TiN/a-SiN,,
nanocomposite thin films, a competitive growth has been put forward to
explain the development of TiN (220) preferential orientation (Sec. 4.1.3.3).
Taking into consideration the effect of metallic Ni addition, it is reasonable
to deduce that the segregated additives Ni inhibit the growth of TiN crystals
to stimulate spores of other TiN nuclei. Consequently, competitive growth
is suppressed, resulting in weak texture. This is in agreement with the effect
of soft metal additives (Cu, Ag, etc.) on the weakening of texture reported
in [147,148].

4.2.3.4. Lattice Parameter

Table 4.12 lists the lattice parameter measurements of the nc-TiN crystal-
lites calculated using the GIXRD patterns shown in Fig. 4.55. The result is
also plotted in Fig. 4.57 together with the standard lattice parameter data
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Fig. 4.54. TEM micrographs of Ni-toughened nc-TiN/a-SiN; nanocomposite thin films
with different power ratios of TiNi/(TiNi+ Ti): (a) 0.04, (b) 0.20, and (c) 0.40, showing
a reduction in grain size.
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The coefficient of texture Thy; for (111), (200) and (200) are close to 1, which indicates

a random orientation.
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Fig. 4.57. Calculated lattice parameter as a function of target power ratio of
TiNi/(TiNi+ Ti). With an increase of TiNi/(TiNi+ Ti) from zero to 0.3, the lat-
tice parameter decreases from 0.41887nm to 0.41135nm. With further increase in
TiNi/(TiNi+ Ti), the lattice parameter increases to 0.43237 nm.

for TiN crystals. At Ni=0 (without doping of Ni), the lattice parameter
of nc-TiN is 0.41889nm. However, pure TiN crystals should have a lat-
tice constant of 0.42417nm (JCPDS 38-1420). This is because the nc-TiN
embedded in a-SiN, already forms solid solution with Si to become nc-
(Ti, Si)N. Since Si** has a radius of 0.041 nm, which is only about half of
that of Ti*T (0.075nm) [129], substitution of Ti with Si results in a reduc-
tion in lattice parameter [128]. With the increase of TiNi/(TiNi+ Ti) from
zero to 0.3, the lattice parameter decreases from 0.41889 to 0.41135nm.
With further increase of TiNi/(TiNi+ Ti) to unity, the lattice parameter
increases to 0.43237 nm. When target power ratio of TiNi/(TiNi+ Ti) is less
than 0.3, the measured TiN lattice parameter is smaller than that of the
database value of 0.42417nm (JCPDS 38-1420). The ionic radius of Ni®*
(0.056 nm [149]) is less than that of Ti** (0.075nm), thus the reason for fur-
ther reduction of the (Ti, Si)N lattice parameter is clear: Ni enters nanocrys-
talline (Ti, Si)N by substituting Ti, thus forming nc-(Ti, Si, Ni)N. When
target power ratio of TiNi/(TiNi+ Ti) becomes greater than 0.3, nc-(Ti,
Si, Ni)N becomes saturated with Ni, thus further increases in Ni forces it to
enter in the interstitial position. This results in an abrupt increase in lattice
parameter.



Magnetron Sputtered Hard and Yet Tough Nanocomposite Coatings 85

4.2.4. Mechanical Properties

The effect of sputtering target power ratio of TiNi/(TiNi+ Ti) on mechan-
ical properties, such as residual stress, Young’s modulus, hardness and
toughness are tabulated in Table 4.13.

4.2.4.1. Residual Stress

Figure 4.58 shows the measured residual stress of the Ni-toughened nc-
TiN/a-SiN, thin films as a function of target power ratio of TiNi/
(TiNi+ Ti). With an increase of TiNi/(TiNi+ Ti) target power ratio from
zero to 0.12, the residual stress increases from —400 to —1300 MPa. With
further increase of TiNi/(TiNi+ Ti) target power ratio to 0.30, the residual
stress decreases to near-zero. The minus sign indicates that stresses are in
compressive state. With an increase of TiNi/(TiNi+ Ti) target power ratio
from 0.30 to 1.00, the residual stress changes from compressive to tensile
state with a value of 300 MPa. The increase in compressive residual stress
from —407 to —1355 MPa is possibly due to the ion bombardment. However,
the decrease with further increase of Ni needs to be studied further.

4.2.4.2. Hardness

Figure 4.59 displays the relationship between hardness and Ni content,
including a typical nanoindentation load-depth profile. The measured hard-
ness of Ni-toughened nc-TiN/a-SiN, nanocomposite thin films increases
from 28 to 33 GPa with Ni content increased from 0 to about 2.1 at.%.
A further increase in Ni content brings a decrease in hardness to 14 GPa.
When Ni content is less than 2.1 at.%, the growth of amorphous metal-

Table 4.13.  Mechanical characteristics of Ni-toughened nc-TiN/a-SiN,; nanocomposite
thin films.

Sample code S1 S2 S3 S4 S5 S6  S7 S8

Mechanical Residual stress o —407 —566 —1355 —1122 —661 —33 230 320
properties  (MPa)

Hardness (GPa) H 284 326 283 285 20.2 19.5 18.8 144

Young’s E 295 296 298 278 265 267 226 250
modulus (GPa)

Toughness Kic 1.15 1.21 1.36 1.23 1.73 1.95 2.25 2.60
(MPa m'/2)

Adhesion (mN) Leo 587 618 628 627 821 882 785 T17
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lic Ni is inhibited by the shortage of Ni atoms. The nickel atoms disperse
in the TiN lattice and result in lattice distortion (Fig. 4.57). Since lattice
distortion can stop dislocation propagation, an increase in measured hard-
ness is expected, due mainly to solution hardening. Further increase in Ni
results in more lattice distortion, thus the solution hardening effect should
be enhanced. However, the increase in nickel composition comes from the
increase in target power ratio of TiNi/(TiNi+ Ti), which can improve the
mobility of sputtered Ni adatoms. Thus Ni adatoms conglomerate to form
network phase, together with a-SiN, phase to block the growth of TiN crys-
tals. When the TiN grain size decreases below a certain limit, the fraction
of grain boundary (Ni+ SigNy) increases rapidly and the hardness would
decrease due to grain boundary sliding. This should account for the decrease
in hardness with further increase in Ni content.

4.2.4.3. Toughness

The toughness of Ni-toughened nec-TiN/a-SiN, thin films was studied using
microindentation method, since the microindentation method can achieve
highly consistent results. In order to deduce the film toughness from the
substrate effected data, Kjc values are plotted and the curve is then
extrapolated to a depth one tenth of the film thickness. Figure 4.60 shows
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Fig. 4.60. Toughness as a function of Ni content. With an increase in Ni content, the
film toughness increases, indicating a significant effect of ductile metallic Ni on film
toughness enhancement.
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the toughness of Ni-toughened nec-TiN/a-SiN, nanocomposite thin films as
a function of Ni content. Compared to the high hardness nc-TiN/a-SiN,
nanocomposite thin film (sample S1) where there is no Ni, the Ni-toughened
nc-TiN/a-SiN, nanocomposite thin films (samples S2 to S8) show an
increased toughness. With increase of Ni content, the film toughness
increases. With increase in nickel content in the as-prepared thin films, the
main mechanisms responsible for toughness enhancement are (Fig. 4.61):
(1) Relaxation of the strain field around the crack tip through ductile phase
(metallic nickel) deformation or crack blunting, whereby the work for plastic
deformation is increased. (2) Ni adatoms can form network phase surround-
ing the TiN crystals. Bridging of cracks by ligaments of the ductile metallic
nickel phase behind the advancing crack tip, whereby the work for plastic
deformation is also increased [150,151].

4.2.5. Ozidation Resistance

4.2.5.1. Oxidation Variation with Depth

Chemical state of Ti, Si and Ni

Figure 4.62 shows XPS depth profiles of the Ni-toughened nc-TiN/a-SiN,,
nanocomposite thin film with 2.1 at.% Ni (sample S2) oxidized at 850°C.
Roughly judging from the oxygen and nitrogen concentration, the profiles
in Fig. 4.62 can be divided into five regions. Detailed analysis of the chem-
ical state of Ti (Fig. 4.63) gives rise to composition evolution from TiOq
to TiN;O,, and then to TiN while passing through the oxidation layer.

Crack propagation
| .

Fig. 4.61. Schematic diagram of ductile phase toughening mechanism through (1) duc-
tile phase deformation or crack blunting, and (2) crack bridging.
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Fig. 4.62. XPS depth profile of the Ni-toughened nc-TiN/a-SiN, nanocomposite thin
film with 2.1 at.%Ni (sample S2) oxidized at 850°C in hot air for 15 min. A sharp
oxide/nitride interface exists and a nickel on the top layer of the oxidized coating is
observed. Five regions can be distinguished in this area from the surface to the non-
oxidized material core according to the chemical state of Ti and Si.

Figure 4.63(a) plots Ti 2p core level spectra in the binding energy range
from 452 to 468 eV for all the five regions. Sampling for Region I is at the
surface; for Region IT-V, in the middle of each region. Figure 4.63(b) is the
quantitative deconvolution result of relative concentration of Ti in TiOo,
TiN,O, and TiN.

In Fig. 4.63(a), Ti 2p peaks of the oxidized film consist of three dou-
bles: Ti 2ps/, at 459.0, 457.6, 455.0eV, and Ti 2p;/, at (459.0 4 5.8),
(457.6 + 5.8), (455.0 + 5.8) eV. The pair at 459.0 and (459.0 + 5.8) eV is
assigned to TiOg; the pair at 457.6 and (457.6+5.8) eV is ascribed to oxyni-
tride TiN,O,; the pair at 455.0 and (455.0 4 5.8) eV is for TiN (Table 3.2).
From Fig. 4.63(a), it is obvious that deep inside the coating (Region V), the
main composition is still TiN (the nanocrystalline TiN in the nanocompos-
ite thin film); moving more towards the surface (Fig. 4.62), regions IV and
III, the amount of TiN decreases while TiN,O,, increases. At the same time,
TiO, appears. As the oxidation degree becomes even more severe (Regions
IT and I), both TiN,O, and TiN decrease to give way to the formation of
more and more TiO,. At the surface, TiN and TiN,O, completely disap-
pear while TiOy prevails [Fig. 4.63(b)].

As seen also from Fig. 4.62, nitrogen content drops drastically from its
bulk composition of about 50 at.% in Region V to less than 2 at.% in the oxi-
dation layer (Regions II and I). This is in agreement with earlier analysis of
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Fig. 4.63. (a) Ti 2p core level XPS spectraevolution, a shift of the Ti 2p3/> signal
towards higher binding energies indicates the formation of a TiO2 layer on top of the
oxidized coating. (b) Change of the different Ti 2p components in different regions (from
Regions I through II, III and IV to V).

the evolution of the compounds as depth varies in the oxide layer. Since the
total amount of N is low and it is responsible for TiN, TiN,O,, and SizNy
(to be discussed later), it is reasonable to assume that x in TiN,O, is very
small while y is large (oxygen content is greater than 65 at.% in Region II).
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From the shape of the oxygen and nitrogen profiles, it is obvious that during
the oxidation process, oxygen diffuses inward and nitrogen diffuses outward.
It is interesting to note that nickel diffuses towards the surface from the
depth and builds up close to the surface (the drop of the relative amount
at the surface comes from the calculation involving surface adsorbed C).
It is believed that the surface enrichment of Ni will benefit the oxidation
resistance of the film.

Figure 4.64(a) plots Si 2p core level spectra in different regions of the
oxide layer. Si 2p spectrum has three possible states (Table 3.2): 99.6 eV for
atomic silicon (Si%); 101.8 eV corresponds to the Si-N bond (stoichiometric
SigNy); 103.4eV for the Si-O bond (stoichiometric SiOs). Some authors
have reported Si—Ti bonding at 98.8 eV or the existence of titanium silicide
[67]. This experiment does not observe any Si-Ti bonding. Figure 4.64(b)
is the quantitative deconvolution result of relative concentration of Si in
SiOQ, SigN4, and Sio.

Going from deep in the film outward to the surface of the oxide
layer [from Region V down to Region I in Fig. 4.64(a)], it is worth
noting:

1. The amorphous silicon nitride matrix is actually prominently a-SizNy
with a very small amount of free silicon [<10 at.% of all silicon in the
film; see Fig. 4.64(b)]; the existence of free Si is due to a deficit in nitrogen
source compared to Si source during deposition process.

2. Moving towards the surface, the amount of free silicon decreases to zero,
the amount of Si in the state of SizN, drops from about 80 at.% to
15 at.% while Si in SiOs increases from about 10 at.% to 85 at.%. In
other words, the free silicon and some of the SizsNy4 become oxidized
into SiOs.

TiN films start to oxidize at a temperature level of 550°C [152], while
SizNy is more oxidation resistant than TiN, as has been reported by Gogotsi
and Porz [153,154]. In fact, this is also noticed by comparing the surface
oxidation state of Ti and Si from this experiment: at the surface, TiN is
completely oxidized into TiO2 [Region I in Fig. 4.63(b)]; while also at the
surface of the same sample, there is still about 15 at.%Si in the form of
SigNy free from oxidation [Region I in Fig. 4.64(b)].

Figure 4.65 shows Ni 2p core level spectra. Metallic nickel (Ni’) has a
binding energy value of 853.0eV (2ps/2) and 870.7eV (2p;/3) (Table 3.2).
The peak at 859.6¢eV is the satellite peak probably due to the consequence
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(a) Si 2p core level XPS spectra, a shift of Si 2p signal towards higher binding

energy indicates the formation of a SiO2 layer on top of the oxidized coating. (b) Change
of different Si 2p components in different regions (from Regions I through II, IIT and IV

to V).

of sputter-damaged crystallites [69]. A few points worth noticing in

Fig. 4.65:

1. There is no peak shift for Ni 2p, which indicates that the Ni does not
react with oxygen at 850°C.
2. From deep within the film towards the surface, Ni peak intensities
increase from Region V to Region I, indicating Ni diffusion towards the
sample surface, as also illustrated in Fig. 4.62.
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Fig. 4.65. Ni 2p core level XPS spectraeVolution in different regions (from Regions I
through II, IIT and IV to V). Metallic nickel is confirmed and the decreasing of peaks
intensity from outer layer to inner layer indicates the existence of Ni enrichment in the
outer layer.

Figure 4.66 shows XPS depth profile of nc-TiN/a-SiN, nanocomposite
thin film oxidized at 850°C for 15 min. The oxidation treatment for this
sample is the same as that for the Ni-toughened nc-TiN/a-SiN, nanocom-
posite thin film. The thickness of the oxide layer is about 420 nm, compared
to that (~315nm, Fig. 4.62) for Ni-toughened nc-TiN/a-SiN, nanocom-
posite thin films; it can be concluded that Ni addition can improve the
oxidation resistance of the nc-TiN/a-SiN, nanocomposite thin films.

Phase Identification

Figure 4.67 shows the GIXRD patterns with different incident angles for
the Ni-toughened nc-TiN/a-SiN, nanocomposite thin film with 2.1 at.%Ni
(sample S2) oxidized at 550°C for 15 min. No XRD peaks are observed for
crystalline SigNy, SiO2 and Ni. Since XPS analysis indicates the existence
of SigNy and SiOy [Fig. 4.64(b)], thus these phases must be in amorphous
state. XPS results indicate the existence of metallic Ni (Fig. 4.65) from
surface to the in-depth place of the film; this is also evident from Fig. 4.67:
as incident angle increases to 1.5°, no crystalline peaks of Ni are observed.
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Fig. 4.66. XPS depth profile of the nc-TiN/a-SiN; nanocomposite thin film (without
Ni) oxidized at 850°C in hot air for 15 min.
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Fig. 4.67. GIXRD patterns with different incident angles (from 0.1° through 0.5° and
1.0° to 1.5°) for the Ni-toughened nc-TiN/a-SiN, nanocomposite thin film with 2.1
at.%Ni (sample S2) oxidized at 550°C in hot air for 15 min. On the surface (under low
incident angle 0.1°) most are crystallite TiO2. In the inner coating (under high incident
angle 1.5°), most are crystalline TiN.

At the low incident angle (such as 0.1°), the presence of well-crystallized
TiOg4 (rutile) and TiN are observed. With an increase in the incident angle,
the intensity of TiOy peaks decreases while the intensity of TiN peaks
increases, indicating reduction in oxidation with depth. (X-ray penetration
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depth increases as incidence increases.) This agrees well with the XPS anal-
ysis [Fig. 4.63(b)].

4.2.5.2. Oxidation Variation with Temperature

Chemical Composition

Figure 4.68 shows the surface composition of the thin films oxidized at
450-1000°C. With an increase in oxidation temperature, oxygen content
increases slightly, silicon decreases slightly, and titanium remains constant,
while nitrogen decreases sharply. At 450°C nitrogen is about 25 at.%. A
hundred-degree increase to 550°C brings about a significantly decrease to
7 at.% with further increase of temperature to 625°C, N decreases to <4
at.%. The significant decrease in N comes from the oxidation of Ti from
TiN and the oxidation of Si from SigNy. These reactions deplete N through
the formation of Ny. The fact that nitrogen still persists in the surface layer
indicates that SizNy still exists even at 1000°C. Also note from Fig. 4.68:
as the oxidation temperature increases from 450 to 900°C, surface nickel
increases from 1 at.% to 9 at.%; i.e. higher temperature promotes outward
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Fig. 4.68. Change of Ti, Ni, Si, N and O species in the thin film surface with elevated
oxidation temperature. With an increase in oxidation temperature, oxygen content in
surface area increases slightly and titanium remains constant, while a decrease in nitrogen
amount is observed. A gradual enrichment of nickel and deficiency in silicon with elevated
oxidation temperature to 900°C is observed.
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diffusion of nickel. With further increase to 1000°C, however, surface nickel
drastically decreases to 3 at.% (the reason for this is still unclear).

Phase Identification

Figure 4.69 shows the GIXRD patterns of the Ni-toughened nc-TiN/a-
SiN, nanocomposite thin film with 2.1 at.%Ni (sample S2) oxidized at ele-
vated temperatures from 550°C through 625°C, 700°C, 750°C and 850°C
to 950°C. Since an incident angle of 0.5° is low enough to observe both TiN
and TiOq peaks (Fig. 4.67), 0.5° is chosen for all the samples in Fig. 4.69.
As temperature increases, the intensity of the TiO2 peaks slowly increases
and that of TiN peaks decreases. At 850°C and above, the number and
intensity of TiOy peaks increase significantly, signaling the total collapse of
the film’s oxidation resistance.

Based on the GIXRD analysis for the Ni-toughened nc-TiN/a-SiN,
nanocomposite thin film with 2.1 at.%Ni (sample S2) oxidized at 950°C,
taking 20 = 42.528°,74.176° and 77.824°, respectively, the calculated lat-
tice parameter of TiN is 0.4247 nm, which agrees with the standard value
of TiN (ajcppr = 0.42417nm) very well. (As stipulated by [155], an error
of 0.0005 nm can be considered as perfect match.) This indicates that there
is no interstitial or substitutional solid solution existing after oxidation.

Incident angle: 0.5°
Oxidation

temperature (°C)

950
850

750
700
625
550

Intensity (a.u.)

2 theta (degree)

Fig. 4.69. GIXRD patterns of Ni-toughened nc-TiN/a-SiN, nanocomposite thin film
with 2.1 at.%Ni (sample S2) oxidized at temperatures from 550°C through 625°C, 700°C,
750°C and 850°C to 950°C in static hot air for 15 min. Formation of crystallized TiO2
on the surface is observed.
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In addition, the Ni-toughened nc-TiN/a-SiN, is stress-free after oxidation
even though transformation of SizNy into SiO5 leads to a 96% molar volume
increase. It is understandable that the high temperature involved facilitated
effective atomic diffusion that neutralized possible generation of internal

stresses.

Topography
Figure 4.70 shows the roughness change of Ni-toughened nc-TiN/a-

SiN, nanocomposite thin film with 2.1 at.% Ni (sample S2) oxi-
dized at 450°C, 550°C, 625°C, 750°C, 850°C and 950°C to 1000°C.
With increases of oxidation temperature from 450°C to 850°C, the
roughness increases slightly from ~1 to ~4nm. However, with fur-
ther increases to 1000°C, the roughness increases drastically to ~41
nm. The metallic nickel is known for its anti-oxidation properties
and its presence as a passive layer to maintain the stability of the
Ni-toughened nc-TiN/a-SiN, nanocomposite thin film at low oxidation
temperature by hindering migration of oxygen atoms. Above a thresh-
old temperature, in this case, 850°C (depends on nickel content), the
barrier effect of metallic nickel can no longer prevent oxygen diffu-
sion. Consequently, rutile nucleation and growth occur, which induces
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Fig. 4.70. Surface roughness change with elevated oxidation temperature. With
increases in oxidation temperature from 450°C to 850°C, the roughness increases slightly
from ~1 to ~4nm. With further increases to 1000°C, the roughness increases dramati-

cally to ~41 nm.
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a strong roughening of the surface that, in turn, allows penetration of
oxygen atoms further into the film to fuel an acceleration of the oxidation
process.

4.2.5.3. Discussions

The experiment suggests that the oxidation of the Ni-toughened nitride
is mainly a diffusional process; nickel atoms diffuse outward and oxygen
ions diffuse inward (Fig. 4.62). Oxidation is proceeded by a progressive
replacement of nitrogen with diffused oxygen. The oxidation of titanium
nitride to rutile or titanium dioxide (TiO2) starts at 450°C according to:

TiN(s) + Oa(g) < TiOs(s) + %Ng(g). (4.10)

This mechanism is in agreement with the general theory for the oxidation
of nitride, which considers that the process is controlled by anionic diffusion
[156-160]. The oxidation of silicon nitride to stoichiometric SiO9 starts at
~450°C according to this reaction:

SigN4(S) + 302(g) — 38102(5) + 2N2(g). (4.11)

This oxidation is the result of the inward diffusion of oxygen through the
oxide layer [161,162]. Five regions can be distinguished in the oxidized layer
(Fig. 4.62) consisting of the following six components: TiO2, TiN,O,, TiN,
Si04, SigNy and Ni (Figs. 4.63—4.65). The TiO2 and TiN are crystalline
phases while SigNy, SiO2 are amorphous phases (Fig. 4.67). Following XPS
depth profile (Fig. 4.62) and GIXRD result at different incident angles
(Fig. 4.67) of the oxidized film, a schematic representation of the phase
distribution in the oxidized layer is proposed in Fig. 4.71, where white
circles represent crystalline TiOq, gray circles crystalline TiN,O,, black
circles crystalline TiN, small solid circles metallic Ni, and the background
is amorphous SigN4 with amorphous SiOs.

From top to the core of the film, or from left to the right in Fig. 4.71,
Region I is composed of mainly crystalline TiOs, amorphous SiOs and
metallic Ni in the amorphous matrix of SigNy; in Region II the extent of
oxidation is lessened (less amount TiO9 and lots of TiN,O,); in Region III,
more TiN presents while TiN,O, reduces; in Region IV, even less TiN
crystalline is oxidized (reduced amount of TiO; and TiN,O,); in Region
V, although there are still TiN,O,, basically no TiO5 exists. The presence
of a Ni-rich zone at the top of the oxide layer effectively blocked the inward
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Si0; + SizNy SizNy + 8i0 (less amount)

TiN  TiN,O,

Fig. 4.71. Proposed microstructural model for the Ni-toughened nc-TiN/a-SiNg
nanocomposite thin film after oxidation. Five regions can be distinguished from surface

to core material.

diffusion of O. This is similar to the oxidation resistance behavior of TiAIN,
where a strong aluminum migration to the surface forms a passive layer — in
this case, alumina — to protect the TiAIN coating [163]. As oxidation tem-
perature increases, the oxidation process becomes faster, presumably by the
increase in the diffusivity of Oy and Ny. Combining the components infor-
mation at the oxide area from XPS (Fig. 4.68), GIXRD (Fig. 4.69) and the
topographical information from AFM observations (Fig. 4.70) allows us to
assume there is a threshold temperature (depending on the nickel content),
in this case 850°C, below which the Ni-toughened nc-TiN/a-SiN, forms
a stable nickel rich layer, the number of diffusion paths (grain boundaries,
defects) would considerably decrease leading to the passivation regime, lim-
iting oxygen diffusion and thus increasing the oxidation resistance. Above
the threshold temperature, the barrier effect of metallic nickel can no longer
prevent oxygen diffusion. Consequently, oxide thickness increases signifi-
cantly, rutile nucleation and growth along random directions occur, and
roughness of the surface increases drastically.

4.2.6. Summary

The effect of target power ratio of TiNi/(TiNi+ Ti) on chemical compo-
sition, topography, microstructure, mechanical properties, and oxidation
resistance of the Ni-toughened nc-TiN/a-SiN, nanocomposite thin films
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can be summarized as follows:

. The Ni-toughened nc-TiN/a-SiN, nanocomposite thin film can be pre-

pared by co-sputtering of Ti, TiNi and SisN, targets in Ar/Ny atmo-
sphere. XPS analysis shows that Ni is in the metallic state without
reaction with No. Together with TEM and GIXRD results, it can be
concluded that metallic nickel is in an amorphous state.

As target power ratio of TiNi/(TiNi+ Ti) increases from 0 to 0.3,
interface width decreases from ~8nm to ~3nm and lateral correlation
length decreases from ~15nm to ~9 nm, which confirms that increasing
the target power ratio of TiNi/(TiNi+ Ti) results in smoother coating
surface.

The coefficient of texture for (111), (200) and (220) crystal plane of
nc-TiN in the Ni-toughened nc-TiN/a-SiN, nanocomposite are close to
unity, which indicates that the addition of Ni results in a random orien-
tation of nc-TiN.

Results from nc-TiN lattice calculation show that at low target power
ratio, the solid solution is substitutional with nickel taking the place
of titanium. With further increase of target power ratio the interstitial
components increase due to high energy ion bombardment.

The residual stress of Ni-toughened nc-TiN/a-SiN, thin films increases
from —400 to —1300 MPa with increase in TiNi/(TiNi+ Ti) target power
ratio from zero to 0.12. With further increase of TiNi/(TiNi+ Ti) tar-
get power ratio to unity, the residual stress decreases and changes from
compressive to tensile state with value of 300 MPa.

The hardness of Ni-toughened nc-TiN/a-SiN,, nanocomposite thin films
keeps constant with little increase in Ni content, which is due to the
solid solution hardening. With further increase in Ni content, hardness
decreases, which is due to the grain boundary sliding.

The toughness of the Ni-toughened nc-TiN/a-SiN, nanocomposite thin
films increases with an increase in Ni content. Doping from 0 to 40
at.%Ni in nc-TiN/a-SiN, brings about an increase in toughness from
1.15 to 2.60 MPa m'/2? at some expense of hardness (dropping from 30
to 14 GPa). Ductile phase toughening through crack blunting and crack
bridging is responsible for the toughness increase.

The oxidation of Ni-toughened nc-TiN/a-SiN,, thin film is mainly a dif-
fusional process; nickel atoms diffuse outward and oxygen ions diffuse
inward. Oxidation is proceeded by a progressive replacement of nitrogen
with diffused oxygen.
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Symbols

A Contact area

A(I) Area between loading and unloading curves
A(II) Area under loading curve

D Diagonal of Vickers indentation impression
D, Target power density

E Elastic modulus

Eeog Effective elastic modulus

E Elastic modulus of film

FE; Elastic modulus of indenter

E, Reduced elastic modulus

G Shear modulus

G, Critical strain energy release rate

G(r) Height-height correlation function

Hardness

Plastic hardness

Universal hardness

Vickers hardness

I, (hkl)  Measured relative intensity of the
reflection from (hkl) plane

Iy (hED) Standard relative intensity of the

reflection from (hkl) plane

EEEE

K Stress intensity factor

Kic Fracture toughness

L Original length of beam (or substrate)

L. Lower critical load in scratch

Lo Higher critical load in scratch

P Test indentation load

P, Load at fracture

P, Gas pressure

Proax Peak indentation load

Pno Partial pressure of nitrogen

R Radius of curvature

R, Roughness

Ry Radius of silicon substrate before being coated
Ry Radius of silicon substrate after being coated
S Contact stiffness

Taep Deposition temperature

T, Gas temperature
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Coefficient of texture

Melting point

Room temperature

Substrate temperature

Strain energy difference before and after cracking

Energy dissipated during indentation chipping

Energy of edge dislocation

Kinetic energy of ionized particles

Energy of screw dislocation

Volume of grain boundary

Volume of crystalline

Substrate bias

Experiment error for lattice parameter

Half length of the diagonal of Vickers indentation impression
Or length of the edge of cube corner indentation impression
Experimental calculated lattice parameter

Lattice parameter true value

Burgers’ vector

Crack spacing

Crack length

Grain size

Diameter of gas molecule
Interplanar spacing

Volume fraction of grain boundary
Indentation depth

Contact depth

Corrected depth

Thickness of film on tensile substrate beam
Maximum indentation depth
Minimum indentation depth
Thickness of tensile substrate beam
Crystal plane indice

Boltzmann constant

Mean free path

Crack tip radius

Span between two supporting positions
Effective thickness

Thickness of film



Magnetron Sputtered Hard and Yet Tough Nanocomposite Coatings 103

ts Thickness of substrate
w Width of the specimen
« Smoothness quotient
of Coefficient of thermal expansion of film
Qs Coefficient of thermal expansion of substrate
0 Peak width at half maximum peak height
1) Indenter geometry constant for fracture toughness calculation
01 Indenter geometry constant for elastic calculation
0o Indenter geometry constant for hardness calculation
ds Geometrical parameter of specimen
Indenter geometry constant for contact depth calculation
£y Elastic strain of film
€s Elastic strain of substrate
A X-ray wavelength
v Poisson’s ratio
vy Poisson’s ratio of film
Vi Poisson’s ratio of indenter
0 Bragg angle
p Crack density
o Residual stress
Tapplied Applied stress
ol Effective critical cracking stress
o Growth-induced stress
Om Mismatch-induced stress
ot Tensile stress
Otip Stress at the tip of the crack
oT Thermal stress
Oy Yield stress
oy Yield stress of the substrate
w Interface width
& Lateral correlation length
Abbreviations
AES Auger electron spectroscopy
AFM  Atomic force microscopy
CPR  Crack propagation resistance
CVD  hemical vapor deposition
CTE Coefficient of thermal expansion

DC

Direct current
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DLC Diamond-like carbon

ECR-CVD Electron cyclotron resonance CVD
EDX Energy dispersive X-ray analysis

FWHM Full width at half maximum
GIXRD Grazing incidence X-ray diffraction

HRTEM High resolution transmission electron microscopy
IBD Ton beam deposition

PACVD Plasma assistant CVD

PD Planar density

TE Thermal evaporation

PECVD Plasma enhanced CVD

PLD Pulsed laser deposition
PVD Physical vapor deposition
RBS Rutherford back scattering spectroscopy
RF Radio frequency
SAD Selected area diffraction
SEM Scanning electron microscopy
TEM Transmission electron microscopy
XPS X-ray photoelectron spectroscopy
XRD X-ray diffraction
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1. Al-doped Amorphous Carbon: a-C(Al)

Amorphous carbon (a-C) or diamond-like carbon (DLC) is a preferred
material for wear protective coatings in a variety of applications because of
its high hardness, high wear resistance and very low friction when sliding
against most engineering materials, compared to conventional hard ceram-
ics such as TiN, TiAIN, CrN, etc. However, the following drawbacks limit
its applications in engineering fields.

Deposition-inherited high residual stress: high residual stress limits the coat-
ing thickness to less than 2 pm since residual stress weakens the adhesion
strength of coatings on substrates [1]. A coating thickness of less than 2 ym
is not suitable for severe tribological applications where long working life
is crucial. Pure a-C also exhibits brittle behavior at applied high load [2],
thus its load-bearing capability is limited. Also, the thermal stability and
oxidation resistance of pure a-C is very poor, which restricts its application
at temperatures less than 400°C [3]. Modification of the a-C structure to
overcome these drawbacks becomes imperative for effective utilization of
a-C in engineering applications.

Doping of aluminum is an effective way of reducing the deposition-
inherited residual stress but hardness of the coating sacrifies. To bring back
the coating hardness, nanocrystalline TiC grains are embedded in the amor-
phous matrix to form a nanocomposite. This chapter starts with doping of
Al into amorphous carbon to form Al-doped a-C (denoted as “a-C(Al)”)
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and moves on to the incorporation of nanocrystalline TiC (denoted as
“nc-TiC”) into pure a-C matrix and into a-C(Al) matrix to form nc-TiC/
a-C and nc-TiC/a-C(Al) nanocomposite coatings. In the end, the nc-TiC/a-
C(Al) nanocomposite coating of more than 20 gm thick is deposited on a
piston ring and tested in engine operation. Results show that the coating
is superior to the best commercial coatings available in the market.

1.1. Composition and Microstructure

Generally, at the same power density, the sputtering yield of Al is 67 times
higher than that of C [4], therefore the power density of the Al target in
this study was selected at a much lower level (from 0 to 1.8 W/cm?) than
that of the graphite target (10.5W/cm?). The composition of the C and
Al in the coating was determined from X-ray photoelectron spectroscopy
(XPS) by calculating the area under the peaks of C 1s at 284.6eV, Al 2p
at 72.6eV, and O 1s at 532.4eV [5-8]. Since the process pressure was low
enough (0.6 Pa), the Ar inclusion in the coating was negligible and was
not taken into account during composition calculation. Figure 1.1 shows a
typical XPS spectrum of Al-doped a-C (without ion etching of the coating
surface). Except for the difference in the intensity and width of the peaks,
the XPS profile is almost the same for all the different power densities
applied to Al target. It is easy to recognize a large amount of oxygen con-
taminating the coating. Al 2p spectra (with fitting curves) of the Al-doped

C1s Graphite: 10.5W/cm? T
Al: 1.8 W/cm? ]
w Bias voltage: ~150 V
'c
s 01s
2
&
2
‘®
C
2L
£
Al 25
Al 2p
O 2s
0 200 400 600 800 1000

Binding energy (eV)

Fig. 1.1. XPS spectrum of Al-doped a-C coating.
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Bias voltage: —150 V
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Fig. 1.2.  XPS spectra of the Al 2p for Al-doped a-C deposited at different power den-
sities of the Al target under constant substrate bias and graphite target power density.

a-C coatings deposited under —150V bias with different power densities of
Al target are shown in Fig. 1.2.

The symmetrical single peaks at 74.2eV indicate that almost all the Al
on the surface were bonded with oxygen to form aluminum oxide [9]. Al
is extremely reactive with oxygen. Therefore immediately after unloading
from the deposition chamber, Al on the coating surface was oxidized. If
the oxidation layer is removed, the Al 2p XPS spectra should shows shift
of binding energy and increase in intensity, as is shown in Fig. 1.3 before
and after 15 min ion etching. After etching, the peak was shifted to 72.6 eV
with a higher intensity. It indicates that Al exists in the coating as elemental
aluminum. The higher intensity of the Al 2p peak after etching is a result
of the removal of carbon and oxygen contamination on the coating surface.
Also, a small amount of Al-O bonds was detected from the deconvoluted
peak at 74.2eV. The oxygen is believed to have contaminated the coating
during the deposition process. Although the chamber was pumped to a base
pressure of 1.33 x 1075 Pa, there was always a small amount of oxygen in
the chamber available to contaminate the coating. No bond between Al and
C at 73.6eV [6] was seen in the coating even when the Al target was at
1.8 W/cm?.

Figure 1.4 shows the XPS spectrum (after etching) of the C 1s where
the peaks of the C—C bonds at 284.6eV and C-O bonds at 286.3eV were
seen. It again confirms that no chemical bonding exists between C and
Al since no peak at 281.5eV was observed. The composition of coatings
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Fig. 1.3. XPS spectra of Al 2p for Al-doped a-C before and after ion etching for 15 min.
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Fig. 1.4. XPS spectrum of C 1s for Al-doped a-C after etching for 15 minutes.

as calculated from XPS spectra (after etching for 15 min) is tabulated in
Table 1.1. The Al content in the coating increased from 5.1 to 19.6 at.% as
the power density of the Al target increased from 0.6 to 1.8 W/cm?. The
oxygen content in the coating was 2—4 at.%, a small amount.

At the same target power density, the change of Al concentration at dif-
ferent bias voltages (in the range from —20 to —150V) was not significant,
as seen from Fig. 1.5 where the Al concentration in the Al-doped a-C is
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Table 1.1. Composition of the Al-doped a-C coating deposited under
—150V bias and power density of the graphite target of 10.5 W/ch.

Power density of Al target (W/cm?) C (at.%) Al (at.%) O (at.%)

0.6 93 5 2
1.1 87 9 4
1.4 83 14 3
1.8 77 19 4
22 T T T T T T 2
20.] — o 1.8 W/cm. ]
e 184 ]
= 164 ]
)
S 144 Graphite: 10.5 W/cm? ]
= 12+ Processpressure: 0.6 Pa ]
£ 10 ]
8 61 [ m IM.
< 4 ]
5] ]
0

0 -20 —40 —60 -80 —100 —120 —140 —160
Bias voltage (V)

Fig. 1.5. Relationship between bias voltage and Al concentration in Al-doped a-C coat-
ings deposited under different power densities of the Al target.

plotted as a function of bias voltage. Therefore, the parameter that can be
used to effectively control the composition of metal in the coating is the
power density on the metallic target.

Al-doped a-C coatings are amorphous. Figure 1.6 shows the XRD spec-
tra of an Al-doped a-C coating (19 at.%Al) on Si(100) wafer together with
that of the Si wafer without coating. The XRD profile of the Al-doped a-C
did not have any noticeable peak except the peak from the Si substrate
at around 69° 20. This indicates that the Al in the coating is not crys-
talline. This is supported by the TEM image (Fig. 1.7) with selected area
diffraction pattern where a broad halo was seen.

Figure 1.8 shows Raman spectra of Al-doped a-C for different Al compo-
sitions in the wavenumber range from 850 to 1900 cm™!. Outside this range,
no feature was observed. The Ip /I ratios calculated from the intensity of
the G and D peaks have also been put in the diagram. The Ip/Ig ratio
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Fig. 1.6. XRD spectra of Al-doped a-C coating (19 at.%Al) and a Si(100) substrate.
No noticeable peak is seen except the one of Si(100) wafer at 69° 26.

Fig. 1.7. TEM micrograph with diffraction pattern of Al-doped a-C coating (19
at.% Al). The coating is amorphous: a broad halo is seen from the diffraction pattern.

increased with increasing power density of the Al target. Without Al, the
Ip /I ratio was 1.1 and it increased to 2.7 as the Al content increased to
19 at.%. Since the sp?/sp? ratio is inversely proportional to the Ip /I ratio,
an increasing Ip /I ratio indicates that incorporation of Al hinders the for-
mation of sp? sites leading to an increase in sp? fraction in the coating. As
the Ip/Ig ratio becomes high, more sp? sites become available such that
they start organizing into small graphitic clusters [10, 11]. This is directly
attributed to the decreased energies of carbon atoms/ions coming to the
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Fig. 1.8. Raman spectra of Al “doped” a-C coatings with different Al concentrations.

substrate when Al is co-sputtered: a higher power density applied on the Al
target (leading to a higher Al content in the coating) results in more colli-
sions. At low bombarding energies, surface diffusion takes place. It should
be noted that surface diffusion is easier to take place than bulk diffusion,
since the activation energy is lower. Diffusion in the surface layers of the
coating tends to generate ordered clusters with high sp? content, i.e. with
structures closer to the thermodynamically stable graphite phase than a
typical DLC arrangement.

1.2. Mechanical Properties

The hardness and Young’s modulus of Al-doped a-C coatings decreased
with increasing Al. Without Al, the hardness of a pure a-C coating was
32. 5 GPa and it decreased to a low level of 7.8 GPa when the coating was
“doped” with 19 at.%Al as seen in Fig. 1.9. This is the consequence of
the increase in sp? bonding structure as Al is added. In addition, Al is a
soft material; therefore the hardness of the coating is further decreased.
However, the increase of the sp? bonding in the coating contributes to the
relaxation of the residual stress. It has been proven by Sullivan et al. [12]
that when the atomic volume of the sp? sites exceeds that of the sp? sites,
the in-plane size is less due to its shorter bond length. Thus the formation
of sp? sites with their ¢ plane aligned in the plane of compression greatly
relieves biaxial compressive stress.
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Fig. 1.9. Hardness of a-C coating as a function of Al concentration.

Figure 1.10 plots the relationship between residual stress of Al-doped
a-C coatings (thickness of about 1.2 ym) and Al content. Without Al, the
residual stress was as high as 4.1 GPa. When 5 at.%Al was added, the
stress dropped to 0.9GPa (a 24.5 times reduction) and the Ip/Ig ratio
increased from 1.1 to 1.7 (a 21.5 times increase). For a-C coatings with high
sp> content, the stress decreases considerably with very little variation in
strains in the coating [13]. Therefore, continued addition of Al only resulted
in a gradual decrease in stress. At 19 at.%Al, the residual stress reduced to
0.2 GPa.

Adhesion strength is related to the interfacial properties between coating
and substrate. Among the factors which affect the interfacial properties,
residual stress is an important issue. Addition of Al results in a considerable
increase in adhesion strength of the coating to the substrate. This is due to
two reasons: (1) the low residual stresses in the coating, and (2) the high
toughness achieved because Al is a tough material and the coating contains
a more graphite-like structure. Both effects can be seen from the results of
scratch tests: high critical load combined with plastic behavior.

Figure 1.11 shows the optical micrographs of scratches after scratch tests
on a-C “doped” with 5 and 19 at.%Al. Coatings with different Al content
exhibited different behaviors in the scratch tests.

The damage of coatings doped with 5 at.%Al occurred at an applied
load of about 367 mN. However, at such a high load, the coating exhibited
only partial damage. This is different from the results obtained from pure
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Fig. 1.10. Residual stress as a function of Al content in Al-doped a-C coatings.
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Fig. 1.11. Optical micrographs of scratches on the coatings after scratch tests of
Al-doped a-C coatings: (a) 5 at.%Al and (b) 19 at.%Al.

a-C coatings where at low applied loads (less than 240mN), the coatings
were totally damaged. As 19 at.%Al was added, no fracture was seen. Since
this coating had low hardness (7.8 GPa), as the load reached about 180 mN,
the diamond tip had already ploughed into the coating causing a gradual
decrease in the scanning amplitude. Even until the end of the test, when
the load reached 455 mN, no fracture or interfacial failure was observed, an
indication of superior toughness and adhesion strength. It is clear that the
more the Al the more the adhesion improvement. However, this superiority
of toughness comes with the high price of hardness drop, therefore limitation
in applications.
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In summary, co-sputtering of Al and graphite targets results in a very
low stress and tough Al-doped a-C (or a-C(Al)) coating at the expense of
its hardness. Al exists as clusters of atoms in the coating.

2. Nanocrystalline TiC Embedded in Amorphous Carbon:
nc-TiC/a-C

2.1. Composition

Ti was added into a-C by co-sputtering of graphite and Ti targets. The
power density on the graphite target was 10.5 W/cm? whereas that on the
Ti target was changed for different compositions. The process pressure was
maintained at 0.6 Pa and the substrate temperature was kept constant at
150°C during deposition.

After unloading from the deposition chamber, the coatings were con-
taminated with large amounts of oxygen and carbon from the ambient
atmosphere. Therefore ion etching was carried out for 15 min before XPS
analysis. The oxygen incorporated into the coatings during deposition was
less than 5 at.% and was excluded from the calculations. Fitting the C 1s
and the Ti 2p3/, peaks allows discrimination among the three concurrent
phases in the coating: a-C, TiC and metallic Ti. The C 1s positions of the
C-C in a-C and C-Ti in TiC are 284.6 and 281.8 eV, respectively [5]. The
Ti 2p3/p peak of Ti in TiC is at 454.9eV and that of metallic Ti is at
453.8eV [14]. The Ti 2p also has another peak (Ti 2p;/;) at 461eV for
Ti in TiC and 459.9 for metallic Ti (neutral or zero valence state). The
composition of the coatings deposited at different power densities on the
Ti target and under —150V bias is tabulated in Table 2.1. Those values
were calculated from the C 1s and Ti 2p XPS spectra, which are shown
in Fig. 2.1 and Fig. 2.2. At the same power density on the Ti target, the
Ti content in the coating remained almost unchanged when different bias
voltages (in the range from —20 to —150 V) were applied. This is similar to
the case of adding Al to a-C (Fig. 1.5).

From Fig. 2.1, at 0 at.%Ti (i.e. 100% a-C), only the C-C bond was
observed at 284.6eV. As the Ti content increased, the carbide (TiC) peak
at 281.8 eV appeared and grew in intensity while the a-C peak decreased. At
3 at.%T1i, almost no TiC was seen — Ti existed in the coating as elemental
Ti, which gave a peak at 453.8eV of Ti 2p in Fig. 2.2. The limitation of the
formation of TiC at low Ti content can be attributed to the low power den-
sity applied to the Ti target (e.g. 0.8 W/cm? for 3 at.%Ti). At low power
densities, the energy of the sputtered Ti ions may not be high enough to
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Table 2.1.

Composition of Ti doped a-C coatings deposited at different
power densities of Ti target under —150 V bias and graphite target power
density of 10.5 W/cm?.

Power density of

Ti target (W/cm?) Ti (at.%) C (at.%) Coating structure

0 0 100 a-C

0.8 3 97 a-C(Ti)
1.4 8 92 nc-TiC/a-C
1.8 16 84 nc-TiC/a-C
2.1 25 75 nc-TiC/a-C
2.4 30 70 nc-TiC/a-C
2.7 36 64 nc-TiC/a-C
3.0 45 55 nc-TiC/a-C
3.3 48 52 TiC

4.0 53 47 TiC

Intensity (arb. units)

Binding energy (eV)

280 282 284 286 288 290

Ti (at.%)
0

3

8

16
25
30
36
45
48
53

Fig. 2.1. XPS spectra of C 1s of Ti doped a-C coatings deposited under —150 V bias [15].

support the formation of Ti—C bonds. The formation of TiC was seen as 8
at. %Ti was added (the power density of the Ti target was 1.4 W/cm?) and
from the Ti 2p spectrum only part of Ti bonded with C to form TiC. At 16
at.%Ti and more, most Ti in the coating bonded with C to form TiC (as
seen from the Ti 2p3/, XPS spectra in Fig. 2.2; a single peak, which can
be attributed to TiC, was seen at 454.9 V). As the Ti content exceeded 48
at.%, the peak associated with a-C was almost undetectable from the XPS
spectra of the C 1s (Fig. 2.1) indicating that there was virtually no a-C in
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Ti2p,, Ti2p,,
Ti TiC

Intensity (arb. units)

452 454 456 458 460 462 464
Binding energy (eV)

Fig. 2.2.  XPS spectra of Ti 2p in Ti doped a-C coatings deposited under —150 V bias.

these coatings (all the carbon atoms bonded with Ti to form TiC). Also,
from Fig. 2.2, a considerable amount of metallic Ti was seen in the coat-
ing “doped” with 53 at.%Ti (the Ti 2ps/, peak was considerably shifted
towards 453.8eV). Figure 2.3 presents the composition of a-C, TiC, and Ti
(calculated from XPS) in the coatings at different atomic concentrations
of Ti. The amount of metallic Ti was calculated by subtracting the carbide
contribution to the Ti 2p obtained by peak fitting from the total Ti con-
tent. From the figure, the concentration of a-C and TiC was in the range
50-50 at.% at about 27 at.%Ti incorporation. Therefore, at Ti less than
27 at.%, a-C is dominant and TiC becomes dominant if Ti content exceeds
27 at.%.

2.2. Topography

Figure 2.4 plots AFM surface roughness of nc-TiC/a-C coatings (1.2 ym
thickness, deposited on a Si wafer) as a function of Ti content. With increas-
ing Ti, surface roughness of the coatings increased. At 3 at.%Ti, the surface
roughness of the coating was 1.9nm R,, a little higher than that of pure
a-C (1.1nm R,). After that, R, increased considerably to about 5nm at
8 at.%Ti. From 8 to 36 at.%Ti, R, very slowly increased from 5 to about
8nm. From 36 at.%Ti, R, increased drastically and reached a very high
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Fig. 2.3. Content of a-C, TiC and metallic Ti as a function of Ti addition (calculated
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Fig. 2.4. Surface roughness (Rg) as a function of Ti concentration.

value of 18.3nm at 48 at.%Ti. From XPS, XRD, TEM and Raman results,
it was clear that more Ti incorporation resulted in a large fraction of
crystalline phase (thus less amorphous carbon) with larger grain size, which
led to rougher surface morphologies.
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2.3. Microstructure

Figure 2.5 shows the XRD spectra of the coatings at different Ti. At
3 at.%Ti, the coating is amorphous. Also, as mentioned above, Ti exists
in this coating as elemental Ti. Therefore this coating was denoted as a-
C(Ti) in Table 2.1. Above 8 at.%Ti incorporation, the formation of the
TiC crystalline phase was observed. Peaks at 35.9, 41.7, and 60.4° (26)
were attributed to the (111), (200), and (220) diffraction planes of TiC.
The intensity of those peaks increased with increasing Ti. No dominant
texturing was observed. From 8 to 45 at.%Ti, as seen from XPS and XRD
results (Figs. 2.3 and 2.5), the crystalline TiC and a-C co-existed. There-
fore the coatings were denoted as nc-TiC/a-C (the prefix nc- stands for
nanocrystalline since the size of the TiC grains is in the nanometer range,
as will be shown later) in Table 2.1. At higher content of Ti, there was
almost no a-C in the coating but only crystalline TiC and a small amount
of metallic Ti. The coatings, in this case, were denoted as nc-TiC in Table
2.1. It can be seen that, at —150V bias, nanocomposite can be obtained
if the Ti content is from 8 to about 45 at.%Ti. Outside this range, the
resultant coating is a-C(Ti) or crystalline TiC. From 25 at.%Ti onwards, a
small shift of the TiC peaks to the smaller Bragg angle was seen. That was
believed to have come from the compressive stress generated in the coat-
ing during the deposition process. It was mainly intrinsic stress because the
coatings were deposited under low deposition temperature thus the thermal

TiTiC [200]C [111]

y

\ A
\ A
N
x

TiSi substrateC [220]

Ti (at.%)
48
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36
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Fig. 2.5. XRD spectra of Ti-doped a-C coatings deposited under —150 V bias.
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stress was negligible. At lower Ti content, the residual stress was low and
no shift of the peaks was seen.

Ignoring the effect of microstraining due to the compressive stress, the
average TiC crystalline size can be estimated using the Debye—Scherrer
formula [16]:

K\
b= B cos(0) [},
where D is the mean crystalline dimension normal to diffracting planes, K
is a constant (K = 0.91), A is the X-ray wavelength (A = 0.15406 nm), /3 in
radians is the peak width at half maximum peak height and € is the Bragg
angle. The calculated grain size is plotted in Fig. 2.6.

The grain size increased with increasing Ti concentration. On average,
TiC [111] crystallites were largest, followed by that of TiC [200]; the TiC
[220] crystallites were smallest. For TiC [111], the grain size increased from
3 to 17nm as Ti increased from 8 to 48 at.%. With increasing Ti, there are
more Ti**t ions readily available for the growth of TiC crystallites. At the
same time, as Ti increases, the relative amount of a-C is reduced (Fig. 2.3),
thus the constraints exerted on the growth of the crystallites are alleviated.
All these combine to result in an increase in the grain size of TiC with
increasing Ti incorporation.

Figure 2.7 shows the TEM micrographs of coatings with different Ti
content. At 3 at.%T1i, no TiC grains were seen; the coating was amorphous.
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Fig. 2.6.
results in Fig. 2.5).

Ti concentration (at.%)

Grain size of TiC as a function of Ti concentration (calculated from XRD
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Fig. 2.7. TEM micrographs of coatings with different Ti content. At 3 at.%Ti, the
coating is amorphous. TiC nanograins are observed from 8 at.%Ti onwards. The size
and fraction of crystallites increase with increasing Ti content. At 45 at.%Ti, the coating
contains almost TiC grains [bright-field (BF TEM) is added for an easier recognition of
grains|.
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(Continued)
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At 8 at.%Ti, the TiC grains in the a-C matrix were observable: a few
grains scattered within an a-C matrix. The density of grains increased with
increasing Ti content in the coating. At 45 at.%Ti, very little a-C was
seen. The coating contains almost only large TiC grains. Also, it is diffi-
cult to recognize the grains in the matrix. Therefore, a bright field image
is included for easier recognition of the grains and estimation of their size.
Above 8 at.%Ti, the diffraction patterns of coatings were almost similar:
sharp rings with almost uniform intensity for the [111], [200] and [220]
directions (Fig. 2.8). This indicates a random orientation ([111], [200] or
[220]) of the TiC grains in the a-C matrix. The observation from TEM
agrees well with results obtained from XRD. The intensity of the TiC [311]
and TiC [222] is very weak, indicating that very few TiC crystallites are
oriented these directions. Therefore, the Braggs peaks of TiC [311] and
TiC [222] (at 72.3° and 76.2° 26, respectively) were not observable in the
XRD spectra. Grain sizes observed from the TEM micrographs as com-
pared to that calculated from XRD spectra are plotted in Fig. 2.9. The
trend of grain sizes observed from TEM and XRD was the same: grain sizes
increased as Ti content in the coating increased. However, the grain size
calculated from XRD was smaller than that observed from TEM. In the cal-
culation of grain size (using the Scherrer formula) the effect of microstrains
(due to the residual stress) in broadening the Braggs peak was ignored.

¥
~N311]
[222]

T1C diffraction pattern

Fig. 2.8. Diffraction pattern of nc-TiC/a-C coatings indicating the random orientation
of the TiC crystallites.
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Fig. 2.9. Grain size of TiC determined from TEM and XRD. The grain size increases
as Ti content increases.

Taking microstraining into account, the grain size can be obtained through
Williamson—Hall Plot [17], thus,

- KX
~ Bcos(f) — 4esin(f)’

D

Ignoring microstrain € thus enlarges the denominator, resulting in smaller
calculated grain size.

Raman spectra and the Ip/Ig ratio for nc-TiC/a-C coatings are shown
in Fig. 2.10. From the figure, the intensity of the carbon peak decreased as
more Ti was added into the coating and no peak was seen for the coating
“doped” with 45 at.%T1i. This is due to the decrease of a-C when more Ti
was added (Ti bonds with C to form TiC). As seen from Fig. 2.3, when
45 at.%Ti was added, the coating contained only 10 at.%C. Such a small
amount was not enough to produce a peak in the Raman spectrum.

The increase in the Ip /I ratio indicates that the sp? fraction decreases
when Ti is added. That is the same as the case of addition of Al. However,
the addition of Al resulted in a greater decrease in sp® bonding (increase
in Ip/I¢ ratio). From Figs. 1.8 and 2.10, addition of 16 at.%Ti resulted in
an Ip /I ratio of 1.9, whereas the addition of only 9 at.%Al resulted in an
Ip/Ig ratio of 2. The Al added goes into the a-C matrix and disturbs the
carbon structure in comparison to the addition of Ti where the Ti forms
nanograin TiC with C.
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Fig. 2.10. Raman spectra of nc-TiC/a-C nanocomposite coatings for compositions of
Ti of 0, 16, 30, 36, and 45 at.% [15].

2.4. Mechanical Properties
2.4.1. Hardness and Residual Stress

The trend of hardness and Young’s modulus when “doping” Ti is different
from the case of “doping” Al. Al exists in the coating as elemental Al and
this leads to a decrease of hardness as more Al is added due to the decrease
of sp? bonding in a-C, plus Al itself is a soft metal. In the case of Ti,
however, as Ti is added above a certain level, nanograins of strong phase
TiC form. In this case, the hardness of the coatings is not only dependent
on the sp? fraction of a-C but also on the nanocrystalline phase of TiC (the
size of grains, their volume fraction and distribution in the a-C matrix).
Figure 2.11 plots the coating hardness and Young’s modulus as a function
of Ti concentration.

Pure a-C coating has hardness and Young’s modulus of 32.5 and
342.6 GPa, respectively. On increasing Ti content, the coating hardness
decreases and then increases owing to different mechanisms: as discussed
before, at low Ti content (less than 16 at.%), the addition of Ti in the coat-
ing only serves as “doping” (virtually no TiC formation or very few TiC
crystallites are found scattered in the a-C matrix, Fig. 2.7 and Table 2.2).
Addition of Ti decreases the amount of sp® bonding in the a-C matrix
(Fig. 2.10), which results in a decrease in hardness. Starting from 16 at.%Ti,
a considerable amount of TiC nanograins form and the amount increases
with increasing Ti (Table 2.2) resulting in a recovery of hardness to 32 GPa
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Fig. 2.11. Hardness and Young’s modulus of nc-TiC/a-C as a function of Ti
concentration.

Table 2.2.  Summary of the structure of nc-TiC/a-C deposited under —150 V bias with
different compositions of Ti (from XPS, XRD and TEM results).

a-C

Tic phase interface

Ti content Tic grain volume thickness
(at.%) Composite description size (nm) (%) (nm)
0 Amorphous 0 0 N/A
3 Amorphous 0 0 N/A
8 Random inclusion of TiC grains 2-5 5 > 10
16 encapsulated into a-C matrix 2-5 18 < 10
25 Considerable amount of TiC 3-7 28 < 10
30 grains encapsulated in the a-C 3-8 39 <8
36 matrix 3-11 69 <5
45 Almost TiC grains with a minor 10-25 93 <2

amount of a-C phase

at 36 at.%Ti after offsetting the effect of the high sp? fraction in the
matrix. With further increase of Ti, the coating hardness decreases again
as a result of grain coarsening. A fitting curve connects the experimental
data in Fig. 2.11 indicating that a maximum hardness of about 32-33 GPa,
which is comparable to that of pure a-C, can be obtained at Ti content
of 3842 at.%. In this range of Ti content, the grain sizes of the TiC are
about 3-25nm, the a-C interface thickness is less than 5 nm and the volume
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fraction of TiC nanograins is about 70-90% (Table 2.2). It is clear that,
superhardness (higher than 40 GPa) is not achievable in this case because
the two simultaneous conditions required for superhardness are not satis-
fied. Firstly, the grain size of TiC is not small enough (<10nm) to totally
suppress the operation of dislocations. Secondly, the a-C interface is not
thin enough (<1nm) to support the coherence strain-induced enhancement
of hardness [18].

The relationship between residual stress and Ti concentration is shown
in Fig. 2.12. When Ti was co-sputtered, the residual stress in the coating
decreased from 4.1 GPa (a-C) to 0.9 GPa (16 at.%T1i) then increased grad-
ually to 2.1 GPa at 45 at.%Ti. At higher Ti content, it slightly decreased.
The decrease of residual stress as Ti is added is understandable from the
increase in sp? fraction, which helps to relax the compressive stress accu-
mulated in the coating during the deposition process. Also, it should be
noted that the energy of the sputtered species coming to the substrate
during co-sputtering of two targets (graphite and Ti) is considerably lower
owing to higher probability of collisions between species in the plasma com-
pared to the case in which only the graphite target is sputtered. When a
considerable amount of TiC is formed (from 16 at.%Ti), associated with
less a-C inclusion, the hard phase of TiC hinders the relaxation of stress.
The more TiC nanograins form, the less stress is relaxed, leading to an
increase in residual stress as more Ti is added. However, the highest residual
stress in nc-TiC/a-C is about 2 GPa, which is only half of that of the pure
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Fig. 2.12. Residual stress of nc-TiC/a-C coatings as a function of Ti concentration.
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a-C (about 4 GPa). However, a high hardness (about 32 GPa) is obtained.
From Figs. 1.10 and 2.12, it is clear that Al is better than Ti in reduction
of residual stress.

2.4.2. Tribology

Figure 2.13 shows the coefficient of friction of the coatings containing vari-
ous amounts of Ti sliding against a 100Cr6 steel ball in ambient air (22°C,
75% humidity). From the figure, the coefficient of friction increases from 0.17
to 0.24 as the Ti content increases from 3 to 36 at.%. The a-C matrix influ-
ences significantly the friction of ne-TiC/a-C coatings through formation of
a graphite-rich layer which acts as solid lubricant in humid air. When more
Tiis added, more TiC crystallites form, thus there is less a-C matrix in direct
contact with the wearing ball. This results in less solid lubricant between the
two sliding surfaces and a higher coefficient of friction is thus seen. Another
reason causing the increase in friction is the increase in surface roughness as
more T1i is added as mentioned above. The development of the coefficient of
friction exhibits an abrupt change at about 45 at.%T1i. At that Ti content, the
concentration of a-C is approximately 10 at.% (Fig. 2.3). Such a low amount
of a-C can no longer transform into graphitic lubricant, leading to a drastic
increase in coeflicient of friction. The coatings, in this case, exhibit the same
friction behavior as polycrystalline TiC.

0.5

Counterpart: 100Cr6 steel ball

1 Environment: 22 °C; 75 % humidity
0.4 Sliding distance: 1 Km

Speed: 20 cm/s

{ Load: 5N

Coefficient of friction

0.1

0 10 20 30 40 50
Ti concentration (at.%)

Fig. 2.13. Coeflicient of friction of nc-TiC/a-C coatings with different Ti content. The
coefficient of friction increases as more Ti is added to the a-C.
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2.5. Summary

Co-sputtering of graphite and Ti forms a nanocomposite with TiC
nanograins embedded in a matrix of amorphous carbon (nc-TiC/a-C). The
size of the nanograins is strongly dependent on the Ti content (thus the
power density of Ti target) and varies from a few to about 30 nm. Higher
Ti content (i.e. higher power density on the Ti target) results in a larger
grain size and rougher surface morphology. The hardness of the nanocom-
posite coatings is not only dependent on the sp? fraction of the a-C matrix
but also (mainly) on the TiC nanograins (the size, the volume fraction and
the a-C interface thickness). At low Ti content (less than 8 at.%) the for-
mation of nanograins is very limited with very few nanograins scattered
in the a-C matrix. At high Ti content (more than 45 at.%) the coatings
mostly consist of nanocrystalline TiC and they exhibit polycrystalline TiC-
like properties (rough surface and high friction). A high hardness of 32 GPa
can be obtained with 36 at.%Ti (the grain size is 3-11 nm and the a-C inter-
face thickness is less than 5nm) while the residual stress of this coating is
only 2 GPa (half of that of pure a-C).

3. Al-Toughened nc-TiC/a-C

As a result of the studies of a-C, a-C(Al) and nc-TiC/a-C, it is evident
that a combination of hard crystalline TiC and a tough, relatively hard
amorphous matrix of a-C(Al) would yield a coating of high toughness,
low residual stress and adequate hardness, and therefore good wear resis-
tance, thermal stability and oxidation resistance. The coating of interest
is nc-TiC/a-C(Al), or nanocrystalline TiC embedded in amorphous carbon
matrix doped with Al

The power density on graphite target has been set at 10.5 W /cm? for
all samples. From analysis before, a power density of 2.7W/cm? on the
Ti target yields an amount of TiC crystalline phase high enough to main-
tain a high hardness while the a-C content is adequate for self-lubrication
to take place. The power density on the Al target is varied from 0.6
to 1.8W/cm? for different Al compositions. The substrate is biased at
—150V and the process pressure kept constant at 0.6 Pa during deposi-
tion. The composition of the coatings is calculated from the areas under
the C 1s, Ti 2p and Al 2p peaks in XPS spectra. The results are tabu-
lated in Table 3.1 (the coatings are etched using an Ar ion beam for 15 min
before analysis; less than 4 at.% of oxygen contaminated is ignored in the
calculations).
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Table 3.1. Composition of the nc-TiC/a-C(Al) nanocrystalline
coating.

Composition (at.%)

Power density of

Al target (W/cm?2) C Ti Al Notation
0.6 62 35 3 Ce2Tizs Als
1.1 60 34 6 CeoTizaAlg
1.4 57 32 11 Cs7Tiza Al
1.8 56 31 13 Cs6Tiz1 Alis

3.1. Composition

Figure. 3.1 shows the C 1s, Ti 2p and Al 2p XPS profiles of C5¢Ti31Al3
coating. It should be noted that except for the intensity of the peaks, there
was no difference between the XPS spectra of all four coatings. The results
revealed from XPS spectra of the four coatings meet the expectations of
the coating design:

e The Al existed in the coating as elemental Al. A symmetrical single peak
at 72.6eV was seen in the Al 2p spectra.

e Except for the bonds of the oxides, Ti—-C was the only chemical bond
found in the coating. The peaks at 281.8eV in the C 1s profile and at
454.9 eV (461 eV for Ti 2p; /o) in the Ti 2p profile are attributed to TiC.
This indicates that under the deposition conditions, other carbides such
as aluminum carbide or aluminum—titanium carbide did not form.

e All Ti bonded with C to form TiC. No shift of the Ti 2p peaks to lower
binding energies was seen from the spectra. Therefore there was no ele-
mental Ti in the coatings.

3.2. M:icrostructure

The XRD spectra of the nc-TiC/a-C(Al) nanocomposite coatings are shown
in Fig. 3.2. TiC was the only crystalline phase in these coatings and the
TiC nanograins were randomly oriented in [111], [200], and [220] direc-
tions. The more Al added, the lower the intensity of the peaks, since
the amount of TiC was lower as more Al was added into the coating.
However, as more Al was added, the peak intensities and the widths
in all directions became more consistent, indicating uniform grain size
and random orientation. With Al, no shift of the peaks was seen, which
indicated that the coating had low residual stress. The grain size of all
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Fig. 3.1. C 1s, Ti 2p and Al 2p XPS spectra of Cs¢Tiz1Al1z coating. (Power density of
graphite: 10.5W/cm?, Ti: 2.7W/cm?2, and Al: 1.8 W/cm?2. 15 min etching was applied
before analysis.).
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Fig. 3.2. XRD spectra of the nc-TiC/a-C(Al) nanocomposite coatings.

nc-TiC/a-C(Al) coatings was 2-5nm as calculated from the XRD spec-
tra using Scherrer formula. The calculated values should be very near the
real dimension since nc-TiC/a-C(Al) had low residual stress (not much
shift of TiC peaks was seen compared to the case of nc-TiC/a-C). There-
fore the effect of residual stress on Braggs peaks’ broadening would be
negligible.

Figure 3.3 shows the bright field (BF) TEM image with (a) diffrac-
tion patterns and (b) HRTEM micrographs of the CgsTisiAlis coating.
The diffraction pattern confirmed the existence of randomly oriented TiC
nanograins. Also the BF TEM image shows a high volume fraction of
TiC nanograins in the matrix of Al-doped a-C. The grain size was deter-
mined to be 2-6 nm, which was very consistent with the results calculated
from XRD (2-5nm). From Tables 2.1 and 2.2, co-sputtering of graphite
(at 10.5W/cm?) and Ti (at 2.7 W/cm?) resulted in a nanocomposite ne-
TiC/a-C coating (36 at.%Ti) with grain size from 3 to 11nm. When Al
was incorporated by co-sputtering of graphite (at 10.5 W/cm?), Ti (at
2.7 W/cm?) and Al (at 0.6-1.8 W/cm?), the grain size of the TiC was less
than 6 nm. It is clear that incorporation of Al reduces the grain size of TiC.
The interface thickness of the amorphous phase was determined to be less
than 5nm, comparable to that of the nc-TiC/a-C coating.



138 S. Zhang et al.

Fig. 3.3. (a) BF TEM (with diffraction pattern), and (b) HRTEM of a nc-TiC/a-C(Al)
(Cs6Tiz1 Al13) nanocomposite coating. In BF TEM, the dark spots are TiC nanograins.

Figure 3.4 shows the surface morphology of the CgoTizsAls and
Cs6Tig1 Alys coatings. The surface roughness of CgoTigs Als and CseTizi Al
was 6.9 and 5.4nm R,, respectively. The nc-TiC/a-C(Al) coating has a
smoother morphology than nc-TiC/a-C and more Al added resulted in an
even smoother surface. The surface morphoplogy is closely related with thin
films growth. The growth kinetic is controlled by the mobility of the imping-
ing atoms on the surface before they condense and become entrapped in the
film. This mobility can be enhanced by inputting energy to the sytem, such
as increasing deposition temperature or supplying impact energy through ion
bombardment. In the present study, the C and Ti target power densities are
kept constant for all the samples while the Al target power density increased
from 0.6 to 1.8 W/cm?. The Al atoms obtain more energy at higher Al target
power density therefore the mobility of Al atom is higher, which results in a
smoother surface.

3.3. Mechanical Properties

Mechanical properties of a-C, nc-TiC/a-C and nc-TiC/a-C(Al) coatings
investigated in this study are tabulated in Table 3.2.

3.3.1. Hardness, Toughness and Adhesion

The hardness and Young’s modulus of nc-TiC/a-C(Al) were less than that
of a-C and nc-TiC/a-C. However the big benefit here was the low resid-
ual stress of the nc-TiC/a-C(Al) coatings. Addition of Al or Ti into a-C



Magnetron Sputtered Hard and Yet Tough Nanocomposite Coatings 139

0.00
(@

0.00

(b)

Fig. 3.4. AFM images of (a) Ce2TizsAls, and (b) Cs6Tiz1Ali3 nanocomposite coatings.

considerably reduced the residual stress of the coating. When Al and Ti
were added into a-C at the same time a low residual stress was obtained.
Note that Cs¢Tiz;Alis had very low residual stress of 0.5 GPa while its
hardness was at a relatively high level of about 20 GPa. More importantly,
the low residual stress allowed thick adherent coatings to be deposited,
leading to a long working life.



Table 3.2. Mechanical properties of a-C, nc-TiC/a-C and nc-TiC/a-C(Al) coatings.

Deposition [Power
density (W/cm)?]

Coatings C Ti Al Bias (V) Stoichiometry Hardness (GPa) Young’s modulus (GPa) Stress (GPa)
a-C 105 O 0 —150 C 32.5 342.6 4.1
nc-TiC/a-C 105 2.7 O —150 CeaTize 31.8 324.5 2.1
ne-TiC/a-C(Al) 105 2.7 0.6  —150 Ce2Tiss Als 27.3 297.5 1.3

nc-TiC/a-C(Al) 105 2.7 1.8 —150 Cs6Tiz1 Al 19.5 220.4 0.5

ovt
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Fig. 3.5. Load and unload curves from the nanoindentation of a nc-TiC/a-C(Al) coat-
ing. The plasticity of the coating was 58%.
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Fig. 3.6. Lower critical load obtained from scratch tests of a-C (—140V bias), a-C
(bias-graded), nc-TiC/a-C, and nc-TiC/a-C(Al) coatings.

Figure 3.5 plots the load and unload curve of the CsgTisiAlys coat-
ing. The plasticity (ratio of the unloaded displacement over total displace-
ment) during indentation deformation was estimated to be 58%. Such a
high plasticity indicates a very high toughness, as can be visually verified
from scratch tests.

Figure 3.6 plots the adhesion strength (in terms of the lower critical
load from scratch tests) of a-C (deposited at a constant bias of —140V),
bias-graded a-C (bias voltage is increased from 0 to —140V at a rate of
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—2V /min, see details in [19]), nc-TiC/a-C (Cg4Tise) and nc-TiC/a-C(Al)
(Cs6Tiz1 Al 3) coatings deposited on 440C steel substrates. As can be seen
from the plot, a-C deposited under a high bias voltage of —140V exhibited
the lowest adhesion strength (118 mN). For bias-graded a-C, the adhesion
strength was more than three times higher (381 mN). Since the surface
roughness was low for both a-C deposited under a constant bias of —140V
and bias-graded a-C (1.1 and 1.4nm R, on the Si wafer), the consider-
able increase in adhesion was attributed to the combination of low residual
stress and high toughness of the bias-graded a-C, especially at the interface
between the coating and substrate. The adhesion strength of the nc-TiC/
a-C coating was 253mN, more than twice that of a-C deposited under
—140V bias owing to a much lower residual stress and the tough-
ness enhancement of the nanocomposite configuration (the size of the
cracks was limited and their propagation was hindered). However, this
critical load was still lower than that of the bias-graded a-C coat-
ing (381mN) because of two reasons. Firstly, the residual stress of
nc-TiC/a-C was higher than that of bias-graded a-C (2.1 GPa versus
1.5GPa). Furthermore, it should be noted that the residual stress was
obtained from the change in curvature of a whole Si(100) wafer, i.e.
an average of the whole coating regardless of possible variation due
to structural grading in case of bias-graded deposition. In bias-graded
a-C coatings, the sp? fraction increases from the substrate-coating interface
towards the outer surface of the coating. The local residual stress at the
interface should be a lot lower than that close to the surface (where sp? is
the highest). Secondly, the roughness of nc-TiC/a-C was 8.2nm R, (on a
Si wafer), which was much higher than that of the bias-graded a-C coat-
ings (1.4nm R, on Si wafer). This resulted in higher friction and thus
higher shear stress at the contact area. These reasons gave rise to a higher
critical load (better adhesion) for the bias-graded a-C compared to that
of nc-TiC/a-C. In the case of the nc-TiC/a-C(Al), a very high critical
load of 697 mN was obtained. The extremely low residual stress of 0.5 GPa
played an important role in this coating. Another important contribution is
attributed to the extremely high toughness as a consequence of adding Al
to form an a-C(Al) matrix in which nanosized TiC grains were embedded.
In this case, the propagation of the microcracks generated in the scratch
process was hindered at the boundaries between the matrix and the grains.
Meanwhile, the crack propagation energy was relaxed in the tough matrix.
The smoothness of the surface (5.4nm R, on Si) also contributed towards
the high critical load.
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Fig. 3.7. Optical micrographs of scratch tracks on the coating of (a) a-C deposited under
constant bias of —140V, (b) bias-graded a-C, (c) nc-TiC/a-C, and (d) nc-TiC/a-C(Al).

As can be clearly seen from the optical micrographs of the scratch tracks
in Fig. 3.7, a-C coating deposited under constant —140V bias delaminated
in a brittle manner as the load reached 118 mN, and the lower critical load
and the higher critical load were not distinguishable. For bias-graded a-C
and nanocomposite coatings, however, the scratch damages inflicted on the
coating was not continuous (sporadic) as the load continued to increase
[Figs. 3.7(b), (c) and (d)]. The fractured surface of the nc-TiC/a-C(Al)
coating appeared very “plastic” [Fig. 3.7(d)]: the cracks formed but did not
produce spallation, instead, the tip was seen to plough into the coating.
As the tip ploughed deeper, the scanning amplitude decreased because the
force exerted on the tip to vibrate in the transverse direction was not enough
to overcome the resistance created by the material pile-up.

3.3.2. Tribology

Tribological properties of a Cs6Tiz; Alyj3 nanocomposite coating were inves-
tigated in comparison with that of the pure a-C (deposited under a constant
—140V bias) and nc—TiC/a—C (CG4Ti36).
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Fig. 3.8. Coefficient of friction versus sliding distance of a nc-TiC/a-C(Al) coating
(Cs6Tiz1Al1z) and a ne-TiC/a-C coating (CesaTise).

3.3.2.1. Dry Tribology

Figure 3.8 plots the coefficient of friction as a function of sliding dis-
tance of a nc-TiC/a-C(Al) coating (CsTiz1Aly3) and a nc-TiC/a-C coating
(Ce64Tiss) when sliding against a 100Cr6 steel counterpart in ambient air.
It should be noted that the amount of a-C in these nanocomposites was 23
and 30 at.% in the nc-TiC/a-C(Al) coating and in the nc-TiC/a-C coat-
ing, respectively. For these two nanocomposite coatings, the a-C in the
matrix was mostly graphite-like with a high Ip/Ig ratio (3.1 for nc-TiC/
a-C(Al) and 2.6 for nc-TiC/a-C, respectively). Therefore, the graphite-rich
phase was available for lubrication. This is different from pure a-C, where
the graphite-rich lubricant layer can only form after graphitization takes
place.

As seen from the figure, the running-in stage of nc-TiC/a-C(Al) was
shorter (about 0.1 Km) with much lower coefficient of friction compared
to that of the nc-TiC/a-C coating. The hard nc-TiC/a-C coating (hard-
ness 32 GPa) has a rougher surface (8.2nm R, on a Si wafer, Fig. 2.4)
than that of the nc-TiC/a-C(Al) coating (hardness 19.5 GPa and 5.4 nm
R, on a Si wafer, Fig. 3.4). Such a rough surface with hard and large
asperities (the size of TiC grains in nc-TiC/a-C is 5-11nm compared to
less than 6nm in nc-TiC/a-C(Al)) in the nc-TiC/a-C resulted in higher
friction and more vibrations. It required a considerably longer duration to
reach the steady state. At steady state, the coefficient of friction of the
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nc-TiC/a-C(Al) coating was about 0.23, a bit lower than that of the nc-
TiC/a-C coating (0.24) even though the amount of a-C was lower (23 at.%
compared to 30 at.%). The main reason was that high hardness and rough-
ness of the nc-TiC/a-C caused more wear of the steel counterpart as seen
from the optical micrographs of the wear scars after the test (Fig. 3.9). The
higher wear rate of the counterpart contributed more iron oxide into the
tribolayer formed between the two sliding surfaces. The wear of the steel
counterpart was lower when sliding against nc-TiC/a-C(Al) and the wear-
ing coating contributed not only a-C but also Al (in the form of aluminum
hydroxide since the tribotest was carried out in a high humidity condition)
into the contact. As mentioned before, aluminum hydroxide has lower shear
strength compared to that of iron oxide, giving rise to a slightly lower fric-
tion observed in nc-TiC/a-C(Al). It is well known that the coefficient of
friction of pure a-C when sliding against a steel counterpart was in the
range of 0.11-0.15 depending on the deposition conditions (bias voltage).
Compared with these values, the coefficient of friction of the nanocomposite
coating was higher. This is due to the fact that the nanocomposite coating
has rougher surface and less graphite in the tribolayer (pure a-C contains
100%C). Even so, the coefficients of friction of the a-C nanocomposite coat-
ings are much lower than that of popular ceramic coatings currently used
in the industry, such as TiN, TiC, CrN, etc. The coefficients of friction of
these generally are from 0.4 to 0.9 [20-30].

The wear track profiles on the coatings and wear scars on the balls after
the tribotests for ne-TiC/a-C(Al) and nc-TiC/a-C are shown in Fig. 3.9. For
comparison, those of the a-C coating deposited under —140V bias (32.5 GPa
hardness) are also added. From the wear track profiles, it can be seen that
the wear of nc-TiC/a-C and a-C coatings is very low and the wear track is
not detectable. These coatings have much higher hardness (about 32 GPa)
compared to that of the steel counterpart (8 GPa). Wear of the counter-
parts, therefore, was very high, as is seen in the big wear scars. However,
the wear scar on the ball sliding against a-C is smaller than that on the ball
sliding against the nc-TiC/a-C (the wear scar diameter is 498 and 575 pum,
respectively). Understandably, pure a-C has a much smoother morphology
compared to that of nc-TiC/a-C and it contains 100% a-C, which produces
a larger amount of graphite-like lubricant in the contact area, leading to a
lower wear of the counterpart and lower coefficient of friction. Softer than
nc-TiC/a-C and a-C, the nc-TiC/a-C(Al) coating exhibits a lower wear
resistance. The wear track on nc-TiC/a-C(Al) is observable. Meanwhile,
the wear of the counterpart, with a wear scar diameter of 387 um, is much
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Fig. 3.9. Wear track profiles on the coatings and wear scars on steel balls after 1 Km
ball-on-disc tribotests in ambient air (22°C, 75% humidity).
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lower than that formed by sliding against nc-TiC/a-C and a-C (where the
wear scar diameters are 498 and 575 um, respectively).

3.3.2.2. Oil-Lubricated Tribology

Under oil-lubricated conditions, the lubrication mechanism is totally differ-
ent from that under dry conditions. With oil lubrication, oil prevents the
formation of the tribologically beneficial layer, changes the friction mecha-
nism at the contact and governs the friction behavior of the oil-lubricated
contact. Therefore, the thickness and stability of the oil film between the
coating and counterpart surface plays an important role in friction and
wear of coatings and counterparts. In oil-lubricated tribotests, because the
oil is not pressurized into the contact, the oil film between the two con-
tacting surfaces will not be thick enough to separate the coating surface
and the counterpart. The lubrication regime, therefore, is boundary but
not hydrodynamic. As such, the asperities of the two surfaces are in con-
tact. Under this lubrication condition, the interaction between the coating
surface, counterpart surface with lubricating oil and the additive is vital in
order to maintain an oil film (even very thin) in the interface. Generally,
the mechanism of boundary lubrication includes [24]:

e Formation of layers of molecules by Van der Waals forces: To form such
layers a molecule must have a polar end, which attaches to the metal,
and a non-polar end, which associates with the oil solution. Therefore,
to assure good adhesion of the oil to the tribosurfaces, the first condition
is that an appropriate metal(s) must be added into lubrication oil (Ca,
Mg, and Zn are added to Shell Helix oil).

e Formation of high-viscosity layers by reaction of the oil component in the
presence of rubbed surfaces: these films may result in a hydrodynamic
effect and may be linked to the surface by Van der Waals forces.

e Formation of inorganic layers due to reactions between active oil compo-
nents and the tribosurface materials: These layers (sulphides, phosphides)
have low shear strength and help to prevent scuffing (for this, in Shell
Helix oil S and P are added).

Good boundary lubrication occurs when tribosurfaces are metallic and
for that purpose, active metals produce better results than inert met-
als [25]. Figure 3.10 plots the coefficient of frictions of nc-TiC/a-C(Al),
ne-TiC/a-C and a-C coatings as a function of sliding distance. Under the
oil-lubricated condition, very low vibration allows the accurate estimation
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Fig. 3.10. Coefficients of friction of the nc-TiC/a-C(Al) coating, the pure a-C coating,
and the nc-TiC/a-C coating, as functions of sliding distance under oil lubrication.

of the coefficients of friction up to two decimal places. From the figure,
after the running-in stage, all three coatings exhibited very low coefficients
of friction (0.04-0.05) compared to that under dry conditions (0.15, 0.23
and 0.24 for a-C, nc-TiC/a-C(Al) and nc-TiC/a-C, respectively). The nc-
TiC/a-C(Al) coating exhibits the lowest friction followed by the nc-TiC/a-C
coating. The pure a-C exhibits the highest coefficient of friction. Experi-
mental results are expected from the nature of these three coatings: pure
a-C is a chemically inert material, thus the interaction between the oil and
a-C coating is very limited. The a-C surface is therefore a “passive member”
in the contact; the chemical interactions occur only at the mating surface
(steel ball counterpart). In the case of nanocomposite coatings, there is not
only an interaction between steel counterpart and oil but also between the
oil and the coating surface because of the metals in the nanocomposite
coatings. This results in a thicker and more stable oil film at the interface
leading to the observed lower coeflicient of friction. It can be easily seen
that the nc-TiC/a-C(Al) coating has the best interaction with oil since Al
is an active metal and it exists in the coating as elemental Al. Therefore,
it is not surprising that nc-TiC/a-C(Al) exhibits the lowest friction under
oil lubrication. The wear tracks on all the three coatings are not detectable
after the tests, indicating excellent wear resistance.

The wear scars on the ball are shown in Fig. 3.11. The smallest wear
scar was the one sliding against nc-TiC/a-C(Al) (with a diameter of
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Fig. 3.11. Wear scars on steel counterparts after 1 Km sliding against (a) a-C,
(b) nc-TiC/a-C, and (c) nc-TiC/a-C(Al) sliding under oil-lubricated condition.
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220 pm). The effective boundary lubrication, as mentioned above, resulted
in the low wear of the counterpart. The wear of the ball sliding against the
nc-TiC/a-C coating was the highest (the diameter of the scar was 246 pm);
a little bit smaller (240 pum scar) against pure a-C coating. The high wear
on the ball sliding against nc-TiC/a-C was probably the consequence of the
rough surface morphology of the nc-TiC/a-C coating. It is clear that the
nc-TiC/a-C(Al) coating is the winner: low coefficient of friction (0.04) and
excellent wear resistance (the wear was not detectable after 1 Km sliding
against a 100Cr6 steel ball), plus less wear on the counterpart.

3.4. Thermal Stability and Oxidation Resistance

A 1nc-TiC/a-C(Al) coating (Cs6Tis1 Alis, hardness 19.5 GPa) was used for
this study. Pure thermal stability can be evaluated through annealing in
inert gas (thus only temperature is allowed to take effect, not oxidation).
Figure 3.12 shows the Raman spectra of the coating after 60 min annealing
in an Ar environment at different temperatures. The In/I¢ ratio of a-C
in the matrix increased with increasing temperature. This behavior is the
same for pure a-C where a more graphite-like structure was formed at high
temperature. The change of the a-C structure happened as temperature
exceeded 300°C. At high temperatures (> 500°C) carbon in the matrix was
almost graphite-like with large cluster size. Further increase in temperature
did not cause much increase in I /Ig ratio (Ip/Ig ratio increased from 4.5
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Fig. 3.12. Raman spectra of nc-TiC/a-C(Al) nanocomposite annealed at different tem-
peratures for 60 min in an Ar environment [26].
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Fig. 3.13. Hardness of nc-TiC/a-C(Al) nanocomposite as a function of annealing tem-
perature [26].

to 4.6 as the temperature increased from 500 to 600°C). Although the
amount of graphite-like structure increased with temperature the coating
hardness did not change much and remained as high as the original value
of about 19 GPa up to 400°C (Fig. 3.13). Even after annealing at 600°C
for an hour, the hardness still remained as high as 17 GPa, i.e. about 90%
remained. This indicates a very good thermal stability. It should be noted
that after annealing for an hour at 400°C, the hardness of the pure a-C
coating dropped to only half of its original 32.5 GPa, and at 500°C, only
about 8 GPa or about 25% remained. For pure a-C, the major contribution
to the coating hardness is the sp? bonding structure, which is sensitive
to temperature. The hardness of nanocomposite coatings, however, mainly
comes from the hard nanocrystalline phase of TiC, which is not influenced
as the temperature increases up to 600°C. As can be seen from Fig. 3.14, the
XRD pattern of nc-TiC/a-C(Al) before and after annealing in Ar was not
noticeably different. Therefore, the hardness of the nanocomposite coating
was less sensitive to temperature than pure a-C.

The oxidation resistance can be evaluated from annealing in air.
Figure 3.15 shows XPS spectra (Al 2p) of the nanocomposite coating after
annealing at different temperatures in air. After unloading from the depo-
sition chamber into atmosphere, all Al on the surface reacted with oxygen
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Fig. 3.14. XRD pattern of nc-TiC/a-C(Al) coating before and after 60 min annealing
in an Ar environment at 600°C [26].
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Fig. 3.15. XPS spectra (Al 2p) of nc-TiC/a-C(Al) nanocomposite coating at different
annealing temperatures in air for 60 min [26].

to form aluminum oxide (the Al-O peak at 74.2eV). As the annealing tem-
perature was increased to 600°C, Al-O was the only chemical bond of Al
detected. The Ti 2p spectra are shown in Fig. 3.16. The peaks at 454.9
and 461 eV were attributed to TiC (2ps/2 and 2py /2, respectively), at 458.6
and 464.3 eV to TiOq, and at 456.2 and 462eV to TiC,O,. As investigated



Magnetron Sputtered Hard and Yet Tough Nanocomposite Coatings 153

TiC TiC,0, TiO, TiC TiC,0, TiO,

m

= - B 600 °C

o R w\/_/\ o

5 | T 500 °C

~—" \,\"\’ |~

= N\ I B e

(0]

S \ \/\K“m 300 °C
\/ S~ | Without

annealing

452 454 456 458 460 462 464 466
Binding energy (eV)

Fig. 3.16. XPS spectra (Ti 2p) of nc-TiC/a-C(Al) nanocomposite coating at different
annealing temperatures in air for 60 min [26].

before, Ti in the coating mostly bonded with C in the TiC nanocrystalline
phase. From the spectra, when the temperature was lower than 300°C, the
oxidation of TiC was very limited. The oxygen existed in TiC,O,. The for-
mation of TiOs was seen at an annealing temperature of 400°C. From the
results, it can be seen that TiC was considerably oxidized at about 400°C.
The oxidation, which leads to the formation of TiOs is expressed by the
following reaction:

TiC + 205 — TiOs + COs. (3.1)

At 500°C, a large amount of TiO9 was formed (51 at.%Ti bonded with oxy-
gen) and when the annealing temperature was increased to 600°C, almost
all the TiC was oxidized to form TiOs.

As mentioned before, the reaction between carbon and oxygen at high
temperature (400°C) resulted in the loss of coating thickness:

This also occurred on the surface of the nanocomposite coating where
the carbon dioxide was formed from the reactions between TiC and oxygen
[Eq. (3.1)] and between C (in the matrix) and oxygen [Eq. (3.2)]. Aside
carbon dioxide, aluminum oxide (formed at room temperature) and tita-
nium oxide (formed at high temperature) are also products of the oxidation.
These oxides remain on the coating and act as a barrier layer (especially
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Fig. 3.17. Coating thickness of nc-TiC/a-(Al) nanocomposite coating before and after
annealing in air at 600°C obtained from profilometer [26].

aluminum oxide [27]) to prevent the diffusion of oxygen into the coating.
Therefore, the loss of coating thickness was not seen when annealing the
nc-TiC/a-C(Al) nanocomposite in ambient air, even at 600°C for 60 min
(Fig. 3.17). Also, it can be easily recognized that the formation of the oxide
layer resulted in a very rough morphology.

The thickness of the oxide layer was determined from an XPS depth
profile based on the oxygen percentage detected. It is determined as the
etching depth at which the oxygen content was less than 4 at.% (this oxy-
gen contaminated the coating during the deposition process) and does not
change when more etching is continued. Figure 3.18 shows the XPS depth
profiles of the coating without annealing, after 60 min annealing in air at
300°C, and after 60 min annealing in air at 600°C.

As seen from the figures, without annealing, the thickness of oxide
layer was about 4.2nm. At 300°C, the increase in thickness of the
oxide layer was not significant (the thickness of oxide layer was about
6.3nm). It should be noted that without annealing the thickness of
oxide layer on the nanocomposite (Ti, Cr)CN/a-C was already about
20nm [28]. At high temperature of 600°C, the thickness of the oxide
layer drastically increased to about 55nm. Under the same anneal-
ing condition, the oxide layer on the TiN coating was reported to be
200nm and that of TiAIN was 35-180nm depending on the Al con-
tent in the coating [27,29]. These data illustrate the importance of Al
in the oxidation resistance of the nanocomposite coating. The addition
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of Al, even at low amounts considerably enhances the oxidation resistance.
As mentioned before, aluminum oxide is a good barrier to prevent oxygen
diffusing into and oxidizing the coating. From the experimental results, nc-
TiC/a-C(Al) exhibited much better oxidation resistance compared to that
of pure a-C, a-C-based nanocomposites which do not contain Al, such as
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Fig. 3.18. XPS depth profile of nc-TiC/a-C(Al) nanocomposite coating (a) without
annealing (b) after annealing at 300°C for 60 min, and (c) after annealing at 600°C for
60 min in air [26].
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(Ti, Cr)CN/a-C, and TiN. The oxidation resistance of nc-TiC/a-C(Al) was
comparable to that of TIAIN under testing temperatures up to 600°C.

3.5. Application in Piston Ring

Till now, there is little systematic investigation concentrating on the appli-
cation of a-C or a-C-based nanocomposites as protective coatings for piston
rings in internal combustion engines. Pure a-C cannot be used as a protec-
tive coating for piston ring since the high residual stress does not allow
thick coatings to be deposited. Thickness of less than 1.5 um or even a few
pm (if bias-graded deposition is applied) cannot meet the requirement of
an acceptable mileage within one overhaul life of the engine. Furthermore,
pure a-C coatings exhibit brittle behavior, poor thermal stability and oxi-
dation resistance. The characteristics of nc-TiC/a-C(Al) indicate that this
material possesses excellent properties for tribological applications. The low
friction in dry and boundary-lubricated conditions (much lower than that
of conventional nitride and carbide coatings) will contribute much to the
reduction of friction losses in the engine, leading to a considerable decrease
in fuel consumption. A hardness of 20 GPa (comparable to TiN and higher
than CrN) combined with good thermal stability and oxidation resistance
(much better than TiN) gives the coating good wear resistance under harsh
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working conditions of piston rings. In addition, the low residual stress allows
thick coatings to be deposited for a long working life.

In this study, the engine tests were carried out with a nc-TiC/ a-
C(Al) nanocomposite coating (CsTiz1 Aly3). The deposition conditions and
mechanical properties of this coating were stated in Table 3.2. As a control,
an 18 GPa hard TiN coating was also deposited by reactive magnetron sput-
tering on a piston ring at Ti target power density of 4 W/cm?, bias voltage
of =80V and process pressure of 0.6 Pa (40sccm Ar + 10sccm Nj).

3.5.1. Engine

The engine used in this test is a two-stroke gasoline engine (Fig. 3.19) with
cylinder capacity of 41 cc, cylinder bore of 39.8 mm and stroke of 32.5 mm.
The cylinder bore is plated with Cr.

A propeller with size of 18-10 (diameter: 18 inches, pitch: 10 inches)
was installed to apply the load to the engine. An output of 2 horse power
(HP) is required for a revolution speed of 5000r.p.m for this propeller.
The maximum combustion pressure is 5.2 MPa. The maximum pressure
on the working surface of the first piston ring (thus, on the coating) is
estimated to be about 4 MPa (0.76 x 5.2). During the tests, the r.p.m of
propeller was maintained at 5000 £ 100 by controlling the fuel feeding. The
fuel used for the engine was M92 gasoline mixed with 4% Shell Helix Plus
engine oil.

3.5.2. Piston Ring

The piston ring (Fig. 3.20) was made from cast iron with alloying elements.
The chemical composition is shown in Table 3.3.

The geometry of the ring. Inside diameter: 36.32 mm. Outside diameter:
39.37mm. Thickness: 1.65 mm.

The ring gap area (see Fig. 3.20) was investigated since the wear of the
ring gap area is more serious compared to other areas on the circumference
of piston ring [30].

3.5.3. Testing Procedure

There were two types of samples. One type comprised the whole piston
rings, which were utilized for engine tests. The other comprised pieces cut
from the rings; after deposition, these pieces were polished to measure the
coating thickness.
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(b)

Fig. 3.19. The engine: (a) without propeller; (b) installed with propeller for testing.

The engine tests were carried out for 610 hours. After the first 30 hours
of running the piston rings were removed from the engine, then ultrason-
ically cleaned for 20 min to estimate the running-in wear by SEM. After
that, the rings were reinstalled and another 580 hours of testing was car-
ried out. Finally, the piston rings were removed then polished for SEM
investigation.
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Fig. 3.20. Piston ring and the ring gap area.

Table 3.3. Chemical composition of cast ion piston ring.

Element Fe C Si Mn Cr W A\ Ti P S

Content (at.%) 921 39 24 06 02 015 0.15 0.05 04 0.05

3.5.4. Results

The cross-sections of TiN and nc-TiC/a-C(Al) coatings deposited on pis-
ton rings are shown in Fig. 3.21. From SEM images, 20 points were
randomly chosen for measuring the coating thickness and the average
was considered the coating thickness. Coating thickness of 23.2 + 0.3
and 21.3 £ 0.3 um were estimated for TiN and nc-TiC/a-C(Al) coat-
ings, respectively. The thickness of both coatings were consistent along
the circumference of the piston ring. It can be recognized that the
nc-TiC/a-C(Al) coating exhibits a denser structure compared to the TiN
coating.

Figure 3.22 shows the fractography of the TiN and the nc-TiC/a-C(Al)
coatings on piston rings after the first 30 hours testing. The remaining
thickness was averaged from the values measured at 20 random points. The
remaining thickness was estimated to be 19.9 £ 0.8 and 18.4 £ 0.5 um for
TiN and nc-TiC/a-C(Al), respectively.

Figure 3.23 shows the SEM images of the remaining coatings after a
“field test” of 610 hours. The TiN coating wore out completely whereas
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(b)

Fig. 3.21. SEM cross-section images of (a) TiN, and (b) nc-TiC/a-C(Al) coatings,
deposited on piston ring. The thickness was estimated to be 23.24+0.3 and 21.3+0.3 um
for TiN and nc-TiC/a-C(Al), respectively.

the nc-TiC/a-C(Al) coating, which still had a thickness of 2.1 + 0.2 um
remaining, continued to adhere very well to the piston ring with no sign of
spallation or peeling. The results from the engine tests are summarized in
Table 3.4.

Assuming that the TiN coating wore out right before completion of
the test, the wear rate of TiN would be 3.4 yum/100h. In reality, the wear
rate of the TiN coating may be higher or even a lot higher (depending on
when the coating was actually completely worn out). The wear of the nc-
TiC/a-C(Al) coating was considerably lower than that of TiN (13% lower
in the first 30 hours running-in time and more than 17% lower in the next
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Fig. 3.22. SEM images of TiN (a) and nc-TiC/a-C(Al) after 30 hours engine test.
The thickness remaining was estimated to be 19.9 + 0.8 and 18.4 4+ 0.5 pum for TiN and
nc-TiC/a-C(Al), respectively.

580 hours). With the nc-TiC/a-C(Al) coated ring, about 3% fuel was saved
for the first 30 hours and about 2% for the next 580 hours.

3.6. Summary

Bias voltage does not influence the composition of sputtered coatings. The
target power density does. Co-sputtering of graphite, Ti and Al deposits
a nanocomposite coating where nanosized TiC crystalline phase is embed-
ded in an amorphous carbon matrix doped with Al, or nc-TiC/a-C(Al).
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(a)

(b)

Fig. 3.23. Cross-section after engine test for 610 hours. (a) The TiN coating was com-
pletely worn out, but (b) the nc-TiC/a-C(Al) coating still had a thickness of 2.1£0.2 pm.

The average grain size of the nanocrystalline TiC grains is less than 6 nm.
There is no preferred orientation. The nc-TiC/a-C(Al) coating has a rela-
tively high hardness of about 20 GPa, a very low residual stress of 0.5 GPa,
a very smooth surface (5nm in R, for a 1.2 um thick coating deposited
on a Si wafer) and exhibits very high adhesion strength (lower critical
load of almost 700mN) and superior toughness (as evidenced by inden-
ter plaughing into the coating rather than peeling the coating off). The
plasticity during indentation is as high as 58%. The nc-TiC/a-C(Al) coat-
ing is thermally stable up to 400°C. Even at 600°C for one hour in Ar,
90% or 17 GPa of the hardness remains. The oxidation resistance of the
coating is comparable to that of TiAIN, much better than that of pure



Table 3.4. Results from engine tests.

Specific fuel

Thickness after (pum) Wear rate (pum/100h) consumption (g/HP.h)
Coatings 0 30 h (304580) h  First 30h  Next 580 h  First 30 h  Next 580 h
TiN 23.2 19.9 0 11 > 3.4 236 225
nc-TiC/a-C(Al)  21.3 18.4 2.1 9.6 2.8 227 221
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a-C or TiN. The nc-TiC/a-C(Al) coating exhibits a low coefficient of fric-
tion in dry air (0.23) and an extremely low coefficient of friction under oil
lubrication (0.04), thus resulting in good wear resistance. Engine test of the
coating deposited on piston rings illustrates a reduction of more than 17%
in the wear rate and 2% in fuel consumption as compared to TiN coating.
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1. Introduction

The use of hard coatings with combined functional and structural properties
for the protection of materials is widely recognized. Hard coatings improve
the durability of substrate materials in hostile environments against wear
and oxidation, thus prolonging the tool life. Transition nitride coatings like
TiN, TiCN and TiBN have been used frequently in manufacturing sectors to
increase the performance of cutting tools and drills. There is an increasing
need in industrial sectors for the development of high performance coatings
with better oxidation resistance, higher hardness and longer lifetime than
conventional TiN coatings. To meet industrial demands for improved coat-
ings, significant effort has been devoted to the design and synthesis of super-
hard coatings. Diamond is a very attractive material in this respect due to
its outstanding and unique properties, such as large bandgap, high chem-
ical inertness, low friction coefficient, high hardness, high refractive index,
high thermal conductivity, high optical transparency and good biocompat-
ibility. Potential applications include transparent protective coatings for
optical components, tribological coatings for microelectromechanical sys-
tems (MEMS), heat sinks, field emission displays and biomedical implant
materials, etc. [1-9]. Chemical vapor deposition (CVD) method is one of
the most promising techniques to producing low cost, large area and high
quality polycrystalline diamond films. Typical CVD deposition involves the
placement of silicon or diamond substrates under a flowing gas mixture of
hydrogen and hydrocarbon, activated with a hot filament, or plasma at
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microwave frequency. Diamond crystallites then nucleate on the substrates
under appropriate plasma chemistry conditions. The nucleation of diamond
is an important step in the growth of diamond thin films, because it strongly
affects the growth rate, film morphology and quality [10]. CVD diamond
nucleation and growth mechanism on diamond substrates is generally well
known [11, 12]. High quality homoepitaxial diamond (100) film can be syn-
thesized from high-power microwave plasma-enhanced CVD [12]. However,
the diamond nucleation mechanism on other non-diamond substrates is rel-
atively less well understood due to the difficulty of locating and identifying
the nucleation sites. Silicon is commonly employed as a substrate for the
diamond deposition owing to its widespread application in the microelec-
tronics industry. The high surface energy, small lattice parameter and small
coeflicient of thermal expansion prevent diamond from growing heteroepi-
taxially on Si and other non-diamond substrates. Very few materials such as
cubic boron nitride (¢-BN) and iridium are reported to be ideal substrates
for the hetero-epitaxial diamond nucleation [13-15]. Cubic boron nitride is
particularly suitable because its lattice constant (3.615 A) matches with
the diamond lattice parameter (3.567 A) closely, i.e. with a lattice mis-
match of less than 2%. Although the lattice misfit between diamond and
iridium is 7.6%, the iridium thermal expansion coefficient is closer to that
of diamond [15].

Diamond coatings with submicrometer and micrometer grain sizes fab-
ricated from the CVD method are rather rough and non-uniform over large
areas. Low nucleation densities in CVD process require longer deposition
times for forming continuous film, leading to large surface roughness due
to the large grain size. The high surface roughness poses a major prob-
lem for optical coating applications because it causes attenuation and scat-
tering of the transmitted lights [16]. Moreover, CVD coatings generally
exhibit a rough faceted surface, which is undesirable for many machin-
ing and sliding wear applications [17, 18]. To obtain a smoother surface,
mechanical polishing of diamond films is needed. This process is rather
tedious and difficult due to the extremely high hardness of diamond.
Mechanical polishing can also lead to an increase in the sp? content of
the diamond films [16]. Roughness of the diamond films can be effec-
tively reduced when their grain size approaches nanometer level. In this
respect, efforts have been directed towards the preparation of nanocrys-
talline diamond (NCD) and ultrananocrystalline diamond (UNCD)
coatings having high nucleation rates with desired morphologies and
characteristics.
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In recent years, nanocrystalline (several nanometers and up to ~100 nm)
materials have attracted increasing attention from material scientists,
chemists and physicists. When the grain size is below a critical value (~10-
20nm), more than 50 vol.% of atoms are associated with grain boundaries
or interfacial boundaries [19]. Bulk ultrafine diamonds with grain sizes of
5-10nm can be synthesized from detonation of explosives [20, 21] and from
fullerene (Cgp) at a high pressure of 20 GPa [22]. Nanocrystalline diamond
films with extremely high grain boundary atoms are emerging as new novel
materials with unique electrical, optical and mechanical characteristics [23].

Most NCD films have been deposited on non-diamond substrates via
microwave or hot filament CVD plasma consisting of methane-hydrogen
mixture (1% CHy, 99% Hj) under bias-enhanced nucleation (BEN) mode
[24-29]. The process involves the surface hydrogen atom abstraction reac-
tion and formation of methyl radical by gas-phase hydrogen abstraction.
In this respect, the methyl, CHs, is considered the growth precursor for
the film deposited in a hydrogen-rich plasma. The substrate temperatures
for diamond deposition is typically in the range of ~600-950°C. Lower
substrate temperatures below 600°C would make the hydrogen abstraction
reaction become sluggish, thereby causing lower diamond nucleation den-
sity and larger grain sizes. Several factors are known to affect the diamond
nucleation under BEN controlled mode. These include active carbonaceous
species concentration, process pressure, substrate temperature and electri-
cal bias field [24-29]. Recently, Zhou et al. [26] reported that composite
film consisting of nanocrystalites embedded in an amorphous carbon (a-C)
matrix can be prepared by a prolonged bias assisted hot filament CVD.
The average crystalline size and volume fraction of nanodiamond can be
controlled by changing the CH, concentration of the CHy/Hj feeding gas.

On the other hand, UNCD films can be synthesized from the
microwave (2.45 GHz) assisted hydrogen poor plasmas (e.g. CHy/Hy/Ar
or Cgo/Hz/Ar), with Ar concentrations up to 97% or even without the
addition of molecular hydrogen [30-37]. Thus, the plasma chemistry is com-
pletely different from that of the hydrogen-rich methane-hydrogen mixture
mentioned above. Dense and continuous UNCD films can be grown at sub-
strate temperatures as low as 400°C at reasonably high deposition rates
under optimized ultrasonic seeding process [1]. Growing films at lower tem-
peratures permits better control over the final films’ thickness and grain
size. Gruen and coworkers demonstrated that the carbon dimmer, Csy, is
the growth precursor for the UNCD films. Such films exhibit smooth sur-
faces with grain sizes ranging ~3-10nm. Excellent mechanical and field
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emission properties of the UNCD films have been found [36, 37]. The frac-
ture strength of UNCD films is much higher than that of conventional
MEMS materials such as polysilicon and SiC [36]. The excellent mechani-
cal and tribological properties render the UNCD coatings an ideal material
for MEMS applications. Furthermore, Gruen and coworkers indicated that
the microstructure of diamond films can be tailored by changing the gas-
phase chemistry of the plasma-enhanced CVD process. The sizes of diamond
crystallites ranging from microcrystalline to nanocrystalline can be varied
continuously by monitoring the Ar/Hs ratio of the Ar/Hy/CH, gas mixtures
[31]. Therefore, understanding the plasma chemistry, identification of the
primary growth precursors and the nucleation sites for diamond crystallites
are essential for preparation of the CVD nanodiamond and nanocomposite
films with desired mechanical and physical properties.

2. Chemical Vapor Deposition

Two versatile routes are commonly adopted to prepare thin films from
vapor phase: physical vapor deposition (PVD) and CVD. The former route
includes evaporation, sputtering, ion implantation and laser ablation that
involves no chemical reactions. CVD is a process involving chemical reac-
tions between gaseous adsorption species on a hot substrate surface to form
thin film or coating with desired properties. The main steps that occur in
the CVD process can be summarized as:

Transport of reacting gaseous species to the surface.

Adsorption of the species on the surface.

Heterogeneous surface reaction catalyzed by the surface.

Surface diffusion of the species to growth sites.

Nucleation and growth of the film.

Desorption of gaseous reaction products and transport of reaction prod-

o Ao T

ucts away from the surface [38, 39].

CVD films have better step or surface coverage compared to the films grown
by PVD. Moreover, CVD is capable of coating complex-shaped components
uniformly. In this aspect, CVD is widely used in the research laboratories
and industries to prepare metallic, ceramic and semiconducting thin films.
Depending on the activation sources for the chemical reactions, the deposi-
tion process can be categorized into thermally activated, laser-assisted and
plasma-assisted CVD.
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In conventional thermally activated CVD, resistive heating of hot wall
reactors provides sufficient high temperatures for the dissociation of gaseous
species. This leads to the entire heating of the substrate to a high tem-
perature before the desired reaction is achieved. It precludes the use of
substrates having melting points much lower than the reaction tempera-
ture. Alternately, one could heat the reacting gases in the vicinity of the
substrate by placing a hot tungsten filament inside the reactor. Plasma-
enhanced CVD is known to exhibit a distinct advantage over thermal CVD
owing to its lower deposition temperature. Various types of energy resources
e.g. DC, RF, microwave and electron cyclotron resonance microwave (ECR-
MW) radiation are currently used for plasma generation in CVD. In a
DC plasma, the reacting gases are ionized and dissociated by an elec-
trical discharge, generating a plasma consisting of electrons and ions.
Microwave plasmas are attractive because the excitation microwave fre-
quency (2.45 GHz) can oscillate electrons. Thus high ionization fractions
are generated as electrons collide with gas atoms and molecules. These CVD
techniques have been successfully used to grow diamond films on various
substrates.

Hot filament CVD (HFCVD) presents advantages like low cost, simplic-
ity, ease of scaling and the ability to form uniform diamond films in large
areas. In the process, the source gases are ionized by energetic electrons pro-
duced by a hot filament. In most cases, the grids have been added in order to
accelerate the ions impinging on to the substrate. The major shortcomings
are low nucleation density and contamination from the filament materials.
Such contamination can affect the electronic and optical properties of the
diamond films. Therefore, optical coatings and windows, thermal manage-
ment and semiconductor applications are commonly prepared by microwave
plasma-enhanced CVD [40]. MWCVD system in most research laboratories
employed a microwave frequency of 2.45 GHz. To scale up for commercial
applications, MWCVD systems equipped with a 915 MHz and 60 kW for
generating a large size plasma have been developed [41]. HFCVD is how-
ever very effective in producing tribological coatings, as non-planar parts
with complex shapes can be homogeneously covered [42]. The first diamond
films were synthesized by HFCVD technique from a gas mixture of methane
(0.5-2 vol.%) and hydrogen by Matsumoto et al. [43]. The gas mixture flows
through a refractory metal such as W, Ta or Mo heated at a temperature
above 2000°C. Under this condition, Hs is dissociated into atomic hydrogen,
and CHy undergoes pyrolysis reaction leading to the formation of radicals
such as CHs, CoHs and other stable hydrocarbon species. The deposition
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rate is about 1-3 pum h™! over a variety of substrate materials such as
titanium, chromium and silicon [44]. The typical chemical reactions occur
under thermal activation can be described as follows [40]:

H, — 2H, (2.1)

Atomic hydrogen is considered to play a crucial role in CVD deposi-
tion. These include adding and abstracting bonded hydrogen, formation of
methyl radical by gas-phase hydrogen abstraction and preferential etching
of the graphitic phase at the growing diamond surface in CHy/Hy plasma
[45, 46]. Removal of graphitic species stabilizes the sp® structure, thereby
producing a good crystalline quality.

Nucleation of diamond, the early stage of crystal formation, is an impor-
tant step in the growth of diamond films. Despite rapid progress in the CVD
diamond synthesis, the mechanism of diamond nucleation on non-diamond
substrates still remains much less understood. As mentioned above, the
atomic hydrogen has been considered essential for etching the graphitic
phase. However, some workers reported that diamond could be synthesized
in a hydrogen-free environment [47, 48]. It is therefore necessary to under-
stand the basic chemical processes involved in CVD diamond nucleation.

Nucleation of a new phase involves a balance between the bulk energy
per atom and the interfacial or surface energy of the nucleus. The high sur-
face energy, small lattice parameter and small coefficient of thermal expan-
sion result in low nucleation densities on non-diamond substrates. Single
crystal silicon is widely used as a substrate material for the deposition
of diamond films. However, there exist large lattice mismatch and surface
energy differences between silicon and diamond. The lattice constant for sil-
icon is 0.543 nm and surface energy of {111} silicon plane is 1.5 JM~2, while
the lattice constant of diamond is 0.357 nm and the surface energy of {111}
diamond plane is 6 JM~2 [49, 50]. Diamond nucleation on pristine silicon
substrates is usually associated with an incubation period, high localization
and low nuclei density of ~10%cm™2 [51]. Assuming diamond crystallites
are cubic, the minimum nucleation density, Vg4, needed to form a continuous
layer of thickness d can be estimated from the relation: Ng = d=2 [40]. In
order to achieve a coalesced polycrystalline film of 1 um thick, a minimum
density of 108 cm™2 is required. The growth of diamond crystallites on sil-
icon generally follows three-dimensional Volmer—Weber mode. This results
in a columnar growth in which the grain size tends to increase with increas-
ing film thickness. In the past, some methods such as seeding or abrading
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non-diamond substrates with diamond powders, ultrasonically vibrating the
substrate in the suspension containing diamond powders were commonly
used to enhance the diamond nucleation. Reported nucleation densities
after substrate abrasion vary from 10%-10'°cm~=2 [52-54]. However, the
abrasion method would introduce mechanical damage and contamination,
producing poor quality diamond—substrate interface. Such contamination is
rather difficult to remove through proper degreasing and water rinsing pro-
cedures. The effective method for diamond nucleation density enhancement
is in situ biasing of substrates during the initial stage of deposition [55-57].
This method is referred to as bias-enhanced nucleation (BEN). According
to the literature, the density of diamond ranges from 108-10'' cm~2 can be
achieved under BEN treatment [28, 50, 56—61]. Proper control of the nucle-
ation and subsequent growth parameters often leads to local heteroepitaxy
[62, 63].

Stoner et al. have studied in-depth the nucleation and growth of highly
oriented diamond (HOD) films on silicon via MPCVD with BEN step
using high resolution transmission electron microscopy (HRTEM), Raman,
Auger electron spectroscopy and X-ray photoelectron spectroscopy [56].
They reported that an amorphous SiC interfacial layer was developed on
silicon before significant diamond nucleation occurred. When the SiC layer
had reached a critical thickness (~90A), carbon on the surface tended to
form clusters that were eventually favorable for diamond nucleation. It was
also found that the biasing pretreatment removed surface oxide and sup-
pressed oxide formation on the surface [57]. They further indicated that
the carbide forming nature of the substrate plays a decisive role when per-

2 can be achieved

forming BEN treatment. Nucleation densities of 10!° cm™
in certain carbide forming refractory metals such as hafnium and titanium
[58]. It is worth noting that diamond nucleation is rather poor on these car-
bide forming substrates without biasing. This means that biasing is needed
for the nucleation of diamond film on these substrates.

The morphology of oriented diamond films can be controlled by taking
advantage of the growth competition between different orientations of dia-
mond grains. This behavior can be described by the growth parameter («)

defined as [64]:

a=/3(Vigo/Vi11) (2.3)

where Vigo and Vii; are the growth rates along the (100) and (111)
directions, respectively. The growth parameter depends upon the pro-
cessing conditions such as gas composition, substrate temperature and
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pressure [65]. When « is close to 1, cubic shape crystals are produced.
When « is close to 3, the fastest growth direction is (100), leading to the
formation of octahedral pyramid shape. The morphology of diamond crys-
tals vary from cubic, cubooctahedral to octahedral by increasing the growth
parameter from 1 to 3. Fig. 2.1 shows typical cubooctahedral diamond crys-
tals grown on Si(100) substrate from a CH4/Hy gas mixture with oo = 1.8
using MPCVD [63].

In the case of non-diamond substrate forming no carbide, e.g. copper
with a cubic structure (lattice constant of 3.61 A), the nucleation den-
sity is relatively low even after BEN treatment. Chuang et al. synthesized
diamond films on copper via MPCVD with and without BEN-treatment
in 2.5-25% CH4/Hy gas mixtures [66]. They reported that the diamond
density increases from ~10° to 107 cm~2 with increasing methane concen-
tration and saturated at 10% CH,; under BEN treatment. These nucle-
ation density values are considerably lower than those of BEN-controlled Si
substrates, i.e. 108-101* ecm=2 [35, 56-61]. Figures 2.2(a)—(f) are the SEM
micrographs showing the effect of bias on diamond nucleation. The nucle-
ation density reached the highest value of 10 cm™2 when the bias voltage
was set at —250V with 5% CHy4 [Fig. 2.2(d)]. The nucleation density tended

Fig. 2.1. SEM micrograph showing cubooctahedral diamond crystals on Si(100) sub-
strate from a CH4/Hz gas mixture with oo = 1.8 using MPCVD [63].
Reprinted with permission of Elsevier.
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Fig. 2.2.  SEM micrographs showing the effect of bias voltage on diamond nucleation on
copper substrate with 5% CHy: (a) 0V, (b) =150V, (¢) —200V, (d) —250V, (e) —300V
and (f) —350V [66].

Reprinted with permission of Elsevier.

to decrease with further increase of the bias voltage beyond —250V due to
the etching effect of ions.

For CVD diamond synthesis, methane is commonly used as the source
gas of carbon. Wu and coworkers reported that chloromethane (CCly) can
be used as an alternative replacement for methane during HFCVD diamond
on silicon using CCly/Hy gas mixture. Chloromethane facilitates the low
temperature formation of diamond films mainly through the enhancement
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Fig. 2.3. Effect of CCly concentration on the formation of NCD and microcrystalline
diamond films on silicon substrates [69].
Reprinted with permission of Elsevier.

of nucleation [67, 68]. Because of the weaker C—Cl bond compared to C-H
bond of methane, CCly can dissolve readily near the filament, producing a
high concentration of gas phase chlorohydrocarbon free radicals (-CHzCly,
‘H, etc.). Moreover, atomic Cl can be formed either through the dissociation
of CCly or through the Cl and H exchange reaction, i.e. H+ HCl = Cl 4+ Hs.
Atomic Cl produced enhances the growth rate by increasing both the con-
centration of methyl radicals [CHs] in the gas and the concentration of car-
bon radical [C4] on the surface. The relatively fast reaction of Cl atoms
with surface-bonded C—H compared to that of hydrogen atoms with surface-
bonded C—Clincrease the rate of diamond growth [68]. More recently, Ku and
Wu reported that NCD film can be formed on silicon via HFCVD using 2 and
2.5% CCly/Hy at a substrate temperature of 610°C (Fig. 2.3). The HRTEM
image and selected area diffraction pattern of NCD film deposited from 2.5%
CCly are shown in Fig. 2.4. The lattice spacing of 0.205nm in the HRTEM
image corresponds to the d-spacing of {111} crystal planes of diamond [69].

3. NCD Film Formation from Hydrogen-Deficient Plasma

Gruen et al. have carried out pioneering research in the synthesis of
UNCD films on Si substrates via MPCVD in hydrogen deficient plasmas,
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Fig. 2.4. (a) HRTEM image and (b) selected area diffraction pattern of the diamond
film deposited from 2.5% CCly [69].
Reprinted with permission of Elsevier.

e.g. CH4(1%)/Ar, or Cgo/Ar and Cgo/Ar/Hs [31, 34, 35]. In the process, Si
substrates were either pretreated with mechanical polishing using fine dia-
mond powders or ultrasonic seeding process for enhancing diamond nucle-
ation. The carbon dimmer, Cs, is the growth species for UNCD films and
directly inserted to the diamond surface. Strong Swan band emission asso-
ciated with Cq radicals was observed [31]. Argon gas is known to readily
discharge into Ar™ and metastable Ar* due to its low ionization potential.
The addition of Ar also increases the electron density in the plasma. For
the CH4(1%)/Ar plasma at 1600 K, CHy in the feed gas is thermally con-
verted into CoHy that is further charge exchanged with Art and Ar* to
produce CoHj . The subsequent dissociative recombination of the acetylene
ion with electron yields Cy dimers [9]. These reactions can be summarized as
follows:

rt Ar* -
CH, 2% oM, + 3Hy 225 CoHy + Ar - Cy + Ha. (3.1)
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In the later case, fragmentation of the fullerenes in the plasma results in
strong Swan band emission due to C; radicals. Cgg is employed because it is
a hydrogen-free, pure carbon species having high vapor pressure. In the pro-
cess, a Cgp sublimator source is attached to a MPCVD chamber. Fullerene
vapor is introduced into the plasma chamber by heating the sublimator to
550°C while flowing Ar gas through it [34]. The possible reactions involve
both charge exchange collisions with Ar™ and Ar* to yield Cg’o:

AI.Jr + CGO — Ar + Cg_o, (32)
Ar* + Cgp — Ar+ Cy + . (3.3)

Subsequent dissociative recombination of Cg, with electrons produces Cz
and Csg fragment cluster. This reaction can be written as follows:

Céro +e~ — Csg + Cs. (3.4)

The low level of atomic hydrogen in the plasma allows continuous renu-
cleation of the diamond phase on existing diamond crystallites. Owing to
the high renucleation rates of the Cy dimer, UNCD films have extremely
small grain sizes of 3-10nm. The grains are purely crystalline diamond on
the basis of TEM observation and electron energy loss spectroscopy. The
grain boundaries are near atomically abrupt as observed with TEM [32].
The grain boundary of UNCD films constitutes about 10% carbon atoms
that are m-bonded [9]. The UNCD films produced exhibit exceptionally
high surface smoothness. The surface topography and roughness of UNCD
films can be observed with the atomic force microscopy (AFM). Figure 3.1
shows the AFM images of microcrystalline and UNCD films grown in a
microwave plasma [70]. It can be seen that the UNCD films produced from
the Cgo/Ar/Hs plasma have very smooth surfaces compared to the micro-
crystalline diamond film counterpart.

For the Ar/CH,4 gas mixture, the plasma may contain less than 1% Hy
due to the decomposition of methane. For the UNCD film grown using an
Ar—1% CH4 plasma, the diamond grains are likely to nucleate from an
amorphous C layer on the Si substrate. However, addition of hydrogen to
the Ar/CH, gas mixture would suppress formation of the amorphous C
layer due to the etching effect, leading to direct nucleation of diamond on
the Si surface. Gruen and coworkers studied the effect of hydrogen on the
nucleation and morphology of diamond crystallites [31, 71]. They reported
that the microstructure of diamond films can be controlled by varying the
Ar/Hj ratio of the Ar/Hy/CHy gas mixtures [31]. A transition from micro-
crystalline to nanocrystalline occurs at an Ar/Hj ratio of 9. They attributed
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Nanocrystalline CVD diamond film
grown from Ar (98%),H5 (2%), Cgo

Fig. 3.1. Atomic force microscopy images showing the surfaces of microcrystalline dia-
mond and UNCD thin films [70].
Reprinted with permission of Elsevier.

this to a change in growth mechanism from -CH, radical in hydrogen rich
content to Cy species in low hydrogen content plasma. Figures 3.2(a)—(e)
are SEM micrographs showing the changes of NCD to microcrystalline dia-
mond morphology by increasing the hydrogen content in the Ar/Hy/CHy
plasma [72]. In the absence of hydrogen, the UNCD film exhibits typical
cluster or the so-called ballast type morphology [Fig. 3.2(a)]. As hydrogen is
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Fig. 3.2. SEM micrographs showing a transition from nanocrystalline to microcrys-
talline diamond morphology by increasing hydrogen content in the Ar/Ho/CH4 plasma:
(a) 0%, (b) 1%, (c) 5%, (d) 10% and (e) 20% Ha [72].

Reprinted with permission of Elsevier.

introduced into the plasma, the Cy density in the plasma decreases sixfold
for 20% Hy UNCD [73]. Two obvious changes in the morphology of UNCD
films can be observed. The average size of nanograins increases from 5
to 10nm for 5, 10 and 20% Hs. Moreover, the volume fraction of micro-
crystalline diamond in the composite film increases. The microcrystalline
diamond inclusions over a micron size are major components of the 10%
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and 20% Hs UNCD composite film. As mentioned above, the formation of
microcrystalline diamond depends greatly on the presence of methyl radi-
cals and the atomic hydrogen species in the plasma. Increasing the hydrogen
content in the Ar/Hs/CHy plasma inevitably increases the concentration
of these two species.

Raman spectroscopy is a versatile tool to determine the vibrational
modes of diamond and sp? and sp? configurations in amorphous carbon
or diamond-like coatings (DLC). Diamond has a single Raman active mode
at 1332 cm ™!, which is a zone center mode of Toe symmetry [74]. In sp3
hybridization, a carbon atom forms four sp> orbitals associated with the
combination of one 2s atomic orbital and three 2p atomic orbitals, pro-
ducing a strong o covalent bond to the adjacent carbon atom. In the sp?
configuration, a carbon atom forms three sp? orbitals resulting in three o
bonds and the remaining p orbital forms a = bond. The three ¢ bonds and
7 bond constitute a ring plane in sp? clusters. Both the sp? and sp2-bonded
carbon phases constitute the DLC. Due to the resonance effects, the Raman
cross-section for sp? clusters is much larger than that for sp>-bonded carbon
in conventional, visible Raman excited at 514 or 488 nm. Thus the Raman
scattering signal from the sp? clusters often predominate [75]. The visible
Raman spectrum of DLC generally shows the presence of main G peak at
~1550cm ™! and a D peak shoulder at ~1350cm™!. Both are attributed to
graphitic sp? bonding. The G peak arises from the bond stretching modes
of the sp?-bonded carbon in both rings and chains. The D peak is associated
with the breathing mode of A, symmetry involving phonons near the K
zone boundary. This peak is forbidden in perfect graphite and only becomes
active in the presence of disorder [76]. Recently, UV Raman spectroscopy
has been used to characterize the hybridization configurations in the DLC
and nanocrystalline diamond thin films. The advantage of UV Raman is its
higher excitation energy than visible Raman. The Raman intensity from
sp3-bonded carbon can be enhanced while the dominant resonance Raman
scattering from sp? cluster is suppressed [77].

It is noted that the sp?- and sp3-bonding configurations in the DLC and
NCD films can also be analyzed using the electron energy loss spectroscopy
(EELS). It is well established that carbon atoms with different structures
have very distinct K-shell absorption edge features. The energy absorption
caused by the transitions between m and antibonding 7*, and between o
and antibonding o* orbitals show different energy levels [78]. The onset
of the K absorption edge of the diamond phase with sp3-type covalent o
bonding occurs at ~289.1eV due to its excitation into the unoccupied o*
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electronic states. In contrast, graphite with the sp?-configuration having 7
bonding exhibits an additional absorption edge at 284 eV owing to its lower
lying antibonding 7* states.

Figures 3.3(a) and (b) show the visible and UV Raman spectra of
UNCD thin films grown with successive amounts of hydrogen added to
the Ar/Hy/CHy plasma [72]. The 1332cm ™! peak in both the visible and
UV Raman spectra is assigned to the microcrystalline diamond phase. The
intensity of this peak tends to increase with increasing hydrogen content
in the plasma. From Fig. 3.3(a), the diamond peak disappears in UNCD
films grown with less than 10% Hy in the plasma. Several broad peaks and
shoulders located at 1140, 1330, 1450 and 1560 cm ! can be observed. The
peaks at 1140 and 1450cm ™! are assigned to carbon-hydrogen bonds in
the grain boundaries. The peaks at 1330 and 1560cm~! are the D- and
G-bands of disordered sp2-bonded carbon. The peak at 1150 cm™! is often
used as a simple criterion for nanocrystalline phase in CVD sample. Ferrari
and Robertson indicated that this peak cannot originate from sp3-bonded C
phase, but rather is associated with trans-polyacetylene segments at grain
boundaries of the nanocrystalline diamond sample [78]. Recently, Pfeiffer
et al. demonstrated that the 1150cm ™' in visible Raman is due to the
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Fig. 3.3. (a) Visible and (b) UV Raman spectra of UNCD films grown with successive
amounts of hydrogen added to the Ar/Ha/CHy4 plasma [72].
Reprinted with permission of Elsevier.
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trans-polyacetylene segments at the grain boundaries. It shows a disper-
sion of ~25cm~! eV~! when it is excited by laser of different wavelength.
The 1150cm ™! mode is always accompanied with the 1480 cm™!, which
also shows a similar dispersion [79]. It is worth noting that the transition
from microcrystalline to nanocrystalline morphology can also be observed
in the film grown from the Ar/Hy/CHy plasma via HFCVD [80].

As mentioned above, the grain boundaries of UNCD films have a large
fraction of sp?-bonded carbon atoms. Gruen and coworkers demonstrated
that the morphology of UNCD films and conductivity are greatly affected
by the introduction of nitrogen in a Ar/CH,4 gas mixture, i.e. the presence
of CN species in the plasma [81]. TEM observation reveals that the width of
grain boundaries of the UNCD films increases dramatically to ~1.5-2nm
by doping with nitrogen. As the carbon atoms at grain boundaries are
m-bonded, the electrical conductivity of the nitrogen-doped UNCD films is
enhanced accordingly. More recently, Popov and coworkers [82-84] and Wu
et al. [85] reported that the NCD/amorphous carbon nanocomposie coat-
ing can be synthesized via MWCVD in hydrogen deficient CH4/Ny plas-
mas with varying methane content. The morphology of synthesized coating
consists of diamond nanocrystallites of 3-5nm dispersed in an amorphous
matrix [Fig. 3.4(a)]. The bright-field TEM micrograph shows the diamond
nanocrcrystallites are separated by a fine network of grain boundaries with
a width of 1-1.5nm [Fig. 3.4(b)]. The crystallite phase/amorphous matrix
ratio is close to unity. Raman and electron energy loss spectra show the
existence of sp? carbon in the matrix or grain boundaries [82, 83]. The
methane content in the precursor gas mixture has a large influence on the
morphology of the coating. The coating prepared at 9% methane exhibit
discontinuous and independent nodule-like structure. In contrast, smooth
and uniform coating can be achieved using 17% methane [82, 84].

4. NCD Films Formation from Hydrogen-Rich Plasma

Methane and hydrogen mixtures are the most commonly used working gases
for the preparation of diamond films in hydrogen-rich plasma. BEN treat-
ment is an effective method for increasing the diamond nucleation den-
sity during microwave deposition from a methane/hydrogen gas mixture
on silicon substrate [46, 54-57]. High renucleation rates can be achieved by
increasing the relative methane content in the methane/hydrogen plasma.
Gu and Jiang reported that NCD films with 40 nm in grain size can be syn-
thesized via MPCVD in the methane/hydrogen plasma under appropriate
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Fig. 3.4. (a) Dark-field and (b) bright-field TEM images of an NCD/a-C amorphous
composite coating prepared with 9%CH4/91%N> plasma [83].
Reprinted with permission of Elsevier.
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conditions such as high bias voltage, substrate temperature and methane
concentration [55]. The proposed mechanisms responsible for diamond
nucleation under ion bombardment include preferential sputtering of non-
diamond component, etching of substrate surface to form an active step
surface and hydrocarbon subplantation. The first model relates preferential
sputtering of sp? phase compared to sp>-bonded carbon under ion bom-
bardment [86]. This model does not explanation the actual nucleation of
sp3-bonded C phase that is necessary for diamond growth. The more appro-
priate model for explaining the mechanism underlying the BEN step is
subplantation [87, 88]. This model involves a shallow implantation of hydro-
carbon species with energy of ~1-1000eV near subsurface region. After
occurrence of the glow discharge, CH (z = 1,2, 3) ions are produced. The
incident CHJ ions of sufficient energy penetrate into the surface atomic
layers and enter a subsurface interstitial position. The increase in the con-
centration of trapped ions in the host lattice results in the formation of
an inclusion of new phase. It is likely that the preferential displacement
of sp? atoms by the impact of incoming ions promote sp® bonding [88].
McKenzie et al. reported that compressive stress can be induced by the
shallow implantation of carbon ions during the deposition of tetrahedral
amorphous carbon film. Such compressive stress tends to stabilize the sp3-
bonded carbon [89].

Two types of nucleation sites associated with BEN diamond nucleation
have been identified, they are the aligned graphitic layer [29, 90, 91], and
the SiC interlayer [56, 92]. Robertson and coworkers reported that the ion
flux is a critical factor for enhancing diamond nucleation on Si substrate
under a negative bias of 200-250V. They proposed that subplantation of
hydrocarbon ions causes deposition of nanocrystalline graphite carbon. Dia-
mond crystallites tend to nucleate on the graphitic planes that are locally
oriented perpendicular to the surface. In the process, bias pretreatment
causes ion beam deposition of an sp?-bonded carbon [85, 86]. Typical sp?
carbon tends to be quite disordered and would have its bonding planes
parallel to the surface, leaving a passive surface with few dangling bonds.
Moreover, ion deposition also creates the compressive stress which acts to
orient some sp? planes perpendicular to the surface, and diamond nucleates
on dangling bonds of this surface [90, 91]. Garcia et al. studied the dia-
mond nucleation on silicon substrate immersed in a hydrogen and methane
plasma via MWCVD under BEN treatment. They reported that the car-
bonaceous species react at the surface forming a graphitic carbon layer.
Upon application of a bias voltage, the carbonaceous ions bombard the
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surface building up a compressive stress in the carbon layer. This leads to
a preferential orientation of the graphitic planes normal to the surface. The
surface termination of the oriented planes is considered as an active site for
the diamond nucleation [29]. Lee and coworkers also confirmed the forma-
tion of a graphitic film with its basal planes perpendicular to the substrate
on the basis of HRTEM observation. Diamond crystallites then nucleate
on graphitic edges [92]. Another possible nucleation site for diamond crys-
tallites is SiC interlayer. Stoner et al. reported that an amorphous SiC
interfacial layer was developed on silicon prior to diamond nucleation on
silicon via bias-enhanced MPCVD [56]. When the SiC layer had reached a
critical thickness (~90 A), the carbon on the surface tended to form clusters
that were eventually favorable for diamond nucleation. Stockel and cowork-
ers also reported that an epitaxial SiC layer of ~100 A thick was formed on
silicon substrate acting as a diffusion barrier for C and Si and as a template
for diamond nuclei [93].

5. Nanocomposite Film

As mentioned previously, uniform deposition of the diamond film is rather
difficult to achieve via MPCVD under BEN-controlled mode. Microwave
reactor creates a plasma ball that is hotter at the center than at the edge.
Moreover, the glow discharge associated with the BEN treatment also yields
non-uniformity along the radial direction of the substrate [94]. In this case,
HFCVD demonstrates distinct advantage of growing uniform diamond films
over MPCVD [95]. Recently, Lee and coworkers have studied systemati-
cally the diamond nucleation on silicon in a double biased-assisted HFCVD
system. The NCD/a-C composite film can be deposited on silicon under
prolonged negative bias voltage treatment [24-26, 50, 96]. In the process,
a negative bias is applied to the Si substrate and a positive bias voltage
is applied to a steel grid placed on top of the hot filament. Electrons can
be readily emitted from the hot filament and then accelerated towards the
grid. A stable plasma can be generated between the grid and hot filament
accordingly. Tons in the plasma are then drawn to the substrate by a nega-
tive substrate bias (Fig. 5.1). They reported that diamond crystallites could
nucleate either on silicon steps in which the diamond nucleate epitaxially or
on an amorphous matrix in which the diamond nucleate randomly. Further-
more, the SiC interlayer cannot be detected [24]. Figures 5.2(A) and (B)
are HRTEM images of diamond crystallites with sizes of about 2 and 6 nm
that form heteroepitaxially with respect to Si substrate surface, i.e. the step
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Fig. 5.1. Schematic diagram showing double bias-assisted HFCVD system [96].
Reprinted with permission of Elsevier.

surface sites of Si. The diamond crystallites were identified by measuring
the spacings of the lattice fringes and the angles of intersecting lattice
planes. From Fig. 5.2(A), the intersecting angle between the (111) planes
of the diamond crystallite and Si substrate is 109.5°. The (111) plane of the
diamond crystallite deviates about 1 to 2° from the (111) plane of the Si
substrate. This deviation is due to large lattice mismatch between diamond
and Si [Fig. 5.2(C)]. However, diamond crystal that nucleates on the {111}—
{001} intersecting steps of the Si substrate exhibits perfect epitaxial orien-
tation. No misorientation between the diamond crystal and Si substrate is
detected [Fig. 5.2(D)]. They further demonstrated that diamond nucleation
and growth from energetic hydrogen and carbon species proceed as follows:
(a) formation of dense amorphous hydrogenated carbon (a-C:H) phase via
subplantation, (b) spontaneous precipitation of pure sp® carbon clusters in
the a-C:H phase, a few of which are perfect diamond clusters, (c¢) annealing
of defects in the diamond cluster by incorporation of carbon interstitials
and by hydrogen termination, and (d) growth of the diamond cluster by
preferential displacement of amorphous carbons at the diamond /amorphous
carbon interface [97]. In other words, diamond crystallites initially nucle-
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Fig. 5.2. HRTEM images of diamond crystals of (A) 2nm and (B) 6 nm nucleate directly
on a Si step with an epitaxial orientation. (C) and (D) are schematic diagrams showing
the interfaces between the diamond crystallites and Si substrate of (A) and (B), respec-
tively [24].

Reprinted with permission of The American Association for the Advancement of Science.

ate on either silicon steps or amorphous carbon. They grow concurrently
with their surrounding amorphous carbon matrix, which is not sufficiently
etched by the hydrogen-containing plasma. The surrounding amorphous
carbon further suppresses the growth of the diamond crystallites. Further
exposure to BEN-controlled CVD plasma initiates diamond renucleation on
amorphous carbon. Such repeating sequence of diamond encapsulation by
surrounding growing amorphous carbon boundaries and diamond renucle-
ation on top of the new amorphous carbon boundaries lead to the forma-
tion of nanodiamond/a-C composite [97]. In this respect, composite films
consisting of nanodiamond crystallites embedded in an amorphous carbon
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(a-C) matrix can be achieved by prolonged bias treatment. The structure
of the films is determined by the equilibrium between diamond nucleation
in the a-C matrix, diamond growth and diamond encapsulation by the a-C
matrix. The equilibrium can be manipulated by the CH, concentration [25,
26, 96).

Figures 5.3(a)—(c) are the plan view TEM micrographs of the composite
films fabricated from 1, 2 and 5% methane under prolonged bias treat-
ment showing nanodiamond crystallites embedded in an amorphous car-
bon matrix. The inset in Fig. 5.3(a) is the selected area diffraction pattern
showing formation of randomly oriented diamond cystallites in amorphous
carbon lattice. The EELS spectrum also reveals the presence of amorphous
carbon and diamond phases [Fig. 5.3(b)]. The dispersion of diamond crys-
tallites in amorphous carbon matrix can also be readily seen in the cross-
sectional TEM micrograph (Fig. 5.4). The sizes of diamond crystallites
increase from 6.3 to 11.3nm with increasing methane content from 1 to 5%
on the basis of XRD analysis of (111) peak broadening. The dimensions of
diamond crystallites determined from XRD analysis agrees reasonably with
those from high resolution TEM images as shown in Figs. 5.5(A)—(C).

6. Mechanical Behavior of NCD Films

In the past decade, extensive efforts have been directed towards the search
of nanocomposite coatings of superhardness for wear resistant applications.
Typical example is the M,,N/a-SisN, nanocomposite coatings prepared via
plasma induced CVD method [98-101]. M,, represents transition metals
like Ti, W, V and Zr. Such coatings consist of the transition metal nitride
nanocrystallites with grain sizes in the nanometer range (~4-6 nm) embed-
ded into <1nm thin matrix of amorphous SigN4 matrix. In nanocomposite
coatings, the transition metal nitride phase is sufficiently hard to bear the
load while the amorphous nitride provides structural flexibility. Veprek et al.
reported that the hardness of these plasma CVD nanocomposite coatings
could reach the diamond hardness (70-80 GPa) when the crystallite size
approaches about 2nm [98]. However, the superhardness of the coatings is
offset by their low toughness, leading to severe delamination upon appli-
cation of an external load. Thus, the toughness of the coatings is another
critical factor that must be considered during the design of nanocompos-
ite coatings. Apart from high hardness, Voevodin et al. demonstrated that
toughness of the surface coatings play an important role in enhancing their
tribological performances [102].



190 S. C. Tjong

PRI
A f% o
"

b,
@

1%
a-C
Dia

20 nm

2%

(h) 200 400 600 800 100129y U I
Energy (W)

5%

Fig. 5.3. Plan view TEM micrographs of the composite films prepared using (a) 1%,
(b) 2% and (c) 5% methane content under prolonged bias-enhanced HFCVD condition.
Insets show the corresponding electron diffraction pattern and electron energy loss spec-
trum [26].

Reprinted with permission of Elsevier.
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Fig. 5.4. Cross-section TEM micrograph of the composite film prepared from 1%CHy:
99%H, [26].
Reprinted with permission of Elsevier.

Because of its chemical inertness, high hardness and fracture strength
and low coefficient of friction, diamond is particularly suited for tribological
applications as biomedical implants, MEMS and microelectronic devices.
In this respect, the wear resistance of diamond coatings is crucial to the
integrity and reliability of MEMS and microelectronic systems. However,
CVD diamond coatings generally exhibit rough surface and large grain size,
resulting in poor tribological performances. This issue can be resolved by
reducing the grain size of diamond coatings from micro- to nanometer scale.

It is well recognized that the mechanical properties of nanocrystalline
materials differ substantially from their microcrystalline counterparts. This
is due to the presence of large volume fraction of atoms at the grain bound-
aries. Moreover, impurities and other defects derived from the synthesis and
processing also influence the mechanical properties of nanomaterials signif-
icantly. For NCD coatings, several parameters such as processing defects,
density and bonding nature of carbon (sp? or sp?) could affect the mechani-
cal properties of diamond coatings as their grain sizes approach the nanome-
ter regime.

The hardness and Young’s modulus of CVD diamond are known to vary
considerably with sp®/sp? bonding ratio. Diamond films with higher sp3-
bonded C yield higher values of stiffness and hardness. Recently, Philip
et al. reported that the NCD films grown on silicon substrate by MWCVD
with high nucleation density in excess of 102 cm™?2 exhibit Young’s modu-
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5%

Fig. 5.5. Plan view HRTEM images of the composite films prepared using (A) 1%,
(B) 2% and (C) 5% methane content [26].
Reprinted with permission of Elsevier.
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lus of 1120 GPa. This value is comparable to that estimated theoretically
for ideal polycrystalline diamond. However, the Young’s modulus of NCD
films grown with lower nucleation densities (<10'° cm~2) is just about half
of that with high nucleation density. A higher nucleation density during
growth can result in faster film coalescence, lower volume of voids and
sp2-bonded carbon in the films [103]. In this respect, NCD/amorphous
carbon nanocomposite films grown by the CVD CH4 /Ny plasma exhibits
much lower hardness (~40GPa), Young’s modulus (~387 GPa) and den-
sity (2.75 gecm™3) due to the presence of the amorphous carbon matrix.
The amorphous carbon matrix is considered to be beneficial to prevent fast
brittle failure by improving the toughness of the coating. Moreover, the
NCD/a-C nanocomposite film is found to exhibit a strong adhesion on the
basis of scratch test [83].

Gruen and coworkers indicated that UNCD films exhibit a fracture
strength of ~4.13 GPa, which is much higher than those of polysilicon
(~1.5GPa) and SiC (~1.2GPa) [35]. Therefore, UNCD films with high
hardness and fracture strength, low coefficient of friction, smooth surface
as well as ease of rapid growth to a thickness of 2 pm show potential appli-
cations for MEMS devices [104]. The wear rates of UNCD coating against
a SigNy ball in air and dry nitrogen are two orders of magnitude lower than
that of microcrystalline diamond coating rubbing against a SizIN4 ball as
shown in Fig. 6.1. The smooth UNCN coating renders it to exhibit low
coefficient of friction 71, 104].

7. Field Emission Characteristics

Many carbon-based materials such as carbon nanotubes (CNTs) and dia-
mond films show superior electron emission properties at a low threshold
field and a high current density owing to the very low or negative electron
affinity characteristics [105-107]. They are particularly suitable for electron
field emission and display device applications. The electron field emission
depends on the work function and the morphology of emitter materials,
e.g. sharp edges or tips of surfaces. A good field emitter should exhibit low
threshold electric field strength, high electron emission current and good
emission stability. A threshold field for 1 A cm™2 is commonly used to rank
the emission efficiency of emitter materials. CNTs are generally known to
exhibit better electron field emission than diamond films. However, the pro-
cessability of CNTs on the substrates for fabricating electronic devices is
rather poor because of the complication in the synthesis process such as
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Fig.6.1. Wear rates of SigNy ball slid against smooth UNCD and rough microcrystalline
diamond coatings in air and dry nitrogen. Ball-on-disk test conditions: load, 2 N; velocity,
0.05 ms™1; sliding distance, 40 m; ball diameter, 9.55 mm; relative humidity, 37% [104].
Reprinted with permission of Elsevier.

the use of metallic catalysts. In this regard, there has been wide interest in
enhancing the electron field emission properties of diamond films by dop-
ing with nitrogen or boron [108, 109] or by reducing their grain sizes to
nanometer level. The high electron emission capabilities of the B-doped
diamond films are derived from the increase in volume fraction of the con-
ductive regions in the film and from high density of emission sites on the
film surface [109]. For NCD films, large volume fractions of grain bound-
aries act as the conducting path for electrons. Therefore, the grain bound-
aries containing sp?-bonded C provide effective sites for electron emission.
Gruen and coworkers reported that the n-type electrical conductivity of the
UNCD films increases by five orders of magnitude (up to 143 Q lcm—1)
by doping with nitrogen. They proposed that grain boundary conduction
involving m-bonded carbon atoms in the grain boundaries is responsible
for the high electrical conductivity in these films [81]. Similarly, Ma et
al. reported that the introduction of nitrogen into the CHy/Hy gas mixture
leads to a drastic reduction of the resistivity by six orders of magnitude from
10 to 10° Qcm. They attributed this to an increase of the sp®/sp? ratio of
carbon bonds and to a reduction in grain sizes associated with the nitrogen
doping [110].

Figure 7.1 shows typical field emission characteristics of the MPCVD
microcrystalline diamond and NCD films prepared from CH4/Hy gas mix-
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Fig. 7.1. Field emission characteristics of MPCVD diamond and NCD films [111].
Reprinted with permission of Elsevier.

tures. Different CH4 concentrations were used to prepare the films. The
average grain size was ~50 nm for the film grown at 10% CHy [111]. Appar-
ently, microcrystalline diamond films exhibit a large emission field strength,
i.e. >35V pm~!. In contrast, the emission of the NCD films is shifted to
low field strength region. The threshold field for the emission current of
1 pA is 6 V um~!. Generally, the electron field emission characteristics
of NCD composite films depend mainly on the grain size of the diamond
and amorphous carbon content in the films. Low emission threshold of
~2 can be attained
in the NCD/a-C composite films prepared from the CH4 /N3 plasma under
appropriate growth conditions [85]. NCD films with finer grain sizes and
higher amorphous carbon content can supply more electron emission tun-
nels, thereby enhancing the electron field emission [112]. From these, it
appears that the threshold electric field of NCD/a-C composite film is lower
than that of boron-doped [109] and undoped microcrystalline diamond films
[111], in which electron emission requires a field of ~8-40V pm~!.

The electron field emission behavior of the materials under tunneling
mechanism is generally analyzed by the Fowler-Nordheim (F-N) equation.

1 Vum~! and an emission current density of 10 mA cm
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Fig. 7.2. Field emission characteristics of (a) CNT and (b) NCD samples [113].
Reprinted with permission of Elsevier.
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In this equation, the field-emission current density, J, can be expressed
as a function of the applied electric field, F, the local work function of
the emitter tip, ¢, and a field-enhancing factor, 8. Mathematically, F-N
equation can be expressed as:

Aﬂ2E2 ( B¢3/2 )
= exp | — ,
¢ BE
where A and B are constants. For a field-emission phenomenon, the plot of
In(J/E?) versus (E~') should yield a straight line. The slope (—B¢*/2/3)
of F-N plot is related to the work function of the emitter. Figures 7.2

J

(7.1)

and 7.3 show the field emission behavior of NCD film with grain sizes of
10-15nm prepared from the CHy/Ar plasma and its corresponding F-N
plot, respectively [113]. It is apparent that the field emission in NCD film
can be well described by the F-N plot. The threshold electric field, at which
the current density is 1 uA cm™2, is 3.8 V um~!. The emission current den-
sity approaches 540 pA cm™?2 at an applied field strength of 6.65 V ym™!.
For the purpose of comparison, the field emission characteristics of CNT
are also plotted in Figs. 7.2 and 7.3. The CNT exhibits a lower threshold
electric field strength of 1.3 V um™' and a much higher emission current
density of 1620 pA cm~2 at 2.72 V um~!. However, Wang et al. indicated
that the NCD film exhibits higher emission stability than the CNT [113].
As discussed above, the addition of nitrogen into CH4 /Hs plasma is ben-
eficial in reducing the grain sizes and resistivity of UNCD films [81]. Similar
beneficial effect in electron field emission was observed by adding nitrogen
to CH4/Ar plasma during the deposition of UNCD film [37]. Figure 7.4(a)
shows the plot of onset field for 1 x 10~7 uA versus percent nitrogen in
the plasma. A representative field emission current plot against applied
field for 2% nitrogen doped UNCD film is shown in Fig. 7.4(b). Appar-

ently, the nitrogen incorporation reduces the onset field from 23 V um™!

for the nitrogen-free films to 5 V ym~—!

or less for the nitrogen-containing
films. This is due to the preferential entering of nitrogen into the grain
boundaries, thereby promoting sp? bonding in the neighboring atoms.
HRTEM images reveal that the width of grain boundaries increases con-
siderably with the addition of 20% Ny in the plasma [81]. The increase in
the sp? content is beneficial to enhance the field emission of the UNCD
films [37].

We now consider the field emission behavior of boron-doped and
undoped NCD films prepared from BEN-controlled, MPCVD-produced

CH,/Hs plasma [114]. Figure 7.5 shows the effect of negative bias volt-
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voltage and F-N plots of a 2% nitrogen containing UNCD film [37].
Reprinted with permission of Elsevier.
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Reprinted with permission of The American Institute of Physics.

age on the grain sizes of synthetic diamond films. Apparently, a grain size
of ~50nm can be attained for both the boron-doped and undoped diamond
films under bias voltages of —180 and —140V, respectively. The field emis-
sion characteristics of these thin film specimens are depicted in Fig. 7.6.
It can be seen that the boron doped (bias voltage —180V) and undoped
(bias voltage —140V) NCD films exhibit much lower turn-on-field, which
is defined as the field required to emit a current of 0.01 mA cm~2 among
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all the thin films investigated. The undoped film (bias voltage —140V)
exhibits lower turn-on voltage (8V/um) than that of boron doped (bias
voltage —180V) NCD film, i.e. 14 V/um. Although boron doping enhances
the p-type conductivity of NCD films, it shows no positive influence on the
electron emission. This is in sharp contrast to the microcrystalline diamond
films in which boron doping is beneficial for enhancing the conductivity and
electron emission of the films [109]. Figure 7.7 shows the emission char-
acteristics of boron doped (bias voltage —180V) NCD films at different
anode—sample distances. The corresponding F-N plots of these samples are
shown in the inset of this figure. The linearity observed in the plots of the
log (1/E?) versus 1/E indicates that these film samples follow the F-N field
emission theory.

8. Conclusions

This chapter presents a comprehensive review on the synthesis and prop-
erties of nanocrystalline diamond and nanodiamond/a-C composite films
prepared via MPCVD technique in different plasma chemistry environ-
ments, i.e. hydrogen-deficient and hydrogen-rich plasmas. UNCD films
grown from a hydrogen-poor plasma e.g. CHy(1%)/Ar, or Cgo/Ar exhibit
very fine grain diamond clusters of 3-5nm. The grain boundaries of
UNCD films are near atomically abrupt and constitute about 10% car-
bon atoms that are m-bonded. The Cs dimer is considered to be the
growth species in hydrogen deficient plasma. The grain boundary width
of UNCD films can be increased substantially by doping with nitrogen as
the nitrogen atoms enter grain boundary regions. Therefore, the nitrogen-
doped UNCD films possess excellent electron conductivity and field emis-
sion characteristics. The unique properties of UNCD films, such as high
hardness, strength, electron field emission and surface smoothness ren-
ders them potential candidate materials for applications in the MEMS
and display devices. Moreover, amorphous carbon content in the films can
be increased dramatically via MPCVD-produced CHy4/N2 plasma, lead-
ing to the dispersion of nanocrystalline diamonds in an amorphous carbon
matrix. The crystallite phase/amorphous carbon matrix ratio is close to
unity. The NCD/amorphous carbon nanocomposite films grown from the
CH,4/N» plasma exhibit much lower hardness (~40 GPa), Young’s modulus
(~387 GPa) and density (2.75gcm™3) due to the presence of the amorphous
carbon matrix. The amorphous carbon matrix is considered to be beneficial
in preventing fast brittle failure by improving the toughness of the films.
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The synthesis of the NCD films prepared via the MWCVD technique under
BEN-controlled mode in the hydrogen-rich plasma is well recognized. The
CHj species is responsible for the CVD diamond growth in the CHy/Hs
plasma. The atomic hydrogen plays some important roles in the nucleation
process, such as abstracting bonded hydrogen and etching off the graphite
phase. Continuous ion bombardment results in enhancement of the nucle-
ation density and promotion of secondary nucleation, leading to the forma-
tion of nanocrystalline diamond films. The sizes of diamond nanocrystallites
(~40-50nm) in the NCD films prepared in hydrogen-rich plasma appear
to be larger compared to those prepared from hydrogen-deficient plasma
(~3-10nm). Finally, the NCD/a-C composite films can be synthesized in
the CH4/Hs plasma under prolonged bias-enhanced HFCVD conditions. By
using a double bias-assisted HFCVD system, high nucleation density, het-
eroepitaxial nucleation and growth of diamond crystallites can be achieved.
It appears that the diamond crystallites tend to nucleate preferentially on
the surface step sites of the silicon substrates.
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1. Synthesis of Diamond
1.1. H:istory of Diamond

Diamond is in an extremely important position for both scientists and the
public at large. For ordinary people, the gemstones mean wealth and myth.
To the scientists, because of its wide range of extreme properties, diamond
is so impressive that research groups all over the world are performing
different studies on diamond.

Sir Isaac Newton was the first to propose diamond as an organic mate-
rial. Later Smithson Tennant discovered that diamond, graphite and coal
were the same elements. The structures of these materials were then char-
acterized following the invention of the X-ray and formulation of Bragg’s
law. It was discovered then that carbon has three different structures: cubic,
hexagonal and amorphous [1].

Although initial work in the synthesis of diamond at temperature
and pressure was carried out in 1960s [2, 3], worldwide interest in dia-
mond was only triggered years later by a Japanese group that published
several methods for diamond deposition on a non-diamond substrate at
high rates [4]. Almost 40 years ago, industrial diamond was synthesized
commercially using high pressure, high temperature (HPHT) techniques,
whereby diamond is crystallized from metal-solvated carbon at pressure
~50-100kbar and temperature ~1800-2300K. World interest in diamond
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has been further increased by the much more recent discovery that it is
possible to produce polycrystalline diamond films or coatings by a wide
variety of chemical vapor deposition (CVD) techniques using, as process
gases, nothing but hydrocarbon gas (typically methane) in an excess of
hydrogen. CVD diamond can show mechanical, tribological, and even elec-
tronic properties comparable with that of natural diamond. There is cur-
rently much optimism in the possibility to scale CVD methods to the extent
that they will be able to provide an alternative way to traditional HPHT
methods for producing diamond abrasives and heat sinks. Moreover, the
possibility of coating large surface areas with a continuous film of diamond
will open up a whole new range of potential applications for CVD methods.
Thus so with the development of CVD technology, diamond films can be
successfully synthesized and used in a variety of fields ranging from elec-
tronic to optical and mechanical applications.

1.2. Structure of Diamond

Diamonds are exclusively of face-centered diamond cubic structure, as
shown in Fig. 1.1. The structure of diamond unit contains eight corner
atoms (shown in black), six face-center atoms (shown in light grey), and

Fig. 1.1. Face-centered cubic structure of diamond crystal.
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four other atoms (shown as empty circles). These four other atoms are from
adjacent interpenetrating lattices and are spaced on quarter of a cube diag-
onal from the former. Every carbon atom is tetrahedrally coordinated to
four other carbon atoms via ¢ bonds emanating from sp® hybrid atomic
orbital. The four (111) directions in cubic diamond are in the bond direc-
tions. In any (111) direction the lattice constant is 3.56 A and the bond
length is 1.54 A [1].

1.3. Properties of Diamond

As Table 1.1 shows, the diamond has many outstanding properties: it is
the hardest known material, has the lowest coefficient of thermal expan-
sion (CTE), is chemically inert and wear resistant, offers low friction, has
high thermal conductivity, is electrically insulating and optically trans-
parent from the ultraviolet (UV) to the far infrared (IR) range. Given
these unique properties, it should be unsurprising that diamond is already
used in many diverse applications that include not only electrical but also
mechanical and thermal applications. For example, it can be used as a
heat sink, as an abrasive, as inserts and/or wear-resistant coatings for
cutting tools. Given its many unique properties it is possible to envisage
many other potential applications for diamond as an engineering material.
However, progress in implementing these ideas has been hampered by the
scarcity of natural diamond. Moreover, to synthesize large area diamond
thin films with smoothness and uniformity, it becomes the most challenging
part for worldwide researchers and scientists to use diamond in industrial
applications.

Table 1.1. Some outstanding properties of diamond.

Extreme mechanical hardness (5,700 ~ 10,400 kg/mm?2).

Highest known value of thermal conductivity at room temperature (2 x 103 W/m/K).
High bulk modulus (1.2 x 1012 N/m?2), low compressibility (8.3 x 10713 m?/N).

Low thermal expansion coefficient at room temperature (0.8 x 10~6 K).

Broad optical transparency from the deep UV to the far IR region.

Excellent electrical insulator (room temperature resistivity is ~ 1016 Q cm).

Diamond can be doped to change its resistivity over the range 10-10% Q cm.

Wide band gap material (5.5€eV).

Biologically compatible and bioinert.

Very resistant to chemical corrosion and radiation.
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1.4. Chemical Vapor Deposition (CVD)

As diamond is purely carbon, diamond growth can conceptually be effected
by adding one carbon atom at a time to an initial template, so that a
tetrahedrally-bonded carbon network (diamond) can be formed. The low
cost of the equipment and energy is the main advantage of this method
since it can be accomplished at lower pressure. In essence, this is the
concept behind the experiments of Derryagin et al. [3] and Eversole [5].
In their experiments, thermal depositions of carbon-containing gases at
less than 1 atmosphere pressure were used to grow diamond on natu-
ral diamond crystals heated to 900°C. The rate of growth in such early
CVD experiments was very low. Graphite was also co-deposited with the
diamond.

An improvement was made by Angus who demonstrated that atomic
hydrogen could etch graphite rather than diamond [2]. Angus was also
able to incorporate boron into diamond during growth, giving it semi-
conduction properties. Subsequent Russian work extended the possibili-
ties of vapor phase diamond growth by showing that diamond could be
grown on non-diamond surfaces [3]. Japanese researchers at the National
Institute for Research in Inorganic Materials (NIRIM) were able to bring
all these findings together in 1981 by building a “hot filament” reactor
in which good quality films of diamond could be grown on non-diamond
substrates at significant rates (~1 pum h~!) [6]. The system operated
using a few percent CHy in Hs at 20 Torr (0.026 atm) pressure. Another
method was also reported for growing diamond films in a “microwave
plasma” reactor in the following years [7]. These discoveries led to world-
wide research interest in CVD diamond from the mid 1980s, both in
industry and academia, which has continued to present day. Numerous
methods for diamond film growth have been developed since, such as
DC Plasma, radio frequency (RF) plasma, microwave plasma jet, electron
cyclotron resonance (ECR), microwave plasma, and also combustion flame
synthesis [1].

A tentative ternary carbon allotropy diagram based on carbon valence
bond hybridization is shown in Fig. 1.2 [8]. We consider diamond, graphite,
fullerenes, and carbyne as four basic carbon forms. The classification is
based on the types of chemical bonds in carbon, including three bonding
states corresponding to sp® (diamond), sp? (graphite), and sp (carbine)
hybridization of the atomic orbitals. All other carbon forms are so-called
transitional forms, such as diamond-like carbon, fullerenes and nanotubes.
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Fig. 1.2. Ternary “phase” diagram of carbon allotropes. P/H corresponds to the ratio
of pentagonal/hexagonal rings [8].

The inorganic carbon family consisting of these four members has also been
classified by Inagaki [9]. The scheme suggested by Inagaki demonstrates
interrelations between organic/inorganic carbon substances at the scale of
molecules.

It is widely known that diamond is metastable while graphite is the
most stable carbon form at the macroscale. A very interesting transfor-
mation between carbon forms at the nanoscale was discovered in the mid-
1990s. It was found that nanodiamond particles could be transformed into
carbon onions after annealing at around 1300 to 1800K [10]. Moreover,
carbon onions could then be transferred to nanocrystalline diamond under
electron irradiation [11]. The phase diagram of carbon has been recon-
sidered several times and the most recent version is shown in Fig. 1.3.
It includes some recently observed phase transitions, such as rapid solid
phase graphite to diamond conversion, fast transformation of diamond to
graphite, etc [12].

Most of the methods for CVD diamond share the same characteris-
tics [13]:
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region corresponds to estimated uncertainties in location of equilibrium lines derived
from available experimental data [12].

A gas phase must be activated, either by high temperature or by
plasma excitation.

The gas phase must contain carbon-containing species such as
hydrocarbon, alcohol, carbon dioxide or carbon monoxide.

A sufficiently high concentration of a species that etches graphite
and suppresses gaseous graphite precursors (e.g. polycyclic aro-
matic hydrocarbons) must be provided. Atomic hydrogen is most
commonly used. However, additional “anti-graphite” species have
been proposed, including Hy, OH, O5, atomic oxygen and Fs.
The substrate surface must be pretreated to support the nucleation
and growth of diamond from the vapor phase. This means that
any catalysts that promote formation of graphite should not exit
on the substrates surface and the surface should be at or near the
solubility limit for carbon so that it can support the precipitation of
diamond on the surface, instead of the diffusion of carbon into the
substrate.



Synthesis, Characterization and Applications of NCD Films 213

e A driving force must exist to transport the carbon-containing
species form the gas phase to the surface of the substrate. In most
CVD methods, the temperature gradient is the driving force for
the motion of diamond-producing species via diffusion because the
activated gas phase is typically much hotter than the substrate
surface.

e The ability to produce a large variety of diamond films and coat-
ings on different materials in either crystalline or vitreous form is
the main reason why CVD is the most popular diamond growth
method. Several different CVD methods, such as plasma-assisted
CVD (MPCVD), hot filament CVD (HFCVD), radio frequency
plasma assisted CVD (RFPACVD), wll be introduced and com-
pared in the following text.

Microwave plasmas were first used for diamond synthesis in 1982 at the
National Institute for Research in Inorganic Materials (NIRIM), Japan.
Because of its simplicity, flexibility and low cost, the microwave plasma-
enhanced CVD (MPECVD) system is the most widely used reactor among
all diamond deposition approaches. In order to explain the operation of such
a reactor a brief explanation of microwave propagation in waveguides will be
given as basic knowledge of how to operate the microwave plasma reactor.
The whole system, which includes the microwave plasma generator, the
waveguide and tuning, the vacuum and the pump, the mass flow system, the
substrate heater, the temperature readout system and the exhaust system,
will be introduced in the following.

Microwaves are nothing but electromagnetic radiation. So we can use
the wave equations and reflective boundary (waveguide) conditions to form
an analogue of the particle (wave) in a box problem. The solution to this
problem is to provide an integer number of half wavelengths into the box.
As a result, a spatially repeating electromagnetic field pattern can pro-
duce the waveguide. Hence the electric field strength E and the magnetic
field strength B vary periodically along the waveguide. A microwave fre-
quency of 2.45 GHz (used by microwave ovens) is the most commonly used
in CVD reactors. However 915 MHz reactors are now becoming more attrac-
tive because the lower frequency allows reactor size to be increased.

Unfortunately, in the NIRIM-type reactor, the substrate temperature
cannot be independently controlled by changing the plasma parameters
because the substrate is immersed in the plasma. To solve this problem, an
ASTeX-type reactor was designed by a commercial manufacturer of plasma
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systems based in the US. Using this reactor, plasma inside the chamber
can be generated above the substrate. Hence, the substrate temperature
can be controlled independently without the effect of plasma heating on
the coating surface.

The ASTeX-type reactor uses a microwave generator and rectangular
waveguide, with a mode converter to convert the transverse electric mode
in the rectangular waveguide to a transverse magnetic mode in a cylindrical
waveguide (the reactor vessel). A moveable antenna maximizes energy cou-
pling between the two waveguide sections. Generation of the plasma occurs
by the same mechanisms as discussed above for the NIRIM-type reactor, in
the region(s) where the local electric field strength is highest. The ASTeX-
type reactor is the most common type of microwave plasma CVD reactor.
Of course, in reality, reactors are much more complex than simple cylinders
due to the presence of service ports, welds, diagnostic probes, etc. Figure 1.4
shows a schematic drawing of the ASTeX-type MPECVD reactor.
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Fig. 1.4. Schematic drawing of ASTeX-type microwave plasma-enhanced chemical
vapor deposition system.
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1.5. Growth Mechanisms of Microcrystalline Diamond
(MCD) Films

The conventional diamond deposition process utilizes temperature and pres-
sure conditions under which graphite is clearly the stable form of carbon,
but kinetic factors allow crystalline diamond to be produced by the typical
net reaction of

CH,(g) — C(diamond) + 2H,. (1.1)

The reaction mechanism is shown in Fig. 1.5

The chemistry of diamond deposition is complex in comparison to most
CVD systems because of competition for deposition among sp? and sp®
types of carbon, and because of the many chemical reactions that can
be involved as a result of the complexity of organic systems in compar-
ison to the typical inorganic CVD systems. Instead of only one reaction

REACTANTS
H2 + CH4

l

ACTIVATION

H, —>2H

CH4+H > CH3+H2
[ ]

CH+H—— > C+H

FLOW AND REACTION

o) o

Diffusion
b

Si Substrate

Fig. 1.5. Schematic reaction mechanisms of conventional diamond deposition [1].
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or important precursor species always dominating the deposition, several
reactions, whose importance depends on experimental conditions such as
temperature, pressure, gas composition, residence time, activation mode,
and reactor geometry, happen inside the chamber at the same time [1].

In order to understand diamond growth behavior, general kinetics have
to be considered. Regardless of specific growth mechanisms, there appears
to be a growing consensus on two general features of diamond growth reac-
tion kinetics. First, the principal element of diamond growth is the forma-
tion of an active site — a surface carbon sp® radical — followed by the
addition of a carbonaceous gaseous species to the surface radical formed.
Second, the density of carbon surface radicals is determined primarily by
the balance between the abstractions of hydrogen from surface C—H bonds
by gaseous hydrogen atoms,

CqH+H — Cye +Hy, (12)

and the combination of the carbon surface radicals with free gaseous hydro-
gen atoms,

Cge +H — C4H, (1.3)

first revealed by Frenklach and Wang [1]. The notations C4H and Cge
denote the surface sites of C—H bond and surface radicals, respectively.
The reverse of the reaction (1.2),

Cge+Hy — CgH +H, (1.4)

is too slow to compete with the reaction (1.3) under typical diamond con-
ditions. The density of the surface radicals is determined by the addition
of growth species to the surface radicals, and by thermal deposition of sp>
diamond surface radicals to sp? surface carbons, and vice versa. Typical
reaction conditions include: highly diluted gas mixtures of hydrocarbons
in hydrogen, substrate temperatures of about 800 to 1000°C, and a large
super-equilibrium of H atoms. With a deficit of H atoms, the density of
active sites is dependent on the concentration of H atoms.

The following are some major observations of conventional diamond
growth chemistry:

a. Activation of gas is required for achieving an appreciable diamond
growth rate. Activating the gas prior to the deposition increases the
diamond growth rate from A/h to pm/h.

b. The carbon-containing precursor is needed in the deposition.
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c. Atomic hydrogen has to be present in the gas phase in a super-
equilibrium concentration. The activated hydrogen etches graphite at
a much higher rate than it does on diamond.

d. Oxygen added in small amounts to hydrocarbon precursor mixtures
enhances the quality of diamond deposits.

e. Graphite and other non-diamond carbons are usually deposited simul-
taneously with diamonds.

f. Deposition parameters such as temperature, pressure, and gas combina-
tion are related to diamond growth rate and quality.

g. A substrate pretreatment of substrate surface with a diamond powder
is common in order to enhance nucleation rates and densities. Electrical
biasing of substrates can also influence nucleation rates.

1.6. Growth Mechanisms of Nanocrystalline Diamond
(NCD) Films

With the development of nanomanufacturing and nanomaterials, nanotech-
nology is now a next-generation technique with huge influence on modern
science and technology. For diamond, with the ability to reduce grain size
to the nanometer range, the nanocrystalline diamond is now considered for
a wide variety of structural, biomedical, and microelectronical applications
due to its unique electrical, chemical, physical, and mechanical properties.
Thus, the fabrication of NCD films by CVD is of great interest because of its
potential experimental and theoretical applications. The drastic changes in
the mechanical and electrical properties of phase-pure diamond films, such
as changing from an insulating to an electrically conducting material as a
result of reductions in crystallite size (grain boundaries appear to conduct,
and because their numbers dramatically increase with decreasing crystal-
lite size, the entire film becomes electrically conducting and functions as
an excellent cold cathode [14]), are largely due to the fact that the grain
boundary carbon is m-bonded. Also, because of the small crystallite size of
NCD films, film surfaces become smooth and they can function extremely
well in tribological applications.

In conventional CVD diamond film growth, hydrocarbon—hydrogen gas
mixtures consist typically of 1% CHy in 99% Hs. Atomic hydrogen is gen-
erally believed to play a key role in various diamond CVD processes. As
mentioned in the previous section, atomic hydrogen is generated from the
collision process inside the microwave plasma. With a hydrocarbon precur-
sor such as CHy4 used in MCD deposition, gas-phase hydrogen abstraction
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reactions lead to the generation of methyl radical -CHs and additional
hydrogen abstraction reactions form carbon—carbon bonds resulting in dia-
mond lattice. Methyl radical CHs and Acetylene molecule CoHy are the
dominant growth species in CH,/Hg systems [15]. However, hydrogen is not
the only thing that can be used to produce diamond. Deposition of carbon
films from 5% CHy, 95% Ar microwave plasma has been shown by several
groups of researchers to result in graphite or amorphous carbon deposition
with only small amounts of diamond inclusions [16]. The presence of carbon
dimer, Cs, in the plasma is believed to be responsible for the formation of
graphite or amorphous carbon. Phase-pure diamond films have been grown
from Cgo/Ar microwave plasmas and it was found that the sizes of dia-
mond grains are in the nanometer range. The deposition was carried out
under the following conditions: total argon pressure of 98 Torr, Cgp partial
pressure of 10~2 Torr, flow rate 100 sccm, and microwave power of 800 W.
A new growth mechanism has been proposed that Cy dimer is a growth
species to form diamond films with nanocrystalline microstructure [14].

Carbon dimer is known to be a highly reactive chemical species. It is
produced in microwave plasma under highly non-equilibrium conditions.
High Cy concentrations in the plasma, achieved by using Cgo as the pre-
cursor, appear to increase heterogeneous nucleation rates and result in
small diamond grain size. Emission spectroscopy study shows that the
transition in crystallite size and morphology is correlated with Cs con-
centrations in hydrogen-rich or hydrogen-poor plasmas [17]. A schematic
diagram of growth of diamond lattice by insertion of Cs into C-H bands
on the (110) surface is shown in Fig. 1.6. It can be seen that the inser-
tion of Cy into C-H bonds on the hydrogenated (110) surface has small
activation barriers of less than 5kcal/mol and is highly exothermic. Sub-
sequent steps involving linkage of C; units also have low barriers and
lead to growth [18]. Further, nanocrystalline diamond films have also been
grown from CHy/Ar plasma [19]. It was also observed that the diamond
grain size decreased as more argon was included to replace hydrogen.
Further characterization will be discussed in the next part of this chap-
ter. Optical emission studies of the plasma have shown intensive green
Swan-band radiation, indicating the presence of a large number of C,
dimers in CHy/Ar plasma [17]. Interestingly, Co concentration decreases
by about an order of magnitude upon the addition of 20% Hsy, which is
from the reaction of Cy with Hs to form hydrogen carbons. Therefore, this
reaction will drastically lower Cy concentrations in high hydrogen-content
plasmas.
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Fig. 1.6. Potential energy surface for Ca addition to diamond (110) surface (barriers
are underlined) [14].

The million-fold difference in crystallite size means that secondary nucle-
ation rates associated with growth in hydrogen-poor plasmas are 10° times
higher than conventional hydrogen-rich plasmas. The basic idea of sec-
ondary nucleation is that the unattached carbon atom can react with other
Cq molecules from the gas phase to nucleate a new diamond crystallite.
Extensive theoretical work has been done over the past years to under-
stand the growth mechanisms from CHy/Hsz/Ar plasma. Sternberg et al.
[20] demonstrated that stable Co adsorption configurations which lead to
diffusion-assisted chain growth have been found on hydrogen-free (110) sur-
faces. Diamond (100) surfaces are the most typical growth surfaces and a
density-functional-based tight-bonding study has been carried out on a non-
hydrogenated diamond (100)-(2 x 1) surface by Sternberg et al. [21]. They
have simulated diamond growth steps by studying isolated and agglomer-
ated Cg molecules adsorbed on a reconstructed non-hydrogenated diamond
surface. Their calculations suggest that the most stable configuration is a
bridge between two adjacent surface dimers along a dimer row, and there
are many other configurations with adsorption energies differing by up to
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2.7eV. The (110) face is the fastest growing one in the Cy regime while
(100) face is slow growing. However, from the simulation, both types of
growth result in same growth of small grain sizes.

Overall, diamond can nucleate and grow using carbon dimers as the
growth species without the intervention of hydrogen. This new method of
diamond synthesis results in very small diamond grains ranging from 5 to
20nm and very smooth surface. Moreover, the cost of diamond CVD is
dramatically reduced since hydrogen is no longer necessary for growth.

2. Characterization of Nanocrystalline Diamond Films

The most apparent difference in films grown by hydrogen-poor plasmas
compared to conventional hydrogen-rich plasmas is the smaller diamond
grain sizes in the nanometer range. The nanocrystallinity of the films
grown by CHy/Ar plasma has been extensively characterized by various
techniques. Surface morphologies have been studied by scanning electron
microscopy (SEM), transmission electron microscopy (TEM), and atomic
force microscopy (AFM). Raman spectroscopy and near edge X-ray absorp-
tion fine structure (NEXAFS) have been used to characterize the bonding
structures of films. Nanoindentation has been employed to measure the
mechanical and tribological properties. The results of characterization stud-
ies on the nanocrystalline diamond films are discussed below.

2.1. Scanning Electron Microscopy (SEM)

Scanning electron microscopy is a very useful technique in the characteri-
zation of diamond thin films. Conventional light microscopes use a series of
glass lenses to bend light waves and create a magnified image. SEM creates
magnified images by using electrons instead of light waves. In a SEM sys-
tem, an electron gun emits a beam of high energy electrons, and this beam
travels downward through a series of magnetic lenses designed to focus the
electrons to a very fine spot. As the electron beam hits each spot on the
sample, secondary electrons are knocked loose from its surface and a detec-
tor counts these electrons and sends the signals to an amplifier. The final
image is built up from the number of electrons emitted from each spot on
the sample. SEM can show very detailed three-dimensional images at much
higher magnifications than is possible with a light microscope.

In the previous section, we discussed that the microstructure of diamond
films changes dramatically with the continued addition of Ar to reacting
gas mixtures during CVD. The transition from micro- to nanocrystallinity
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Table 2.1. Summary of reactant gases used for diamond
deposition in microwave plasma-enhanced CVD system.

Sample No.  Ar (vol. %) Ha (vol. %) CHy (vol. %)

1 2 97 1
2 20 79 1
3 40 59 1
4 60 39 1
5 80 19 1
6 90 9 1
7 97 2 1
8 99 0 1

by systematically adding argon to hydrogen-rich plasma has been charac-
terized by SEM micrographs as a function of argon content [19]. Different
combinations of gas mixtures are listed in Table 2.1. Note that when Ar gas
was added, the CH4 was kept at 1% all the time and the volume percentages
of Hy were changed accordingly.

Plan-view and cross-section SEM micrographs are shown in Fig. 2.1
and Fig. 2.2. It can be seen that the surface morphology of diamond films
changes dramatically with the continued addition of Ar. Figure 2.1(a) shows
the surface morphology of a diamond film grown with 2% Ar. Well-faceted
microcrystalline diamond grains with grain sizes ranging from 0.5 to 2.0 um
have been deposited. (111) and (110) planes can be found and the surface
is very rough. The plan-view SEM micrograph of a film grown with 20%
Ar, 79% Hs, and 1% CHy mixture shows that small diamond particles
start to form during the deposition process. For films grown with 40% and
60% Ar, the number density of the small crystals increases significantly
and most of these small crystals nucleate and grow between boundaries
of large diamond crystals. At 80% Ar, large diamond crystals begin to
disappear and well-faceted microcrystalline diamond grains no longer exist.
Diamond crystals change from microcrystalline to nanocrystalline when
90% Ar is added to the Ar/Hy/CH,4 plasma, shown in Fig. 2.1(f). Faceted
microcrystalline diamond crystals have disappeared and diamond crystals
at nanometer scale have been formed. For films deposited with 97% and
99% Ar, the crystals are further reduced to less than 20nm. Therefore,
it is demonstrated that the microstructure of the diamond film can be
controlled by varying the gas mixtures. The more the content of Ar in the
reactant gases, the smaller the diamond grain sizes and the smoother the
surfaces.
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Fig. 2.1. Plan-view SEM images of the as-grown films prepared from microwave plasmas
with different mixtures of Ar, Ha, and CH4 as the reactant gases (listed in Table 2.1)
showing the transition of microcrystalline to nanocrystalline diamond films: (a) film 1;
(b) film 2; (c) film 3; (d) film 4; (e) film 5; (f) film 6; (g) film 7; (h) film 8 [19].



Synthesis, Characterization and Applications of NCD Films 223

In order to obtain information on the development of the growth mor-
phology, cross-section SEM micrographs of diamond films with different
Ar volume percentages are shown in Fig. 2.2. Columnar growth struc-
tures can be observed in film grown with 2% Ar, shown in Fig. 2.2(a).
This type of surface morphology can be explained by the van der Drift

Fig. 2.2. Cross-section SEM images of the as-grown films prepared from microwave
plasmas with different mixtures of Ar, Ha, and CHy as the reactant gases showing differ-
ent growth phenomena of microcrystalline and nanocrystalline diamond films: (a) film 1;
(b) film 2; (c) film 3; (d) film 4 [19].



224 Z. Xu and A. Kumar

growth mechanism [22]. During conventional diamond growth, hydrogen
prevents diamond crystals from secondary nucleation by regasfying small
or non-diamond phase. Therefore, after a period of time, only large dia-
mond crystals can survive to form columnar crystallites, which are the
so-called “evolutionary selection of crystallites”. The columnar structures
become much smaller and narrower for films grown with 80% Ar. For films
deposited with more than 90% Ar, the columnar structure totally disap-
pears, as shown in Fig. 2.2(c). Very fine and smooth surfaces are observed
from the SEM micrographs, suggesting that the nanocrystalline diamond
does not grow from the initial nuclei at the substrates during nucleation but
from the second nucleation with C, as the nucleation species. So far it has
been demonstrated that the changes in diamond microstructure are reflec-
tions of the changes in the plasma chemistry. During NCD growth, the Cq
dimmer and atomic hydrogen concentrations in the microwave discharges
are monitored. Increasing the Ar content in the reactant gas mixtures sig-
nificantly promotes the concentration of Cy dimer, which is the nucleation
species for NCD growth. Besides the growth mechanism, surface morphol-
ogy and microstructure, the growth rate of diamond film has also been
found to depend on the ratio of Ar to Hy in the plasma. Zhou et al. [19]
have demonstrated that the growth rate doubles in value for films grown
with 60% Ar and then decreases rapidly in the 80-97% Ar range. So for
NCD growth, although the concentration of Cy dimer increased with the
inclusion of more Ar, the growth rate decreased. They also established the
relationship between the growth rate and the reactant gas pressure. When
pressure was less than 40 Torr, no Cs emission was detected and there was
no NCD growth. As the reactant gas pressure increased, both the emission
intensity of Co and the growth rate of NCD films increased significantly.

2.2. Transmission Electron Microscopy (TEM)

TEM is a powerful technique due to its high spatial resolution (~0.2nm) in
imaging. A TEM works much like a slide projector. A projector transmits a
beam of light through the slide, as the light passes through it is affected by
structures and objects on the slide. This transmitted beam is then projected
onto the viewing screen, forming an enlarged image of the slide. TEM works
the same way except that it transmits a beam of electrons through the
specimen. The transmitted part is projected onto a phosphorous screen for
the user to see. Materials for TEM must be specially prepared to thicknesses
which allow electrons to be transmitted through. As the wavelength of
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electrons is much smaller than that of light, the optimal resolution of TEM
images is many orders of magnitude better than that of a light microscope.
Thus, TEM can reveal the finest details of internal structure as small as
individual atoms.

The first detailed electron microscopy examination of nanocrystalline
diamond films showed that various planar defects, common in diamond
synthesis by conventional method, such as twinning boundaries and stack-
ing faults, were hardly found in the films [23]. Zhou et al. [24] performed
TEM analysis for diamond films grown with different Ar/Hs ratio plasma
with 1% CH,. Films prepared with 90% Ar consisted of grains ranging
from 30 to 50 nm. However, films prepared with 97% Ar had grain sizes
in the range of 10 to 30nm. Moreover, film prepared without hydrogen
had smallest grain sizes ranging from 3 to 20nm. Thus, the grain size of
the diamond films decreased strongly with the continuous addition of Ar to
the microwave plasma. Figure 2.3 shows a bright field TEM image revealing

Fig. 2.3. A plan-view TEM image of the diamond film prepared from an Ar/CH4 plasma
at 100 Torr showing that the diamond film consists of nanocrystalline grains ranging from
3 to 20 nm. The inset shows a sharp ring pattern of a selected area electron diffraction,
indicating that the diamond grains have a random orientation. No graphite or amorphous
carbon reflections can be observed from indicating the film is phase-pure diamond [24].
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the plan-view morphology of the NCD thin film. The grain boundary width
estimated from the TEM micrograph is 0.2 to 0.5nm. The insert image
shows a selected area (over 10 pum in diameter) of the electron diffraction
pattern. Sharp Bragg reflections are located in concentric circles, indicating
the random orientation of nanocrystalline diamond grains.

Further TEM investigations of NCD films have been performed by Jiao
et al. [25] to compare the differences between NCD films grown with Ar/1%
CHy and Ar/1% CH4/5% Hs. Figure 2.4 shows two dark field images of
NCD films. Dark field imaging provides better contrast than bright field
imaging and can be used for determining the grain sizes with least effect
by grain overlapping. The median and average size for NCD films produced
with an Ar/1% CH, plasma are 4 and 7nm respectively, and 5 and 8 nm,
respectively, for films produced with Ar/1% CH4/5% Hs plasma.

However due to the limitation of the small objective aperture, results
obtained by tradition TEM might be incorrect as grain size decreases to the
nanometer scale diamond grains will overlap each other [26]. High resolution
electron microscopy (HREM) on the other hand offers high resolution and
more reliable results. Jiao et al. developed an interesting method to iden-
tify the grain boundaries by taking HREM images using different focusing
conditions. By adjusting the focusing conditions, the contrast could change
along grain boundaries from over-focus to under-focus. Figure 2.5 shows a
series of HREM images of an Ar/1% CH4 NCD film taken under different
focusing conditions. These images show Fresnel fringes on grain boundaries.

Ar-1%CH,4 | Ar-1%CH4-3%H,

Fig. 2.4. Plan-view TEM dark field images of NCD films grown using (a) Ar/1% CHy
and (b) Ar/1% CH4/5%Hz2 microwave plasma CVD [25].
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Af=170 nm, over-focus A=0, in-focus Af=100nm, under-focus

Fig. 2.5. HREM images of an Ar/1% CH4—NCD film taken using different focusing con-
ditions: (a) over-focus, Df5170 nm; (b) in focus, Df50; and (c) under-focus, Df52100 nm.
Note the contrast change along grain boundaries from over-focus to under-focus, and the
effect of grain overlapping on fringes at GB [25].

In the over-focus image, grain boundaries appear dark while they appear
white in the under-focus one. Very little contrast is shown in the in-focus
image and lattice fringes are clearly visible. Therefore, it is estimated that
the grain boundary thickness ranges from 0.2 to 0.4nm [25].

Cross-section TEM analysis have been performed by Jiao et al. [25]
and two different nucleation mechanisms have been proposed for NCD film
grown with and without a small amount of hydrogen in Ar/CH, plasma.
Figure 2.6 shows the NCD/Si interfaces TEM bright field images of two
NCD films grown with Ar/1% CH,4 and Ar/1% CH,4/5% Hs. For film grown
without any hydrogen, an amorphous carbon layer was formed where dia-
mond grains start to nucleate. No such layer can be observed for samples
grown with 5% Ha, possibly due to the etching effect of atomic hydrogen.
Therefore, diamond grains nucleate directly on the Si substrate with the
aid of diamond seeds introduced during the seeding process.

2.3. Raman Spectroscopy

Raman spectroscopy is a method of chemical analysis that enables real-time
reaction monitoring and characterization of compounds in a non-contact
manner. The sample is illuminated with a laser and scattered light is col-
lected. The wavelengths and intensities of the scattered light can be used
to identify functional groups in a molecule. Raman Spectroscopy has found
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Fig. 2.6. Cross-section TEM bright field images of (a) Ar/1% CH4—NCD and (b) Ar/1%
CH4 /5% Ho—NCD films showing the NCD/Si interface [25].

wide application in chemical, polymer, semiconductor, and pharmaceuti-
cal industries because of its high information content and ability to avoid
sample contamination.

When light is scattered from a molecule most photons are elastically
scattered. The scattered photons have the same energy (frequency) and,
therefore, wavelength, as the incident photons. However, a small fraction
of light (approximately 1 in 107 photons) is scattered at optical frequen-
cies different from, and usually lower than, the frequency of the incident
photons. The process leading to this inelastic scatter is termed the Raman
Effect. Raman scattering can occur with a change in vibrational, rotational
or electronic energy of a molecule.

Raman scattering is about 50 times more sensitive to m-bonded amor-
phous carbon and graphite than to the phonon band of diamond. Hence,
Raman spectroscopy could be used to establish the crystalline quality of
diamond thin films by estimating the amount of sp?>-bonded carbon in the
films. Lin et al. [27] performed Raman analysis of diamond films grown
with Ar/CH4/Hy plasmas with different gas mixtures. Figure 2.7 shows
the plots of micro-Raman spectra obtained of diamond films grown by dif-
ferent ratio of Ar/Hy with fixed 1% CHy in Ar/Hy/CH,4 plasma. For the
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Fig. 2.7. Micro-Raman spectra of HFCVD diamond grown at increasing Ar volume
fraction: (a) 0%; (b) 20%; (c) 50%; (d) 80%; (e) 90%; (f) 92%; (g) 94%; and (h) 95.5%
for growth mixture using Ar-CH4—Ha [27].

film grown without Ar, a sharp diamond characteristic peak is observed at
1332 em~!. No Raman scattering can be found in the range from 1400 to
1600 cm ™! suggesting that the diamond film contains very little sp?-bonded
carbon. With addition of argon to the reactant gas up to 92%, a sharp
diamond peak still exists indicating the presence of microcrystalline dia-
mond grains. However, the diamond peak shrinks and the full width at half
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maximum (FWHM) of the peak increases. For films grown with more than
92% Ar, the spectra change dramatically compared to previous samples.
The sharp diamond peak at 1332cm™! no longer exists, and it is signifi-
cantly broadened as a result of decreasing the grain size to the nanometer
scale. A broad peak in the 1400-1600cm~"! is observed due to the pres-
ence of sp?>-bonded carbon at the grain boundaries in the nanocrystalline
diamond films.

Further studies have been carried out to study the transition of dia-
mond films from micro- to nanocrystalline by UV Raman spectroscopy.
For visible Raman, when a laser with a wavelength in the visible region
is used, the energy of the incident photons is much lower than the energy
of the bandgap for sp3-bonded carbon. The spectra are thus completed
dominated by Raman scattering from sp?-bonded carbon [28]. However,
UV Raman can provide higher photon energy that is close to local gap of
sp3-bonded carbon at ~5.5eV [29]. Thus, UV Raman allows us to further
interpretation of some nanocrystalline diamond Raman signatures. Birrell
et al. [30] interpreted the Raman spectra of NCD films, especially the peak
at 1120cm~! using UV Raman spectroscopy. Figure 2.8(a) shows the vis-
ible Raman spectra of NCD films grown with different amounts of Hy in
Ar/H,/CH, plasma. There are three peaks: a sharp diamond peak at 1332
cm ™!, a shoulder at 1190cm ™, and a broad peak at 1532cm™!. As less Hy
is included in reactant gas, a shoulder at 1125 cm~! and peaks at 1400-1600
cm ™! start to appear while the diamond peak shrinks. For the sample grown
with 0 and 1% Hs, a shoulder at 1125cm™!, a D-bank peak at 1330cm™*,
a poorly defined peak at 1450cm ™' and a peak at 1560 cm ™! are observed.
Figure 2.8(b) shows Raman spectra taken with UV excitation with a laser
wavelength of 266 nm. All spectra show the same three peaks: a sharp
peak at 1332cm ™! due to diamond, a broad peak at 1580cm™! due to the
presence of sp?-bonded carbon at the grain boundaries, and a 1546cm™!
feature caused by the excitation of oxygen molecules. It is widely believed
that the peak around 1120cm™! originated from the presence of confined
phonon modes in diamond. Nemanich et al. [31] suggested that this feature
was due to the regions of microcrystalline or amorphous diamond. Fayette
et al. [32] concluded that peak at 1140 cm ™! was one of the characteristics of
CVD diamond films. However, Birell et al. suggested that the peaks at 1120
and 1450 cm~! were due to carbon—hydrogen bonds in the grain boundaries,
and the peaks at 1330 and 1560 cm ™! were due to the D-band and G-band
sp?-bonded carbon. Although NCD contains nearly 95% sp3-bonded car-
bon, as diamond thin films change from microcrystalline to nanocrystalline,
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Fig. 2.8. (a) Visible and (b) UV Raman spectra of UNCD thin films grown with suc-
cessive amounts of hydrogen added to the plasma [30].

the visible Raman signal was due entirely to the sp?>-bonded grain boundary
materials in the sample. For nanocrystalline diamond films, the sp3-bonded
carbon can only be characterized UV Raman spectroscopy instead of regu-
lar visible Raman spectroscopy [30].

2.4. Near Edge X-Ray Absorption Fine Structure
(NEXAFS)

A technique that can distinguish between sp?-bonded carbon (graphite)
and sp3-bonded carbon (diamond) would be very useful for characterizing
the nanocrystalline diamond films. X-ray core level reflectance and absorp-
tion spectra are site and symmetry selective and the magnitudes and energy
positions of spectral features contain bonding information of the films. Par-
ticularly, the near-edge region of the core-level photoabsorption has been
used to relative quantity of sp?- or sp3-bonding in BN powders and thin
films [33]. Its sensitivity to the local bond order in a material arises from the
dipole-like electronic transitions from core states, which have well-defined
orbital angular momenta, into empty electronic (e.g. antibonding) states
[34]. Therefore, the symmetry of the final state can be determined and the
difference between sp? and sp® can be distinguished. Besides, NEXAFS
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with a photon beam of the size of millimeter has the ability to investigate
the film over a large area.

Capehart et al. [35] first demonstrated that NEXAFS studies on CVD
diamond films could be used to calculate the fraction of any sp?-hybridized
graphitic content inside the film. The characterization of NCD films by
core-level photoabsorption was first studied by Gruen et al. [34]. NEXAFS
measurements have been carried out on NCD films as well as two reference
samples, a highly oriented pyrolytic graphite (HOPG) that is 100% sp?-
bonded, and a single crystal diamond that is 100% sp3-bonded. Figure 2.9
shows the C (1s) photoabsorption data from four different samples: natu-
ral diamond, graphite, microcrystalline diamond deposited with Ar/CHy,
and nanocrystalline diamond deposited with Ar/Cgp [34]. From previous
studies, we have found that amorphous carbon shows the characteristic
transition to sp2-bonded 7* orbitals at ~285eV and bulk diamond shows a
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Fig. 2.9. The C (1) photoabsorption data from four different samples: Cgp, nanocrys-
talline diamond film grown using the Cgo-based deposition method; CHy4, diamond film
with micron-sized grains grown using a conventional CH4-based deposition method; dia-
mond, gem quality natural diamond; graphite, highly oriented pyrolytic graphite [34].
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sharp peak at ~290eV due to the bulk C-1s core exciton and characteristic
transitions to sp3-bonded o* orbitals [36]. These two features are directly
related to the bonding structures of diamond and graphite and could be
used to determine the sp? to sp® ratio in a film. From Fig. 2.9 we can clearly
see that all of the qualitative features of sp>-bonding are presented in NCD
film. Based on the qualitative line shape of the spectra, no more than 1 to
2% of sp?-bonded carbon exists in these NCD films.

Chang et al. [37] studied the quantum-size effect on the exciton and
energy gap of NCD films. Exciton energy and conduction/valence band
energies were observed generally to shift to higher/lower energies when the
decrease of the crystal size. Their results showed that when the diamond
grain size decreased from 5 pym to 3.6 nm, the C k-edge NEXAFS of NCD
shifted toward higher energies, especially for crystals smaller than 18nm,
as shown in Fig. 2.10. The inset of this figure reveals a similar trend to
excitonic binding energy, AFEqy, where AFE.x = |Eex — Ecg|, the energy
separation between the Eq. (exciton state) and the Ecp (conduction band
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Fig. 2.10. The exciton state and conduction band edge of the NCD are plotted as
a function of the crystallite radius. The dashed line is the least square fitting of all
conduction band edge data. The inset is the exciton binding energy shift of the NCD
films plotted as a function of the crystallite radius [37].
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edge). NCD films prepared with Ho /1% CH4 by HFCVD have also been
characterized by NEXAFS [38]. The spectrum of NCD film exhibits a sharp
spike at 289V (an excitonic transition), and a secondary band at 302eV,
both characteristics of pure diamond spectrum. A shift of exciton energy
around 0.25eV has been observed for 10nm NCD.

2.5. X-Ray Diffraction (XRD)

XRD is sensitive to the presence of crystalline carbons such as diamond
or graphite instead of amorphous carbon. Hence, it is frequently used to
characterize CVD diamond films. Figure 2.11 shows that NCD films exhibit
a similar pattern compared to conventional synthesized MCD films [24].
Three peaks, related to (111), (220) and (311) crystalline diamond peaks
are observed. Compared to MCD films, the diffraction peaks of NCD are
significantly broadened due to the very small diamond grain sizes.

2.6. Characterization of Mechanical Properties of NCD

Diamond has exceptional mechanical, electrical, thermal, and optical
properties. In particular, the high hardness and stiffness of diamond
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Fig. 2.11. X-ray diffraction of the as-grown nanocrystalline diamond film prepared from
an Ar-CHy plasma at 100 Torr. The labels show the diffraction peaks from different
planes of the cubic diamond [24].
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makes it desirable for many mechanical applications. Moreover, interest
in diamond-based applications is increasing as nanocrystalline diamond has
been successful synthesized due to its reduced intrinsic roughness and tribo-
logical properties. However, nanocrystalline diamond films have grain size
dependent mechanical properties that may significantly differ from those
of microsized diamond films. The changes in the mechanical properties of
NCD films are due to the presence of larger percentages of grain boundaries
that contain sp?-bonded carbon, broken bonds and amorphous regions [39].

The mechanical properties of nanocrystalline diamond films can be mea-
sured by nanoindentation. Indentation tests are perhaps the most com-
monly applied means of testing the mechanical properties of materials. In
such a test, a hard tip, typically a diamond, is pressed into the sample with
a known load. After some time, the load is removed. The area of residual
indentation in the sample is measured and the hardness, H, can be cal-
culated from the maximum load, P, divided by the residual indentation
area, A.

Figure 2.12 shows nanoindentation test results of NCD films. The aver-
age hardness of the NCD film is ~88 GPa, close to the value of bulk
diamond. Note that the measured hardness is independent of indenta-
tion depth, indicating that the results are reliable [40]. Guillen et al. [41]
demonstrated that the fracture strength, between 3.2 and 3.9 GPa, and
the Young’s modulus, between 800 and 980 GPa, of the NCD films were
independent of the film thickness. They suggested that the possibility to
control and adjust the absolute value of the stress inside the diamond film
with respect to Si substrate allowed one to use the built-in stress as a
design parameter of MEMS devices for bistable membrane configurations.
Philip et al. [42] suggested that the Young’s modulus of the NCD films
was affected by the nucleation rate. For films grown with lower nucleation
density (with lower nucleation density, 101°cm=2 or lower), the Young’s
modulus was roughly half of those films grown with much higher nucleation
density (>102 cm~?2). For the latter case, the Young’s modulus (1120 GPa)
was close to the values measured from natural diamond.

Microcrystalline diamond films have relatively high surface roughness
that precludes the immediate application of diamond films in machining
and tool wear applications. High surface roughness results in high friction
and severe wear losses on mating surfaces. Polish of these MCD are often
applied to smooth the film surface although it is costly and impractical in
some circumstances such as complex geometries. However, with the devel-
opment of growing smooth NCD films, low coefficient of friction (COF)
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Fig. 2.12. (a) Nanoindenter data (Berkovich indenter) for MCD and UNCD films;
(b) measured hardness versus indentation depth [40].

~0.05-0.1 and fine finish of the sample surface (20-40 nm, rms) have been
achieved. Espinosa et al. [43] studied the surface roughness of the NCD films
with different seeding techniques. Higher surface roughness (250-300nm)
was obtained for film seeded by mechanically polish, while lower surface
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Fig. 2.13. Roughness analysis of NCD surfaces using AFM. (a) The mechanically-seeded
sample has a root mean square root (rms) roughness of 107 nm and a distance from peak
to valley of 250-300 nm. (b) The ultrasonically-seeded one has a rms of 20 nm with a
distance from peak to valley of ~70nm [43].

roughness (20 nm) was obtained for film seeded ultrasonically with fine dia-
mond powders, as shown in Fig. 2.13. Clearly, ultrasonic seeding results in
much better nucleation and growth, no obvious porosity, no scratches, and
enhanced surface smoothness.

Several microscale testing techniques have been employed to investi-
gate fracture strength of thin films. Sharpe et al. [44] have performed
microtension tests to study the fracture toughness of SiC and polysilicon.
Espinosa et al. [45] have performed the membrane deflection experiment
(MDE) to investigate the strength of submicron freestanding NCD thin
films. Table 2.2 summarizes the fracture strength of some hard materials.

NCD films have been grown on Si films and pin-on-disk tests have been
carried out to evaluate the MCD and NCD films’ friction behavior against
SizNy balls in open air and dry Ng [46]. The friction results are shown in
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Table 2.2. Fracture strength of some hard materials [43].

Material Fracture strength (GPa)
Silicon 0.30
Microcrystalline diamond 0.88 +£0.12
SiC 1.2 +£0.5
Polysilicon 1.5 £0.25
NCD 4.13+0.90
Single Crystal Diamond 2.8

Fig. 2.14. After the initial stage during which both films exhibit relatively
high values, the COF of NCD film decreases rapidly to 0.1 whereas the
COF of the MCD film remains high and unsteady in both air and dry
Ns environments. NCD films have also deposited on tungsten carbide sub-
strates to slide against Al-alloy, steel and Al,O3 [47]. Similar results have
been obtained to show that the COF of NCD film decreases to 0.1 after the
break-in period while the COF of uncoated WC sample are much higher
(0.6-0.9)

2.7. Electron Energy Loss Spectroscopy (EELS)

The electron energy loss spectroscopy (EELS) in TEM is a powerful tech-
nique to study the electronic structure of materials [48, 49]. The energy loss
near-edge structure (ELNES) is sensitive to the crystal structure. For sp?-
bonded carbon the 7* states can be observed between 282eV and 288eV,
and o* states, between 290 and 320eV. For sp3-bonded carbon, o* states
can be observed between 289 and 320eV [50]. Therefore, diamond and non-
diamond carbon can be easily separated by EELS and ELNES. Figure 2.15
shows electron energy loss spectra taken from a single crystal diamond
and nanocrystalline diamond film, respectively. Identical spectra have been
obtained, suggesting that NCD film is phase-pure sp3-bonded [26]. Only
an EELS edge at 289 eV corresponding to diamond characteristic has been
shown and no other amorphous or graphite phases presented. The results
have also been confirmed by Zhou et al. [19] where no energy loss feature
at 284 eV has been observed, indicating the absence of sp?-bonded carbon.
Okada et al. [51] studied the sp?-bonding distributions in nanocrystalline
diamond particles by EELS. The EEL spectrum showed a peak at 290 eV
and a slight peak at 285eV, which is similar to that of nanocrystalline
diamond thin films.
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Fig. 2.14. Friction coefficients of rough MCD and smooth NCD films against SizN4
balls in (a) open air and (b) in dry Na. (Test conditions: load, 2 N; velocity, 0.05m s~1;
relative humidity, 37%; sliding distance, 40 m; ball diameter, 9.55 mm [46].)

2.8. Characterization of Electrical Properties of Doped
NCD Films

The use of diamond for electrical applications has attracted much attention
with the development of CVD techniques. Most doped diamond depositions
system use microwave-assisted CVD, which minimizes film contamination
with other materials. A special aspect of diamond is its capability of reveal-
ing a negative electron affinity (NEA) [52-55]. NEA means that electrons
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Fig. 2.15. PEELS spectra of (a) CVD-grown nanodiamond thin film and (b) single-
crystal diamond. A weak peak at 284 eV is identified in the nanodiamond film spectrum,
indicating that sp3-bonded carbons are present at the grain boundaries, which accounts
for about 5-10% of the total atoms in the nanocrystalline material [26].

can exit from conduction band edge into vacuum without further energy
barrier. The only way to take advantage of this NEA is to form ohmic or
tunnel contacts by n-type doping diamond. So far, nitrogen [56], sulfur [57]
and phosphorus [58] have been used to produce n-type diamond.

Chen et al. [59] reported that nitrogen-doped NCD thin films exhibited
semimetal-like electronic properties and could be used as electrochemical
electrodes over 4eV potential range. Bhattacharyya et al. [56] studied the
synthesis and characterization of highly conductive nitrogen-doped NCD
films. Up to 0.2% total nitrogen content was observed with a CH4(1%)/Ar
gas mixture and 1% to 20% nitrogen gas included. The electrical conductiv-
ity of the film increased by five orders of magnitude (up to 143 Q~tcm—1)
compared to that of undoped film. As Ny gas was added, the density of
Cq and CN radicals as well as their relative density increased substantially.
Conductivity and Hall measurements made as a function of temperature
showed that these films had the highest n-type conductivity and carrier
concentration for phase-pure diamond thin films. Figure 2.16(a) shows sec-
ondary ion mass spectroscopy (SIMS) data of the total nitrogen content in
the films as a function of Ny gas in the plasma along with the conductivities
measurements. Temperature-dependent conductivity data in the range of
300-4.2K are shown in the Arrhenius plot in Fig. 2.16(b). Finite conduc-
tion has been observed for temperatures as low as 4.2 K. Nonlinear curves
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Fig. 2.16. (a) Total nitrogen content (left axis) and room-temperature conductivity
(right axis) as a function of nitrogen in the plasma. (b) Arrhenius plot of conductivity
data obtained in the temperature range 300-4.2 K for a series of films synthesized using
different nitrogen concentrations in the plasma as shown [56].
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have been observed, indicating thermally-activated conduction mechanisms
with different activation energies [60].

The bonding structures of nitrogen-doped NCD films haven been investi-
gated by NEXAFS measurements [61]. It is revealed that the globe amount
of sp?-bonded carbon in these films increased slightly with nitrogen doping.
Nitrogen exists primarily in the tetrahedrally coordinated sites while the
grains remain phase-pure diamond. The increased conductivity is attributed
to the nitrogen impurities incorporated into grain boundaries, providing
more midgap states in the bandgap which allows hopping conduction or
other thermally activated conduction mechanisms to occur.

The results of the total electron yield (TEY) NEXAFS experiments
on nitrogen-doped NCD are shown in Fig. 2.17(a), and a detailed set of
spectra of the m*-bonding peak and the second bandgap feature are shown
in Figs. 2.17(b) and 2.17(c), respectively. The nitrogen-doped NCD films
show nearly identical spectra as single crystal diamond, indicating that they
are phase-pure diamond containing only a very small amount of sp>-bonded
carbon. As nitrogen is added to the plasma, the sp?>-bonding increases, as
indicated by the increase of the 7*-bonding peak and the reduced diamond
exciton peak [61].

Fujimori et al. [62] indicated that doping with phosphorous produces
n-type diamond films, but the resistivity of the phosphorous doped dia-
mond films was too high for practical use. Koizumi et al. [63] reported
that P-doped CVD (111) films produced using PH3 showed n-type con-
ductivity by Hall-effect measurement. However, the mobility of the film
was only 23cm? V~!s~!. Lightly P-doped diamond films have been syn-
thesized and the highest mobility values currently, 660 cm? V—!s~!, have
been achieved at room temperature by Katagiri et al. [58]. The phosphorous
concentration in the film was controlled at a low doping level of the order
of 10'% ¢cm~3. Diamond films doped with sulfur have also been deposited
by introducing hydrogen sulfide into the CVD process [57]. The mobility of
electrons at room temperature was 597cm? V~!'s~! and the conductivity
was 1.3x10% Q= ! em™!. The donor level introduced by sulfur was at 0.38 eV
below the conduction band. Koeck et al. [64] reported sulfur-doped NCD
films for field emission measurements. The sulfur-doped NCD films were
deposited using a 50 ppm hydrogen sulfide in hydrogen mixture. The films
showed diminished threshold fields at elevated temperatures as well as a low
effective work function. This emission behavior makes this material a prime
candidate for vacuum thermionic energy conversion where efficient electron
sources are requisite for the transformation of thermal into electrical energy.
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Fig. 2.17. TEY NEXAFS scans of nitrogen doped UNCD thin films: (a) full scan,
showing the relevant features for diamond, (b) detailed scan of the 7*-bonding peak,
and (c) detailed scan of the second bandgap feature. As the amount of nitrogen in
the growth plasma increases, the height of the m*-bonding peak at 285eV as shown in
(b) increases, the diamond exciton at 289.5 eV illustrated in (a) becomes less distinct,
and the depth of the second bandgap decreases, as shown in (c) [61].
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3. Applications of NCD
3.1. MEMS/NEMS Applications of NCD Films

Micro/Nano-electro-mechanical systems (MEMS/NEMS) devices are cur-
rently fabricated mainly using silicon. Complex shapes and devices, such as
gears, pinwheels, micromotors, etc. have been produced using stand litho-
graphic patterning and etching techniques [65, 66]. However, a major prob-
lem with the Si-based MEMS devices is that Si has poor mechanical and
tribological properties due to its hydrophilicity, high friction, poor brit-
tle fracture strength and poor wear properties. Rotating devices such as
microturbines [67] has been fabricated, but are frequently subjected to stic-
tion problems or wear-related failure after a few minutes of operation [66].
Until now, there are no commercially available MEMS devices that involve
sliding interfaces. With the rapid development of micro- and nanosystems
(MEMS/NEMS) such as optical switches, radio frequency resonators, pres-
sure sensors, a new type of material with significantly improved mechanical
and tribological properties is of great need for MEMS applications involving
rolling or sliding contact in harsh and hostile environment.

Diamond is a super hard material with extreme mechanical strength,
outstanding thermal stability and conductivity, and chemical inertness. Rel-
evant mechanical properties of Si, SiC and diamond are shown in Table 3.1.
Moreover, diamond has a much lower coefficient of friction (COF) than Si
and SiC. The COF of Si has a relatively high and constant value of ~0.6
throughout the temperature ranges; whereas the COF of diamond is an
exceptionally low ~0.05-0.1 at room temperature. The COF of Si is high
at room temperature ~0.5, which drops to a value of ~0.2 as the temper-
ature exceeds 200°C. The COF of diamond drops to 0.01-0.02 due to the
formation of a stable adsorbed oxygen layer on the diamond surface that

Table 3.1. Selected mechanical and tribological properties of
Si, SiC, diamond (at room temperature).

Property Si SiC Diamond
Lattice Constant (A) 5.43 ~4.35 3.57
Cohesive Energy (eV) 4.64 6.34 7.36
Young’s Modulus (Gpa) 130 450 1,200
Shear Modulus (Gpa) 80 149 577
Hardness (kg/mm?) 1,000 3,500 10,000
Fracture Toughness 1 5.2 5.3
Flexural Strength (Mpa) 127.6 670 2,944

Coefficient of Friction (COF) 0.6 0.5 0.01-0.02
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saturates the diamond dangling bonds and minimizes bonding between con-
tacting diamond surface.

3.1.1. Fabrication of NCD MEMS/NEMS Devices

The new nanocrystalline and ultrananocrystalline diamond developed from
Ar/CH4 gas mixtures is emerging as one of the most promising materials
for MEMS/NEMS. In previous discussion of mechanical and tribological
properties of NCD film, we have mentioned that the average nanocrystalline
diamond film grain size is less than 50 nm and the surface roughness, 20 nm.

Numerous NCD-based MEMS components and devices have been devel-
oped in recent years. There are several ways to fabricate these devices by
taking advantage of the extraordinary properties of nanocrystalline dia-
mond. Among them, one of the most apparent ways is to form a conformal
NCD coating on existing Si products. Modern Si fabrication technology can
produce all kinds of devices in the nanometer scale. The basic idea is to form
a thin, continuous, and conformal coating with low roughness on the Si com-
ponent. However, this could not be realized until the recent development
of nanocrystalline deposition technique. Conventional diamond CVD depo-
sition results in discontinuous films with large grains and rough surface.
Figure 3.1(a) shows Si microwhiskers coated with (a) conventional CVD
diamond and (b) nanocrystalline diamond. Separated diamond grains can

- —

Fig. 3.1. (a) Si microwhisker coated with conventional CVD diamond; (b) single Si
microwhisker coated with NCD [40].
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Fig. 3.2. Etching scheme for producing a freestanding NCD film [40].

be observed for MCD coating, whereas a very smooth conformal coating
was obtained for the NCD-coated microwhisker.

Selective deposition has been used for fabrication of NCD microdevices,
shown in Fig. 3.2 [40]. Nanocrystalline diamond deposition process needs
a nucleation layer, usually achieved by mechanical seeding with fine dia-
mond particles or by bias-enhanced nucleation. So NCD films can be selec-
tively deposited by selective seeding the substrates. Selective seeding can
be achieved by: (1) removing part of the seeded layer; (2) masking the film
during seeding to produce a patterned seeded layer. Note that it is hard to
achieve high feature resolution by selective seeding since precise control of
seeding is hard to define. Instead, a more advanced method has been devel-
oped by the lithographic patterning technique. Continuous NCD films are
deposited on the SiO5 layer, followed by a sacrifice SiO9 layer deposited by
CVD. Photoresist is deposited onto the top SiO2 layer and it is patterned
by RIE. The NCD film is then etched by oxygen plasma.

3.1.2. NCD Cantilever

Free standing NCD cantilever structures, shown in Fig. 3.3, have been fab-
ricated for microscale mechanical testing. The detailed procedures are sum-
marized as follows [45]:

1. Seeding the Si wafer and NCD growth (0.5-0.6 pm).

2. Deposition of 300 nm Al by sputtering. Al is used as mask material due
to its resistance to oxygen RIE.

3. Photoresist spin-coating with S 1805; exposure with Karl Suss MAG6;
developing; postbaking.

4. Wet chemical etching of Al

5. Og reactive ion etching (RIE), 50 mTorr, 200 W, until the exposed NCD
is etched away. During the etching, the photoresist is also removed.
Removal of Al mask is performed using wet etching.

6. Si wafer KOH etching from the front side (90 min, KOH30% at 80°C)
using the NCD pattern as a masking layer. Cantilevers are released.
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Fig. 3.3. Optical image of three as-microfabricated NCD membranes [45].

Underetching of NCD cantilevers is possible due to a slight misalign-
ment of the Si wafer (110) direction with respect to the cantilever
structure.

3.1.3. SAW Devices

Surface acoustic wave (SAW) devices are critical components in wireless
communication systems. Diamond exhibits high acoustic phase velocity
which makes it an attractive material for high frequency (GHz range) SAW
devices. However, high surface roughness and large grain sizes prevent the
application of diamond for SAW applications. Time-consuming post deposi-
tion is required to smooth the MCD surface in order to obtain free-standing
smooth surface. Moreover, MCD-based SAW devices suffer from relatively
low performances due to propagation losses in polycrystalline structures. It
is reported that the propagation losses decreases while the diamond grain
size diminishes [68, 69]. Therefore, NCD based SAW devices are expected
to have better performance than MCD films.

A model has been established by Elmazria et al. [70] based on
AIN/NCD/Si layered structure to determine the acoustic phase velocity
V and the electromechanical coupling coefficient k2 as a function of NCD
thickness. Figure 3.4 shows a schematic drawing of an NCD-based SAW
device. NCD films are grown on (100)-oriented silicon substrate and smooth
piezoelectric AIN films with columnar structures and (002) orientations are
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Fig. 3.4. Schematic cross-sections of the two possible IDT configurations in the
AIN/NCD/Si layered structure [70].

deposited on top of NCD. Aluminium IDE of 16 and 32 um wavelengths on
AIN/NCD/Si is developed by photolighography. Figure 3.5 shows the phase
velocity of measured NCD SAW device as a function of NCD and AIN film
thickness, where khncp is the normalized NCD thickness and khain is the
normalized AIN thickness. It is shown that devices working at frequency
fo = 2.5GHz can be achieved with acoustic velocity as high as 9500 m/s
and K? = 1.4%. Note that the experimental values and the theoretical val-
ues agree very well and the phase velocity strongly increases with the NCD
normalized thickness.
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Fig. 3.5. Phase velocity measured from SAW device high frequency characterization
for several khnycep and khany values along with theoretical data calculated for the
AIN/NCD/Si layered structure [70].



Synthesis, Characterization and Applications of NCD Films 249

3.1.4. NCD RF MEMS Devices

The wide bandgap, small (or negative) electron affinity, high breakdown
voltage, high saturation drift velocity, high carrier mobility, radiation hard-
ness and high thermal conductivity make diamond a promising material
for the fabrication of high power, high frequency and high temperature
solid state microelectronic devices, sensors/MEMS and vacuum microelec-
tronic devices [71]. Polycrystalline diamond-based RF electronics have been
fabricated by various groups. Gildenblat et al. [72] have reported high
temperature Schottky diode with thin film diamond. Diamond field effect
transistors (FETs) have been investigated by Aleksov et al. [73]. Prins
reported the first diamond bipolar junction transistor (BJT) in 1982 on
natural, p-type single crystal diamond [74]. Aleksov et al. [75] presented
the p—n diodes and p*tnp BJT structures using nitrogen and boron doping
during CVD. It was thought that only polycrystalline diamond films could
be used for RF MEMS devices due to the difficulty of producing large areas
of NCD films. Surface area is needed for RF structures including active
devices, passive components, waveguide circuits and heat dissipation. Until
recently, large area deposition of nanocrystalline diamond becomes possible
by Ar/CH,4 reactants with microwave chemical vapor deposition technique.
Due to the unique properties of nitrogen-doped nanocrystalline diamond, a
nanocrystalline/dingle crystal diamond heterostructure diode has been fab-
ricated and characterized [76]. As shown in Fig. 3.6, N-type doped NCD
films has been deposited on top of a p~ active layer (on top of a p contact
layer) where all the structures are built based on a single crystal diamond
substrate. The diode characteristics show rectification and high tempera-
ture stability. Figure 3.7 shows that the device has been successfully tested
at 1050°C which represents the highest temperature measurement of any
semiconductor to date. Low forward losses combined with high breakdown
strength have been achieved, which is not possible for any other polycrys-
talline diamond diodes.

Kusterer et al. [77] demonstrated a bistable microactuator based on
stress-engineered nanocrystalline diamond. The NCD film was compres-
sively pre-stressed controlled by different growth conditions. After release
from Si substrate, NCD film could buckle into two quasistable positions,
downwards or upwards. The transition between these two positions could
be realized by combining the diamond film with Ni/Cu strips acting as
thermal bimetal elements. Thus, a 10 um deflection could be achieved
with film thickness ~ 2 ym resulting in a 12V threshold voltage to switch
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Fig. 3.6. (a) Schematic drawing and (b) SEM micrograph of a NCD/single crystal
diamond heterostructure diode [76].
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Fig. 3.7. IV characteristics of a diode with 120 um diameter at 1050°C [76].

between two stable positions. The first hybrid structure based on NCD
as a RF switch was fabricated recently [77]. Figure 3.8 shows the princi-
ple of device structure and hybrid integration of NCD actuator and base
plate. NCD actuator is fixed on AlyO3 substrate including aninterrupted
co-planar waveguide. The actuator is fixed in the center of the waveguide,
and moves upwards and downwards during operation between two stable
positions. In the down-state position, the microbridge acts as signal con-
tact connecting the segments of the line. Numerical simulations show that
the diamond-based actuator and base plant can deliver large forces in the
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Fig. 3.8. Principle of device structure and hybrid integration of diamond actuator and
base plate. Here the microtool acts as signal contact to close the break of a coplanar
waveguide on a low loss AlpOg-substrate [77].

range of hundred uN. Therefore, this NCD actuator could also be used for
numerous purposes such as microsqueezer, micropunch or microanvil.

3.2. Electrochemistry Applications of NCD Films
3.2.1. History of the Electrochemistry of Diamond Films

Diamond was first reported for electrochemical applications by Iwaki et al.
[78]. Conducting diamond were obtained by ion implantation of natural dia-
mond with argon and zinc. With the development of CVD technology, CVD
diamond electrodes have been widely used in electrochemistry. Pleskov et al.
[79] and coworkers first extensively studied the electrochemical properties of
diamond electrodes. The diamond electrodes grown by CVD were normally
undoped, but had sufficient conductivity by using specific growth conditions
during deposition to introduce defects in diamond films for electrochemi-
cal measurements. Moreover, boron-doped diamond electrodes have been
studied by Swain [80, 81] and coworkers. Diamond electrodes exhibit low
capacitance and featureless background current which are highly desirable
for electroanalytical and sensor applications.
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3.2.2. Basic Diamond Properties in Electrochemistry

The electrochemical response of diamond electrodes is determined by the
nature of the diamond film as well as the surface termination of diamond.
The chemical inertness of diamond is remarkable compared to that of other
electrode materials. However, the diamond electrodes are not completely
electrochemically inert. The electrode surface can change from hydrophobic
to hydrophilic and chemically-bound oxygen is found on a diamond surface
after anodic polarization [82, 83]. Furthermore, cyclic voltammetry shows
that polycrystalline diamond has a redox couple at 1.7V versus standard
hydrogen electrode (SHE) whereas single crystal diamond does not [82].
As-deposited diamond electrodes that have been cooled down in a
hydrogen-rich environment are terminated with hydrogen. These hydrogen
terminated surfaces result in a wide potential range, which is illustrated in
Fig. 3.9. Note that various types of electrodes have been evaluated. A wide
potential range has been obtained for high quality diamond. Low qual-
ity diamond electrodes have a potential window similar to glass carbon
and graphite. With this wide “window”, other electrochemical reactions
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Potential vs. SHE (W) Potential vs. SHE (V)

Fig. 3.9. Cyclic voltammograms for diamond electrodes in 0.5 M HoSO4. Scan rate was
200 mV /s; reference electrode was Pt/Hz. (a) High quality diamond at mA /cm? current
densities; (b) low quality diamond at mA/cm2 current densities, expanded view for
low quality diamond for potentials +0.5 to +2.0V (inset); (c) high quality diamond at
A /em? current densities; and (d) low quality diamond mA /cm2 current densities [83].
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can be observed which makes diamond electrodes attractive for sensor
applications [83].

Most of the previous electrochemical applications of diamond use boron-
doped diamond electrodes. The electrical conductivity induced by boron has
been widely studied and its reviews can be found elsewhere [84]. During
deposition diamond changes its nature from a dielectric, to a wide gap
semiconductor and finally a quasimetal when boron is doped to diamond
electrodes. Thus, it is possible to tune the electrical properties of diamond
by changing the doping concentrations. It has been observed that as the
doping levels are increased, the potential window of water stability decreases
and the crystalline quality decreases [85]. Nitrogen and phosphorus are two
deep donors to make the diamond n-type. Recently, sulfur has been reported
to produce n-type diamond. Eaton et al. [86] have doped diamond with
sulfur and small quantities of boron to produce diamond electrodes with
n-type conductivity in the near surface region.

The electrochemical properties of nanocrystalline diamond were first
investigated by Fausett et al. [87]. The electrochemical activity of the NCD
electrodes was probed using Fe(CN)g3/74, Ru(NH3)*2/*3, methyl viologen
and 4-tert-butylcatechol. It was suggested by Fausett that the advantages
of using NCD electrodes in electrochemistry compared to microcrystalline
diamond included: (1) the ability to deposit continuous films at nanometer
thicknesses rather than micrometer thicknesses leading to time and cost sav-
ings, (2) easier coating of irregular geometry substrates like fibers and high
surface area meshes, and (3) different film morphologies and characteristic
electronic properties might lead to unique electrochemical behaviors [87].

3.2.3. Basic Principles of Electrochemical Measurements

The electrochemical measurement involves the measurement of an electrical
signal (e.g. potential, current or charge) associated with the oxidation or
reduction of a redox analyte dissolved in solution, and relating this signal
to the analyte concentration [88]. Diamond electrodes possess a number
of unique electrochemical properties compared to other sp?-bonded car-
bon electrodes, including linear dynamic range, limit of quantitation, fast
response time and response stability.

Figure 3.10 shows the design of a typical cell used for electrochemical
measurements [89]. The three-neck cell is constructed of glass. Three elec-
trodes, diamond working electrode, counter electrode (Pt) and reference
electrode (Ag/AgCl), are clamped to the bottom of the glass cell. Diamond
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Fig. 3.10. Diagram of the single-compartment, glass electrochemical cell used. (a) Cu
or Al metal current collecting plate, (b) diamond film electrode, (c) Viton O-ring seal,
(d) input for nitrogen purge gas, (e) carbon rod or Pt counter electrode, and (f) reference
electrode inside a glass capillary tube with a cracked tip [89].

film is placed on the bottom of the cell and ohmic contact is made on the
back side of the substrate for measurement.

3.2.4. Electrochemical Properties of NCD

Boron-doped diamond exhibits very low background current density and a
wide working window in voltammetric and amperometric measurements.
The comparison of nanocrystalline diamond has been studied, and it
appears that NCD films deposited from Cgp/Ar gas mixture have basic
electrochemical properties similar to boron-doped microcrystalline dia-
mond films. Low voltammetric background current (one order of magni-
tude lower than glassy carbon), a wide working potential window (3V) and
a high degree of electrochemical activity for several redox systems have
been obtained. Figure 3.11 shows cyclic voltammetric i—F curves for a
NCD film and a boron doped MCD film. Figure 3.11(a) shows voltammo-
grams for NCD and MCD films between —0.5 and 1.0V (versus SCE). The
curve of NCD film is basically featureless within this potential window.
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Fig. 3.11. Cyclic voltammetric i—E curves for a nanocrystalline diamond film deposited
from a 1% Ceo/Ar gas mixture and a boron-doped microcrystalline diamond film
deposited from a 0.3% CHy4/H2 gas mixture over (A) a potential range from —0.5 to
1.0V (versus SCE) and (B) a potential range from —1.6 to 2.0V (versus SCE). The elec-
trolyte was 1M H2SO4 and the potential sweep rate for (A) was 50 mV/s and 25 mV/s
for (B) [87].

Figure 3.11(b) shows voltammograms for NCD and MCD films between
—1.6 and 2.0V (versus SCE). The response shows a large anodic peak at
1.5V and a smaller cathodic peak at 0.4V. The anodic peak at 1.5V is
likely due to redox-active carbon in the grain boundaries. A similar peak
has been observed in MCD films previously and been attributed to the
presence of reactive sp>-bonded grain boundary carbon [87].

Further experiments have been carried out for NCD films in different
redox analytes. Figure 3.12 shows cyclic voltammetric i—E curves for (A)
0.1mM Fe(CN); ¥~ (B) 0.1 mM Ru(NHs)¢ ™, (C) 0.1 mM methyl vio-
logen, and (D) 0.1 mM 4-tert-butylcatechol at the nanocrystalline diamond
film. The active responses have been observed for all these analytes without
any doping or surface treatment for NCD films.

Nitrogen-doped electrically conductive NCD films has been obtained
by adding N3 gas to Ar/CH,4 during deposition. The film deposited form
Ar/Ny/CH,4 mixtures are a little rougher morphologically with an average
cluster size of 150nm. These kinds of NCD films also possess good elec-
trochemical activity without any conventional pretreatment. They exhibit
semimetal-like electronic properties over a wide potential range from at least
0.5 to —1.5V versus SCE, shown in Fig. 3.13. It is clear that the responses
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Fig. 3.12. Cyclic voltammetric i—E curves for (A) 0.1 mM Fe(CN)g 3/—4 , (B) 0.1mM

Ru(NHs )+2/+3 (C) 0.1 mM methyl viologen, and (D) 0.1 mM 4-tert-butylcatechol at
the nanocrystalline diamond deposited from a 1% Cgo/Ar gas mixture. The analyte

concentrations were all 0.1 mM and the electrolyte was 1 M KCl. Potential sweep rate:
50mV/s [87].
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Fig. 3.13. Cyclic voltammetric i—E curves for nanocrystalline diamond thin films
deposited from 1% CH4 /1% N2/98% Ar, 1% CHa4 /2% N2 /97% Ar, 1% CHa/4% N2 /95%
Ar and 1% CH4/5% N2/94% Ar. Electrolyte: 1 M KCl. Scan rate: 0.1V /s [59].

of the electrodes are independent of the level of nitrogen doping. For all
the films the background currents are mostly featureless within this poten-
tial range. Generally, disordered carbon electrodes exhibit oxidation and
reduction peaks between —200 and 500 mV due to the formation of carbon—
oxygen functionalities. But only very small anodic and cathodic peaks can
be observed for NCD films. It is suggested that the low background cur-
rent of diamond is attributed to two factors: a reduced pseudocapacitance
from the absence of redox-active and/or ionizable surface carbon—oxygen
functional groups, and a slightly lower internal-charge carrier concentra-
tion, due to the semimetal-like electronic properties [84]. Wide potential
working windows have also been obtained for nitrogen-doped NCD films: 0,
2, 4, 5% N3 doped films have working potential windows of 4.27, 4.05, 3.85,
and 3.87V [59], respectively. These windows are 1V greater than what is
usually observed for glassy carbon.

Boron-doped nanocrystalline diamond have also been successfully
obtained by Swain [84]. The boron-doped NCD films consist of clusters
of diamond grains around 100nm in diameter and surface roughness of
34nm [90]. The electrical conductivities of nitrogen doped NCD films are
dominated by the high fraction of sp? bonded grain boundaries. However,
the electrical properties of boron-doped NCD films are dominated by the
charge carriers. Good electrochemical properties have been observed for
these boron-doped samples. A large potential window of around 3.1V has
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been observed for both types of nitrogen- and boron-doped films for cyclic
voltammetric i—FE curves in 1 M KCIl. Well-defined symmetric curves are
observed with peak separations of 65 and 73 mV. This low separation value
indicates relatively rapid response of diamond electrodes [89].

3.2.5. Electroanalytical Applications

Nanocrystalline diamond provides a new type of electrochemical electrodes
with fast responsiveness, low background current, wide working potential
window and stability for a wide range of applications. The following are
some examples of functionalization of NCD films based on electrochemical
techniques.

Wang and Carlise [91] have developed a method to covalent immobilize
the glucose oxidase on conducting ultrananocrystalline diamond thin films
for glucose detection. Electrochemical glucose detection is based on the
enzyme glucose oxidase. A side product of the reactions between glucose
oxidase and glucose is hydrogen peroxide (H302), whose electroactivity
can be used to obtain a measurable current signal. Glucose oxidase was
attached to the NCD surface via tethered aminophenyl functional moieties
that were previously grafted to NCD surface by electrochemical reduction
of aryl diazonium salt. Figure 3.14 shows a schematic drawing of covalent
immobilization of glucose oxidase on diamond surface.

The functionalization of NCD film was monitored by XPS measure-
ments of C (1s), O (Is) and N (1s) core level spectra shown in Fig. 3.15.
The as-grown NCD film showed noticeable O (1s) signal due to chemisorp-
tion of oxygen or water left on the NCD surface. No N (1s) signals could
be observed. After surface functionalization with aminophenyl groups, an
intense O (1s) signal (O/C ration about 18.4%) was observed which arise
from the tethered carboxyl group. Enhanced N (1s) signal was observed

OH OH OH
O o
NO, o 0 =0 =0
2 Hi F H

MO, MO, MO, NHy  NHy  NH, o HYOHY HI
? <) <J <J [j <j <} <] €0,
Ha +BH". 68 Sulfo-NHS
EEET. e ] —— o [ ———
te OMF GOx

Fig. 3.14. Schematic drawing of covalent immobilization of glucose oxidase on diamond
surface [91].
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Fig. 3.15. XPS spectra for (a) bare, (b) succinic acid modified, and (c¢) glucose oxidase
modified UNCD thin films [91].

after the succinic acid modification with glucose oxidase due to the suc-
cessful attachment of protein molecules onto NCD surface.

Figure 3.16 shows the linear sweep voltammograms recorded in 0.1 M
phosphate buffer solution (PBS) with and without the presence of glucose
(1I0mM). A significant increase of anodic peak in the presence of glucose
can be observed, corresponding to the anodic oxidation of hydrogen per-
oxide released from enzyme—glucose oxidation reaction. Oxidation current
density at 1.1V is plotted as a function of glucose concentration. Low detec-
tion limit about 0.1 mM and linear response of glucose concentration have
been achieved due to the low background current characteristic of NCD
electrodes.

Compared with surface oxidation approach in which oxygen functionali-
ties are introduced to diamond surface, the electrochemical approach causes
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Fig. 3.16. Linear sweep voltammograms for a glucose oxidase modified UNCD electrode
in oxygen-saturated 0.1 M PBS solution (pH =7.2) with (solid line) and without (dashed
line) the presence of 10mM glucose. Scan rate =50mV/s. The inset shows the plot

of the anodic oxidation current density recorded at 1.1V versus the concentration of
glucose [91].

less damage to diamond surface and results in more stable C—C linkage at
the interface, providing better detection limit and reproducibility.

3.3. Biomedical Applications of NCD Films

Diamond is known as a biocompatible material which is a good candidate
as a biointerface with soft materials for biomedical applications. However,
NCD biomedical applications require control of its surface properties such
as surface chemistry, wettability, optical properties, etc. The surface mod-
ification of synthetic diamond has been investigated by several methods:
(1) direct chemical functionalization of hydrogen-terminated surface [93];
(2) generation of oxygen-containing surface functionalities [94]; (3) electro-
chemical modification of NCD surface by functional groups [92].

The first DNA modification of NCD thin film was reported by Yang
et al. [93]. A photochemical modification scheme is shown in Fig. 3.17.
In order to chemically modify clean, H-terminated NCD surfaces grown
on silicon substrates, the H-terminated substrates were photochemically
reacted with a long-chain w unsaturated amine, 10-aminodec-1-ene, that
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Fig. 3.17. Sequential steps in DNA attachment to diamond thin films [93].
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has been protected with the trifluoroacetamide functional group (TFAAD),
producing a homogeneous layer of amine groups for DNA attachment.
The protected amine was then de-protected, leaving behind a primary
amine [Fig. 3.17(c)]. The primary amine was reacted with a heterobifunc-
tional crosslinker sulphosuccinimidyl-4-(N-maleimidomethyl) cyclohexane-
1-carboxylate (SSMCC) and finally reacted with thiol-modified DNA
[Fig. 3.17(d)] to produce the DNA-modified diamond surface [Fig. 3.17(e)].
Hybridization reactions with fluorescently tagged compelementary and non-
complementary oligonucleotides showed good selectivity of NDA-modified
NCD films with matched and mismatched sequences. Comparison of NCD
with other substrates including gold, silicon, glass, and glassy carbon
showed that diamond surfaces exhibited extremely good stability, and
without loss of selectivity (Fig. 3.18). No decrease in intensity from a com-
plementary sequence, and no increased background after exposure to a non-
complementary sequence has been found by the end of 30-cycle stability
test [93].

Not only DNA but other proteins have been covalently attached to NCD
films by chemical functionalization [95]. H-terminated NCD films were mod-
ified by using a photochemical process and green fluorescent protein was
covalently attached. A direct electron transfer between the enzyme’s redox
center and the diamond electrode was detected. An enzyme-based amper-
ometric biosensor was fabricated by functionalizing the surface of a NCD
film with the enzyme catalase (from bovine liver). The device was fabricated
on top of the hydrogenated NCD film. Two small Ti/Au coated contacts
were oxidized on top of the diamond surface. The contacts and the hydro-
genated area in between were isolated from the rest of the sample surface
by second oxidation step. Then another layer of gold was evaporated to
establish good electrical contact between the hydrogenated area and the
contacts. A schematic drawing of the device is shown in Fig. 3.19. The
sample was then functionalized by a serious biofunctionalization process.
Detailed functionalization steps can be found in the paper published by
Hartl et al. [95]. They have demonstrated that biomolecules can be cova-
lently immobilized on NCD surfaces and these immobilized biomolecules
retain their functionality, shown in Fig. 3.20. The strong C-C covalent
bond at the diamond/biolayer interface provides an important advantage
over normally used metal electrodes such as gold.

Yang and Hamers [96] have reported the fabrication and characteri-
zation of a biologically sensitive field-effect transitor (Bio-FET) using a
NCD thin film. Biomolecular recognition capability was provided by linking
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Fig. 3.18. Stability of DNA-modified NCD and other materials during 30 successive
cycles of hybridization and denaturation [93].

human immunoglobulin G (IgG) to the diamond surface. The biomolecular
recognition and specificity characteristics were tested using two different
antibodies anti IgM and anti IgG. The results showed that the bio-FET
device responded only to the anti-IgG antibody. The chemical function-
alization process is shown in Fig. 3.21(a) and a schematic illustration of
diamond bio-FET device is shown in Fig. 3.21(b). The diamond surfaces
were first terminated with hydrogen in a radio frequency plasma system. An
organic protection monolayer film was covalently linked (step 1) to the sur-
face via photoexcitation at 254 nm. De-protection in 0.36 M HCl/methanol
(step 2) flowed by reaction with 3% solution of glutaraldehyde in a sodium
cyanoborohydride coupling buffer for 2 h (step 3) then produced a diamond
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Fig. 3.19. Schematic drawing of a biofunctionalized NCD-based bio sensor [95].
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Fig. 3.20. Cyclic voltammograms of an untreated NCD electrode (black) and a catalase-
modified NCD electrode (red), measured in pure phosphate buffer. The inset shows
a schematic view of the functionalized electrode, illustrating direct electron transfer
between the diamond electrode and the haem group of the catalase [95].
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Fig. 3.21. (a) Overview of the chemistry for linking human IgG to diamond surfaces.
(b) Schematic illustration of diamond Bio-FET [96].

surface with some exposed aldehyde groups. Gold was then sputtered on the
diamond surfaces to form ohmic source and drain contacts. The metal chan-
nel was coved with epoxy to insulate them from the solution. The modified
diamond surfaces were immersed in human immunoglobulin G (IgG) solu-
tion for 8h (step 4) which binds the IgG to the surface. The top electrodes
were finally deposited by sputtering a thin Pt layer. The results show that
the modification of diamond surface with IgG yields the ability to selec-
tively recognize and detect the corresponding anti IgG. The sensitivity of
the sensor is estimated to be ~7 ug/ml of anti IgG [96].

Lu et al. [97] reported a newly developed DNA-modified diamond sur-
face that showed excellent chemical stability compared to modified gold and
silicon surfaces using similar chemical attachment under high temperature
(60°C). Detection sensitivity was improved by a factor of ~100 by replacing
the DNA-modified gold surface with a more stable DNA-modified diamond
surface. Experiments by Remes et al. [98] demonstrated the aminofunc-
tionalization of NCD diamond surface in RF plasma of vaporized silane
coupling agent n-(6-aminohexyl) aminopropyl trimethoxysilane. NCD films
were grown on low alkaline glass substrates at lower temperatures below
700°C. Surface functionalization was performed for times ranging from 3
to 180min in two RF reactors with a standard excitation frequency of
13.56 MHz. It was found that low temperature and low RF plasma power
were two key factors in successfully functionalizing the NCD film. Uniform
coverage with a high density of the primary amines have been achieved.
Adsorption and immobilization of cytochrome C on nanodiamonds have
been achieved by Huang and Chang [99]. The immobilization started with



266 Z. Xu and A. Kumar

carboxylation/oxidization of diamonds with strong acids, followed by coat-
ing the surfaces with poly-L-lysine (PL) for covalent attachment of proteins
using heterobifunctional cross-linkers. The functionalization was proved
with fluorescent labeling of the PL-coated diamonds by Alexa Fluor 488
and subsequent detection of the emission using a confocal fluorescence
microscope.

3.4. Field Emission Devices

Metal field emission diode and triode are the first developed field emission
devices [100-102]. However, these field emission devices have limited appli-
cations because of their high work functions and high turn-on electrics.
Furthermore, impurity adsorption on metal surfaces leads to instable cur-
rent and high turn-on voltage. Several approaches have been proposed,
such as Si and W emitters, although no significant improvement has been
achieved [103-105]. With the discovery of diamond negative electron affin-
ity (NEA) surfaces, diamond and related materials have attracted extensive
investigation of their electron field emission properties [54]. NEA means
that electrons can exit from conduction band edge into vacuum without
further energy barrier. A NEA occurs when the vacuum level lies below the
conduction band minimum at the semiconductor/vacuum interface. The
presence of a NEA for a semiconductor allows electrons in the conduction
band to be freely emitted into vacuum without a barrier. Experimental
results show that electron field emission from diamond or diamond-coated
surface yield large currents at low electric fields. The chemical inertness of
diamond allows diamond-based field emitters to work in a relatively low
vacuum compared to other materials. In addition, strong crystal structure
ensures the devices to be operated with long life. Furthermore, due to its
high electrical breakdown field and high thermal conductivity, diamond can
operate at high temperature or at high power. Thus, diamond emitters pos-
sess promising performances for potential applications, such as flat panel
displays or other field emission devices.

Wang et al. [106] were the first to report field emission from diamond
surfaces. Zhu et al. [107] demonstrated a correlation between the defect den-
sity present in undoped and p-type doped diamond films and the required
field for emission. It was proposed that defects in the film created sub-bands
just below the conduction band and facilitated the promotion of electrons
to the conduction band for subsequent emission. Although diamond has
negative electron affinity surface, it plays a minor role in enhancing the
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field emission in previous mentioned models for undoped or p-type doped
polycrystalline diamond films. All the electron emissions do not involve the
conduction band for these films [107]. However, n-type doping could solve
this problem. The electrons could be supplied to the diamond conduction
band via a low resistance ohmic contact and they would be emitted at
the NEA surfaces. From previous discussions, we know that n-type dop-
ing could be incorporated into nanocrystalline diamond films and made
n-type, which would result in a large number of researches on NCD-based
field devices.

Nitrogen has a high solubility in diamond and is found in both natural
and synthetic diamonds. Geis et al. [108] reported enhanced field emission
properties of nitrogen-doped single crystal doped diamond. Okano et al.
have reported threshold fields less than 1V/um for nitrogen-doped dia-
mond films [109]. Zhou et al. [110] studied the field emission properties
of nanocrystalline diamond prepared from Cgg precursors. Their results
showed that the field emission characteristics strongly depended on the
film’s microstructure which could be controlled by growth conditions. The
field emission properties were investigated by using a flat probe config-
uration apparatus shown in Fig. 3.22. A 1.8 mm diameter stainless steel
electrode was used as an anode. The gap between the anode (probe) and
the cathode (diamond) was controlled by a computer system through a
stepping motor. The emission data were collected and the emission current
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Fig. 3.22. Schematic diagram of the electron field emission test apparatus [110].
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was then plotted as a function of applied field at 0~3000V at various
gaps. The measurements were performed at ultrahigh vacuum environment
at ~107% Torr. NCD films were grown with Ar/Cgy gas mixtures with
additions of 2, 5, 10% Hs. It was found that emission properties improve
with successive hydrogen addition. They proposed that unlike single crystal
diamond, although electrons cannot be freely transported, nitrogen-doped
nanocrystalline diamond films contain sp?-bonded grain boundaries and
defects that may be sufficient to form a conduction channel to transport
electrons through the bulk to the surface. The microstructure analysis sug-
gested that film grown with 20% Hacontained highest density of lattice
defects, providing an alternative mechanism of transporting electrons to
the surface and enhancing the electron emission at the surface under a low
field [110].

Krauss et al. [111] have investigated the field emission properties of
UNCD film coated Si tips. The NCD were grown by CHy4-Ar plasma on
sharp single Si microtip emitters. Field emission results show that CND-
coated tips exhibit high emission current (60-100 pm/tip). The emission
turn-on voltage for diamond coated tips decreased dramatically compared
to uncoated Si tips. For uncoated Si tips, the threshold voltage was propor-
tional to the tip radius. For NCD-coated tips, the threshold voltage becomes
nearly independent of the diamond coating thickness, the tip radius and
the surface topography. A model which field emission occurs at the grain
boundaries of NCD has been proposed.

Subramanian et al. [112] have reported enhanced electron field emis-
sion properties of NCD tip array prepared from CHy/Hs/No gas mixtures.
NCD films grown by this protocol have grain sizes as small as ~5nm. The
improved field emission behavior was attributed to their better geometrical
shapes, increased sp?-bonded carbon content and high electrical conductiv-
ity by incorporation of nitrogen impurity in the diamond. The NCD field
emission cathode array was fabricated by FIB nanomold transfer technique
[113]. The fabrication procedures are illustrated in Fig. 3.23. N-type sili-
con was nanomolded by high precision milling using a focused ion beam,
where a focused beam of gallium ions is used to form arrays of high-respect
ratio conical cavities of controlled diameter and depth. The mold can also
be created by anisotropic etching of Si with KOH solution although the
aspect ratio of this method is relatively low. NCD films were then deposited
with CH4/Hs/No plasma on top of the mold followed by thick MCD layer
(~ 30 um) growth with conventional CHy/Hy plasma. A metal layer such
as Ti/Ni (1 pm) was deposited on diamond film followed by silicon etch-
ing using KOH solution to yield diamond nanotips with high aspect ratio.
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Fig. 3.23. Fabrication process of the nanodiamond vacuum field emission cathode by
the focused ion beam nanomold transfer technique [113].

Diamond thin film with
high aspect ratio nano-tips

. ~ I e
= s.a ky xee.dk™i sesa - Sl kv-.XS50. BK=1E

T i

Fig. 3.24. SEM micrographs of arrays of high aspect ratio diamond nanotips fabri-
cated using the FIB molds: (a) diamond nanotips with 1 ym space; (b) a single diamond
nanotip [113].
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Figure 3.24 shows the SEM micrographs of the nanotip array molds created
on a silicon substrate. The radius of curvature of the diamond nanotips is
about 25nm and the aspect ratio of the nanotips is found to be as high
as ~120.

The effect of gases on the field emission properties of NCD films has been
studied by Hajra et al. [114]. A significant reduction of turn-on voltage and
an increase in the emission current has been observed with the exposure
of hydrogen. Tips exposed to Ar and Ny showed less emission current at
pressure ~10~° Torr while the current reached its original value after the
chamber was pumped down to 8 x 10~1° Torr.

The field emission properties of NCD nanotip array cathode has
been studied by Subramanian et al. [112]. The conductivity measurements
at NCD emitter tip surface showed low electrical resistance ~2. The
CH4/H3/Ns nanotips exhibit significantly enhanced field emission char-
acteristics compared to undoped NCD films grown by CH,/Hs method.
A low threshold electric field of 1.6V/um and 10 uA emission current
at ~3.3V/um has been obtained for CHy/Hs /Ny film, whereas CH,/Ho
tip has a high turn-on field of 14V/um and 10 A emission current at
~23V/um. Figure 3.25 shows the I-J-E plot of the doped nanotips. A
high emission current of 19 mA at a low electric field of ~6V/um can be
observed from the plot. Note that the observed current is solely from field
emission phenomenon due to the linearity of the corresponding F-N plot
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Fig. 3.25. I-J-E behavior of the CH4/H2/N2-nanodiamond microtip array cathode,
demonstrating ~ 19mA/cm? at ~ 6V/um, current density being ~ 19mA /cm?; inset:
F-N plot with shallow slope [112].
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and the absence of reverse leakage. Current stability tests indicated that
over a time period of 30 min, nanotip showed stable emission current with
a fluctuation of ~4%.

3.5. Other Applications of NCD Films

NCD films have recently attracted considerable interest with their out-
standing properties. In addition, NCD in an amorphous carbon matrix can
be realized where diamond and matrix could be combined to a nanocom-
posite coating with improved properties [115, 116]. The NCD/a-C films
were deposited by using a CH4 /N2 gas mixture with a high methane con-
centration of 17%. The composite contains a mixture of sp?>-bonded car-
bon (20-30%) and sp3-bonded carbon. 10% hydrogen was found inside the
film which is bonded to sp3-bonded carbon atom. Four point Hall mea-
surements showed the NCD/a-C film is p-type conducting (p = 0.14 Qcm)
with a carrier concentration of p = 1.9 x 107 cm™2 and a Hall mobility
of 250cm?/Vs. This composite showed different electrical properties as
compared to the n-type NCD films grown from 1% CH4/N3/Ar plasma.
No growth mechanism has been proposed although high nitrogen content
within the film may play a role. The NCD/a-C film composite film showed
that good mechanical properties with hardness of 39.7 GPa and Young’s
modulus of 387 GPa. The tribological tests showed that the coefficient of
friction of the films is less than 0.1 after break-in period. The simulated
body fluid (SBF) test has shown that no hydroxyl apatite could be observed
after the film was exposed to the SBF, suggesting the NCD/a-C films are
bioinert.

Yang et al. [117] successfully deposited NCD films on quartz glass sub-
strate at a low temperature of 500°C. An optimal transmittance of 65%
in the visible light range was achieved with coating thickness of 1.0 um.
The Viker’s hardness tests showed hardness of the film was between 61 and
95 GPa. Thus, this NCD film could be used as a transparent protective
coating for optical components.

The outstanding tribological and mechanical properties make NCD film
a promising coating for cutting tools and inserts. Composites materials
and high silicon content aluminum alloys are extremely abrasive and corro-
sive which are difficult to be machined with conventional high speed steel
or tungsten carbide cutting tools. As a result, in order to machine these
kinds of materials, efficient and energy saving cutting tools are required
to reduce tool downtime, increase cutting productivity and improve the
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quality of the machined surface. Nanocrystalline diamond coating has been
developed to improve the performance of cemented carbide tools due to its
outstanding mechanical properties. Along with great wear resistance, the
advantages of NCD coating include high surface hardness, high thermal
conductivity, reduced friction, better corrosion protection, low coefficient
of friction and improved optical properties. Jian et al. [118] have developed
ultrafine diamond composite coatings on tungsten carbide. The mechanical
and tribological properties of the films have been studied. Low COF of the
film has been measured using pin on disk tests as 0.122, 0.143, 0165 for SiC
PRAMC, Cu-1, and Al-0 respectively.

Thermionic energy converters have been fabricated based on nitrogen-
doped NCD films by Koeck and coworkers [119, 120]. Thermionic energy
converters transfer thermal energy into more useful electrical energy. At
an elevated temperature, an electron emitter and a collector are separated
by a vacuum gap and a voltage is generated due to the temperature dif-
ference between the emitter and collector. The emission current density
J can be described in terms of the work function, the Richardson con-
stant A, the temperature and the Boltzmann constant. In order to obtain
high current, low work function materials such as tungsten and tungsten
impregnated with barium or thorium have been utilized earlier. However,
all the existing converters such as metallic electrodes require very high
temperatures, ~1900K, to provide sufficient emission current. With the
unique negative electron affinity property of diamond surfaces, a low tem-
perature thermionic electron emitter could be achieved. The vacuum level
is located below the conduction band so that the electron could be dis-
charged from the solid due to the absence of a surface barrier for emission.
The NEA surface could be induced by exposing diamond film to hydro-
gen plasma. Koeck and Nemanich [119] demonstrated that thermionic elec-
tron emission has been observed for nitrogen-doped NCD films at tem-
peratures less than 900K with relatively low working function ranging
from 1.5-1.9eV. Figure 3.26 shows that thermionic electron emission com-
mences at temperatures as low as ~520K and increases with temperature.
The thermionic emission from boron-doped NCD films has been character-
ized by Robinson et al. [121]. Hydrogen- and nitrophenyl-terminated NCD
films have been produced and characterized. Surface termination plays an
important role for thermionic emission and it was found that the hydro-
genated sample has a more homogeneous work function. Lowest work func-
tions measured for the hydrogen- and nitrophenyl-terminated films were
3.95 and 3.88eV, respectively. Sulfur-doped NCD films have been grown
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Fig. 3.26. Thermionic electron emission from a nitrogen-doped diamond film and fits

to the Richardson equation using three values of the Richardson constant, A [119].

and characterized at various emitter temperatures [122]. Electron emis-
sion from these films is non-uniform at room temperature. Enhanced field
emission with low work function ~1.7eV has been achieved at an elevated
temperature.

4. Conclusions

This chapter has reviewed the recent discovery of a new type of material
known as nanocrystalline diamond. Compared to conventional CVD dia-
mond growth from CH4/Hs plasma, the nanocrystalline diamond, rather
than of microcrystalline, is the result of new growth and nucleation mech-
anisms. The Cy dimmer, produced from carbon-containing noble plasmas,
is believed to be responsible for high secondary nucleation rates resulting
in small grains in the nanometer scale. By adjusting the hydrogen/noble
gas ratio, the continuous transition of diamond structure from micro- to
nanocrystalline has been achieved.

Extensive characterization studies have been carried out to ana-
lyze nanocrystalline diamond films. It has been demonstrated that
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nanocrystalline diamond films are nearly phase-pure diamond with 7-
bonded carbon present in grain boundaries. The effects of the grain bound-
aries on the mechanical, electrical and electrochemical properties of dia-
mond are enormous, especially for nitrogen-doped films. The properties of
nitrogen-doped nanocrystalline diamond films as well as their prospective
applications have been the focus of a variety of research. In this chapter,
we have extensively characterized the nitrogen-doped films to investigate
the effect of doping on the bonding structures and the grain boundaries.
Although tremendous tasks remain to be undertaken in order to develop n-
type diamond films that have properties comparable to p-type boron-doped
ones, increased research activities in different fields based on nitrogen-doped
diamond films have already begun, including electrochemical electrodes,
field emission devices, and biomedical sensors. Some of the other applica-
tions of nanocrystalline diamond films, such as MEMS devices and con-
formal coatings, have also been reviewed. In summary, the nanocrystalline
diamond, with its unique properties, is a rapidly developing area for both
fundamental research as well as potential nanotechnological applications.
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1. Introduction

Nanocomposite coatings represent a new generation of materials. Nanocom-
posite films are composed of at least two separate phases with nanocrystalline
and/or amorphous structure. The nanocomposite materials, due to (1) very
small (<10nm) size of grains from which they are composed and (2) a sig-
nificant role of boundary regions surrounding individual grains, behave in a
different manner compared to that of the conventional materials with grains
greater than 100 nm, and so they exhibit completely new properties. New
unique physical and functional properties of the nanocomposite films are a
main driving force stimulating a huge development of these materials [1-49].
This chapter reviews the state-of-the-art in the field of hard and superhard
nanocomposite films. At present, it is accepted that hard and superhard films
are films with hardness H > 20 GPa and H > 40 GPa, respectively.

2. Present State of Knowledge
At present, it is known that

1. There are two groups of hard and superhard nanocomposites:
(i) nc-MeN /hard phase and (ii) nc-MeN/soft phase.

2. Nanocrystalline and/or X-ray amorphous films are created in transition
regions between (i) the crystalline phase and the amorphous phase,
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(ii) two crystalline phases and/or (iii) two different crystallographic ori-
entations of grains of the same material.

3. There are huge differences in the microstructure of single- and two-phase
films; here nc- denotes the nanocrystalline phase and Me = Ti, Zr, Ta,
Mo, W, Cr, Al etc. are elements forming nitrides.

Using these findings a complete concept of nanocomposites with enhanced
hardness was developed [49]. This concept is based on the geometry
of nanostructured features, i.e. on the size of grains and the shape of
crystallites.

3. Enhanced Hardness
3.1. Origin of Enhanced Hardness

Main mechanisms responsible for the enhanced hardness H of hard films
are: (1) dislocation-dominated plastic deformation, (2) cohesion forces
between atoms, (3) nanostructure and (4) compressive macrostress o gener-
ated in the film during its formation. The magnitude of material hardness
H depends on the deformation processes dominating in a given range of
the size d of grains, see Fig. 3.1. There is a critical value of the grain size
de. =~ 10nm at which a maximum hardness Hy,,x can be achieved. A region
around Hp,,x corresponds to a continuous transition from the activity of

ENHANCED HARDNESS

due to nanostructure

J

intergranular processes intragranular processes
Hardness | * small scale sliding in the grain - " " *, " * dislocation nucleation and
boundaries B i motion

T

amorphous i nanocrystalline microcrystalline phase

0 dc~ 10 nm —>» grain size

Fig. 3.1. Schematic illustration of material hardness H versus size d of grains.
Adapted from [45,49].
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intragranular processes at d > d., dominated by the dislocation activity
and described by the Hall Petch law (H ~ d~'/2), to that of intergranular
processes at d < d., dominated by a small-scale sliding in grain bound-
aries. The high macrostress o in the film is detrimental and so it is usually
suppressed by proper control of the deposition parameters.

3.2. Formation of Nanocomposite Films

Nanocrystalline films are characterized by broad, low-intensity X-ray reflec-
tions. Such films are formed in the transition regions where the film struc-
ture (crystallinity) strongly changes. There are three groups of transitions:
(1) transition from the crystalline phase to the amorphous, (2) transition
between two phases of different materials and (3) transition between two
preferred orientations of grains of the same material, see Fig. 3.2.

3.3. Microstructure of Films Produced in Transition
Regions

3.3.1. Transition Region from Crystalline to Amorphous Phase

The transition from the crystalline phase to the amorphous occurs in the
case when the second element B added to the AN compound forms an
amorphous phase BNy in the A;_,;B;N film. The A;_,;B;N films with
B &~ Bj produced in the crystalline region (Fig. 3.2(a)) in front of the tran-
sition from the crystalline to the amorphous phase mostly exhibit a strong
preferred crystallographic orientation of grains. Such films have a colum-
nar microstructure and the columns perpendicular to the film/substrate

H enhancement H enhancement
film film
crystallinity . crystallinity
T crystalljn\ amorphous T crystalline Jamorphous |crystalline
0 B1 —> B 0 — N
at.% N ~ const. at.% B ~ const.

(@) (b)

Fig. 3.2. Schematic illustration of three transition regions of Aj_,B;N compounds.
(a) Transition region from crystalline to amorphous phase and (b) transition region
between two crystalline phases or two preferred crystallographic orientations of grains.
Reprinted from [45] with permission of Elsevier.
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DI
DD
DI

MDD

~

substrate 7/

Fig. 3.3. Schematic illustration of the columnar microstructure in the crystalline
A1_3zBzN film. The amount of B element in A;_;B;N film is relatively low (<10 at.%).

interface are composed of small grains oriented in one crystallographic direc-
tion, see Fig. 3.3. As an example we can give Zr(Ni)N, films analyzed in
detail in [50].

As the amount of B element in the A;_,B.N compound increases the
content of amorphous B, N, phase also increases. At first, the nanocompos-
ite with columnar microstructure (Fig. 3.3) is converted into an A;_,B,N
nanocomposite in which every A;_;N;_, nanograin is surrounded by a thin
(~1-2ML) tissue B,N, phase (Fig. 3.4(a)); here ML is the monolayer. A
further increase of the content of a-B;N, phase results in the formation of
a nanocomposite in which the nanograins are embedded in the amorphous
BN, matrix (Fig. 3.4(b)); a- denotes the amorphous phase. The separa-
tion distance w between the nanograins (Fig. 3.4(b)) increases and their
number decreases with increasing amount of B element in the film up to
the formation of a pure amorphous BN phase (Fig. 3.4(c)).

Nanograins surrounded Nanograins
with tissue phase in matrix

Amorphous phase

Amount of
2nd phase Low High Very high

(a) (b) (©

Fig. 3.4. Development of microstructure of films produced in the transition from crys-
talline to amorphous phase with increasing amount of B element in A;_;B;N film.
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Experiments show that both films with columnar microstructure and
those composed of nanograins surrounded by a tissue phase exhibit the
enhanced hardness H. To produce films with these microstructures only
a relatively low (<10 at.%) amount of B element is sufficient. This is a
reason why the nanocomposites of the type nc-MeN/a-SisNy exhibit the
enhanced H only in the case when the amount of Si in the nanocomposite is
<10 at.%.

3.3.2. Transition Between Two Preferred Crystallographic
Orientations of Grains or Two Crystalline Phases

The transition between two preferred crystallographic orientations of grains
or two crystalline phases can be easily formed in reactive magnetron sput-
tering of A(B)N, and A;_,B.N nitrides. As an example, Fig. 3.5 dis-
plays the structure evolution of Ti(Fe)N, films reactively sputtered from a
TiFe(90/10 at.%) target in Ar + Ny mixture with increasing partial pres-
sure of nitrogen, pn2. This figure clearly shows the transition region between
TiN(200) and TiN(220) preferred orientation of grains. Similar transitions
between two preferred orientations of grains have also been created in reac-
tive sputtering of other A(B)N,, films when the partial pressure of nitrogen,
pNe, increases [50]. If the magnetron discharge is sufficiently strong, two
transitions may be created; for details see the reference [51].

The films produced inside the transition region between the preferred
crystallographic orientations of grains exhibit an X-ray amorphous struc-
ture. This is a reason why the microstructure of A(B)N, films produced
inside the transition region between two preferred crystallographic orienta-
tions of grains or two crystalline phases A(B)N, and B(A)N,, e.g. in the
system Ti;_,Al,N, is different from that of the nanocomposite films pro-
duced inside the transition from crystalline to amorphous phase. The films
formed inside the transition region between two preferred crystallographic
orientations of grains exhibit a dense globular microstructure and are com-
posed of a mixture of small grains of different crystallographic orientations.
Also, these films exhibit the enhanced H, see Fig. 3.5; more details are given
in [50, 51]. This means that a mixture of small grains of the same material
but different crystallographic orientation is another microstructure which
results in the enhanced hardness H of nanocomposite films. This finding
is of great importance because it can explain the enhanced hardness, H,
in single phase composite films. Further experiments are, however, neces-
sary to be carried out to demonstrate the validity of the last statement.
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Fig. 3.5. Evolution of XRD patterns from the reactively sputtered Ti(Fe)N films with
increasing partial pressure of nitrogen, pna.
Adapted from [51] with permission of Elsevier.

Particularly, a possibility of the segregation of element B from the nitride
of solid solution A(B)N, must be investigated in detail.

On the contrary, the A(B)N, films produced near edges (outside) of
the transition region between two preferred crystallographic orientations of
grains are characterized by strong X-ray reflections. Experiments show that
also these films exhibit columnar microstructure. Similarly as in the case of
the transition from crystalline to amorphous phase, these films with colum-
nar microstructure also exhibit the enhanced H. The existence of columnar
microstructure in the films with strong preferred crystallographic orien-
tation of grains was already demonstrated experimentally [50, 52-55]. A
schematic illustration of the microstructure of A(B)N,, films with enhanced
hardness, characterized by an X-ray amorphous structure (inside transition)
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columnar microstructure with globular microstructure with columnar microstructure with
(200) preferred orientation nanograins of different orientation (220) preferred orientation
of nanograins (X-ray amorphous structure) of nanograins

IP=252
.% l

m@@ﬁ

e
ﬂﬂ]ﬂ%ﬂﬂﬂﬂ

()

Fig. 3.6. Microstructure of A(B)N; film produced at edges [(a) and (c)] and inside (b)
transition region between two preferred crystallographic orientations of grains or two
crystalline phases.

and by a strong preferred crystallographic orientation (at edges and outside
transition), is given in Fig. 3.6.

3.3.3. FE-TEM of Cross-Section of Nanocomposite Films Based
on Nitrides

Many experiments performed to date have demonstrated that the nano-
structure of A(B)N, nitride films strongly depends on the amount of the
second B element in the nanocomposite film. If the amount of B element is
lower than its solulibility limit a nitride of solid solution A(B)N, is formed.
On the contrary, if the amount of B element exceeds its solulibility limit
the excess of B in the compound can segregate to grain boundaries and a
two-phase nanocomposite is formed.

Therefore, the microstructure of the nanocomposite film also depends
on the amount of B element incorporated in it. If B content is lower than its
solulibility limit a dense film is formed. On the contrary, if B content exceeds
its solulibility limit and further increases gradually cluster-like, plate-like
and columnar microstructures should be formed, see Fig. 3.7.

The development of the microstructure of A(B)N, films with increas-
ing content of B element schematically shown in Fig. 3.7 has been observed
experimentally, see Fig. 3.8. This figure displays the evolution of the micro-
structure of Zr(Ni)N, films reactively sputtered from ZrNi(90/10at.%)
target in a mixture of Ar + No with increasing content of Ni. The obtained
experimental results are in a good agreement with the model schemati-
cally shown in Fig. 3.7. Selected area electron diffraction (SAED) patterns
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Content of element B

zero small lower high

featureless, dense cluster-like plate-like columnar

Fig. 3.7. Schematic illustration of microstructure evolution in A(B)N; film with increas-
ing content of element B.

2.9 at. % Ni 3.4 at. % Ni 4.4 at. % Ni

cluster-like plate-like columnar

(@

Fig. 3.8. Effect of Ni content on the microstructure of Zr(Ni)N, films. (a) globular
microstructure at 2.9 at.% Ni, (b) plate-like microstructure at 3.4 at.% Ni and (c) colum-
nar microstructure at 4.4 at.% Ni.

Adapted from [50].

from these Zr(Ni)N, films clearly show how the film microstructure influ-
ences the crystallographic orientation of its grains. A random orientation
of nanograins observed in the films with cluster-like microstructure changes
relatively rapidly into a preferred crystallographic orientation of grains in
the films with columnar microstructure with increasing Ni content. For
more details on the microstructure of Zr(Ni)N, films see [50].
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Zr(N)N, films with globular microstructure were produced inside the
transition between two preferred crystallographic orientations of grains and
exhibit enhanced hardness H =~ 29 GPa [50].

3.4. Microstructure of Nanocomposites with Enhanced
Hardness

Nanocomposites with enhanced H can exhibit different nanostructures.
The analysis given above shows that there are at least three types of
microstructure which results in the enhanced H of nanocomposite films: (1)
columnar, (2) nanograins surrounded by very thin (~1-2ML) tissue phase
and (3) mixture of nanograins of different crystallographic orientation, see
Fig. 3.9; here ML is the monolayer. According to the film nanostructure,
the nanocomposites with enhanced H can be divided into three groups:

1. The nanocomposites with a columnar nanostructure composed of the
grains assembled in nanocolumns; there is insufficient amount of the
second (tissue) phase to cover all grains, Fig. 3.9(a).

2. The nanocomposites with a dense globular nanostructure composed of
nanograins fully surrounded by tissue phase, Fig. 3.9(b).

3. The nanocomposites with a dense globular nanostructure composed of
nanograins of different materials (two-phase materials) or nanograins
of different crystallographic orientations and/or lattice structure of the
same material (single-phase materials), Fig. 3.9(c).

nanocolumn nanograin tissue nanograins
phase

substrate
(a) (b) (©)

Fig. 3.9. Schematic illustration of different nanostructures of nanocomposites with
enhanced H. (a) columnar, (b) nanograins surrounded by tissue phase and (¢) mix-
ture of nanograins.

Reprinted from [45], with permission of Springer Science and Business Media.
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Columns in the film are perpendicular to the substrate/film interface.
The nanocomposites produced at crystalline edges of the transitions
(Figs. 3.2(a) and (b)) also exhibit the columnar nanostructure. The
nanocomposites composed of nanograins fully surrounded by tissue phase
are formed inside the transition from the crystalline to amorphous
(Fig. 3.2(a)). The nanocomposites composed of a mixture of small
nanograins of different material or nanograins of different crystallographic
orientation and/or lattice structure of the same material are formed inside
between two crystalline phases or two preferred crystallographic orienta-
tions of grains.

The classification given above was already confirmed experimentally, for
instance, see Fig. 3.8. It demonstrates that the origin of the enhanced H is
closely connected with the size and shape of the building blocks from which
the nanocomposite is composed. Based on this finding we can conclude that
both the geometry of building blocks and dimensions of grains are the key
factors which determine the new unique properties of nanocomposite films.

A very important issue is the finding that the enhanced hardness can
include films which are composed of a mixture of nanograins of the same
material but of different crystallographic orientations and/or different lat-
tice structures, Fig. 3.9(c). This nanostructure explains the enhanced hard-
ness of single-phase materials. The films with columnar nanostructure or
those composed of nanograins surrounded by tissue phase are two-phase
materials.

3.5. New Advanced Materials Composed of Nanocolumns

Many recent experiments clearly show that the materials composed of
nanocolumns perpendicular to the film/substrate interface exhibit not only
strongly anisotropic properties but also new unique properties. As an exam-
ple, we can introduce the enhancement of (1) the strength of materials or
(2) the photocalytic acitivity of materials due to the reduction of unwanted
electron scattering and recombination in more ordered columnar structures.
These effects are main reasons why the materials composed of nanocolumns
are expected to be new advanced materials in the very near future and why
they have been started to be intensively investigated in many labs.
Materials with nanocolumnar structure can be easily formed by reac-
tive magnetron sputtering. For instance, A(B)N,, nitride solutions with low
(<10 at.%) content of added B element, e.g. Ti(Fe)N,, exhibit nanocolum-
nar structure. Moreover, low (<10 at.%) content of the added element B
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should decrease the melting point 75, of A(B)N, compounds, i.e. the ratio
Ts/T,, will increase and consequently the macrostress o generated in the
film during its growth will decrease due to the thermal recovery [49]; here
T, is the substrate temperature during film deposition. This is another
advantage of these new materials which may realize new applications.

Here, it is worthwhile to note that also materials composed of nanotubes
belong to this new class of advanced materials. These materials offer further
unique properties.

4. Mechanical Properties of Nanocomposite Coatings

Mechanical properties of nanocomposite coatings are well characterized by
their hardness, Hy, effective Young’s modulus E} = Ey/(1— VJ%) and elastic
recovery We; here Ey is the Young’s modulus and vy is the Poisson’s ratio.
These quantities can be evaluated from loading/unloading curves measured
by a microhardness tester. Measured values of Hy and E;Z permit to calcu-
late the ratio H J‘j’ / E;Z2 which is proportional to the resistance of the material
to plastic deformation [56]. The likelihood of plastic deformation is reduced
in the materials with high hardness and low Young’s modulus E7%. In gen-
eral, a low Young’s modulus EY is desirable as it allows the given load to be
distributed over a wider area. All data given in this chapter were measured
in our labs using a microhardness tester Fischerscope H 100.

The dependencies Hy = f(E}), H;?/EJ’E2 = f(Hy) and W, = f(Hy)
are basic relations between mechanical properties of thin films [19, 34, 57)
because they determine the mechanical behavior of thin films. For selected
oxides, carbides and nitrides these dependences are displayed in Fig. 4.1.

As can be seen from Fig. 4.1(a) the dependence Hy = f(E%) can be
approximated by a straight line

H/[GPa] = 0.15E}[GPa] — 12. (4.1)

Similarly, the dependence H?/E;2 = f(Hy) given in Fig. 4.1(b) can be
approximated by a parabola:

H}/Ef? =43 x 107 *H}. (4.2)

Experimental points are quite well distributed along the lines defined by
Egs. (4.1) and (4.2). This finding seems to be of a fundamental impor-
tance for the prediction of mechanical behavior of the coating. At first, we
see that in all materials displayed in Fig. 4.1 there is a strong relation-
ship between Hy and E}. Hy almost linearly increases with increasing E7
(Fig. 4.1(a)). The scatter of experimental points around the straight line
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Fig. 4.1. The relationships between (a) H; and E} and (b) the ratio H;Z/E;i2 and
H?*% for selected oxides, carbides and nitrides prepared by magnetron sputtering under
different deposition conditions.

Reprinted from [58], with permission of Elsevier.

may be of different origin and needs a detailed investigation which is out
of the scope of this article. At second, Fig. 4.1 shows that it is possible
to control the mechanical behavior of the film, e.g. its resistance to plastic
deformation characterized by the ratio H ? / E}Q, because the material hard-
ness Hy is not exactly (1/10) £} but Hy < (1/10)E7 for E} < 240GPa
and Hy > (1/10)E% for E} > 240 GPa. This fact indicates that the general
relationships between Hy, E} and H}/E}? defined by Eqgs. (4.1) and (4.2)
could be used to predict the relation between the cracking of film and its
toughness. More details are given below in Sec. 6.

Another important characteristic of the material is its plastic deforma-
tion. The plastic deformation W), of different films as a function of their
hardness Hy and the ratio H}/E}?, i.e. W), = f(Hy) and W, = f(H}/E}?)
is given in Fig. 4.2. As expected W), decreases with increasing both Hy and
H :; / E}Q. The dependence of W), versus H ? / E}Z exhibits a smaller scatter of
experimental points. This is due to the fact that the ratio H ;j’ / E}‘2 already
expresses the combined action of Hy and E; of films on their mechanical
behavior. The hard films with Hy > 25 GPa exhibit relatively low plastic
deformation of approximately 30%.

In summary, it is necessary to note that the mechanical properties of
the nanocomposite coating strongly depend on (1) elements which form
individual phases, (2) kind and relative content of phases, (3) chemical
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Fig. 4.2. Plastic deformation (a) Wp = f(Hy) and (b) W) = f(H? /E';Q) of selected
oxides, carbides and nitrides prepared by magnetron sputtering under different deposition
conditions.

interaction between phases and (4) its microstructure. For details see, for
instance [19, 34, 57].

5. High Temperature Behavior of Hard Nanocomposites
5.1. Thermal Stability of Film Properties

As was already mentioned above, unique properties of the nanocompos-
ite films are due to their nanostructure. The nanostructure is, however,
a metastable phase. This means, if the temperature under which the film
is operated achieves or exceeds the crystallization temperature, T, the
material of the film starts to crystallize. It results in a destruction of its
nanostructure and in the formation of new crystalline phases. This is the
reason why the nanocomposite films lose their unique properties at tem-
peratures T > T¢,. Simply said, the crystallization 